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Symbols and abbreviations
Latin symbols
a

[mm]

Crack length

ai

[mm]

Instantaneous crack length

Δa

[mm]

Crack extension

Apl(i)

[J]

Instantaneous area under the load displacement curve

b

[mm]

Ligament length

bi

[mm]

Instantaneous ligament length

b*

[nm]

Burgers vector

B

[mm]

Thickness of the C(T) specimen

BN

[mm]

Net C(T) specimen thickness after side-grooving

C

[mm/N]

Compliance

CLL

[mm/N]

Compliance at the load line

Cx

[mm/N]

Compliance at the shifted location

d

[nm]

Size of the void initiating particle

deff

[nm]

Effective size of the particle in the C-L orientation

dHD

[nm]

Effective size of the particle in the HD region

dLD

[nm]

Effective size of the particle in the LD region

E

[GPa]

Elastic modulus

G

[GPa]

Shear modulus

GC

[kJ/m2]

Critical energy release rate value for linear elastic materials

J

[kJ/m2]

Energy release rate for elastic-plastic materials (J-integral)

Ji

[kJ/m2]

Instantaneous J-integral value

Jel(i)

[kJ/m2]

Elastic component of the instantaneous J-integral value

Jpl(i)

[kJ/m2]

Plastic component of the iinstantaneous J-integral value

JQ

[kJ/m2]

Interim fracture toughness value for elastic-plastic materials

JIC

[kJ/m2]

Mode I critical energy release rate value for elastic-plastic materials
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Symbols and abbreviations
KI

[MPa√m]

Mode I stress intensity factor for linear elastic materials

KIC

[MPa√m]

Mode I critical stress intensity factor for linear elastic materials

Ki

[MPa√m]

Instantaneous stress intensity factor

KJQ

[MPa√m]

Stress intensity factor corresponding to the J Q value

KJIC

[MPa√m]

Critical stress intensity factor corresponding to the JIC value

Kend

[MPa√m]

Stress intensity factor at the end of fatigue pre-cracking

l

[mm]

Mean void initiating particle spacing

leff

[mm]

Effective inter-particle spacing in the C-L orientation

lHD

[mm]

Effective inter-particle spacing in the HD region

lLD

[mm]

Effective inter-particle spacing in the LD region

P

[N]

Load

P(i)

[N]

Instantaneous Load

p

[-]

Fraction of particles encountered by the crack front

pHD

[-]

Fraction of particles in the HD region encountered by the crack front

pLD

[-]

Fraction of particles in the LD region encountered by the crack front

r

[-]

Rotation factor

T

[-]

Tearing modulus

w

[mm]

Width of the C(T) specimen

W

[J]

Work of adhesion or particle-matrix bond strength

x

[mm]

Distance of measuring point from the load line

α

[-]

alpha fibre texture {100} <110>

ΔLL

[mm]

Crack opening displacement at the load line

Δx

[mm]

Crack opening displacement at the shifted location

Δelastic

[mm]

Crack opening displacement in the elastic regime

Δplastic

[mm]

Crack opening displacement in the plastic regime

ε

[-]

Decohesion strain between particle and matrix

ε*f

[-]

Critical fracture strain

Greek symbols
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Symbols and abbreviations
γ

[-]

Gamma fibre texture {111} <110>

𝜗

[-]

Poisson’s ratio

φ2, φ1 and φ

[-]

Euler angles in the Euler space

σg

[MPa]

Hall-Petch strengthening

σd

[MPa]

Dislocation forest strengthening

σp

[MPa]

Nano-particle strengthening

σYS

[MPa]

Yield stress

σ0

[MPa]

Yield stress

σf

[MPa]

Critical stress for void nucleation

σc, σzz

[MPa]

Constraint induced stress

σyy

[MPa]

Stress along the loading direction

Abbreviations
AISI

American Iron and Steel Institute

ASTM

American Society for Testing and Materials

BCC

Body-centered cubic

CCD

Charged-coupled device

COD

Crack opening displacement

CSM

Centro Sviluppo Materiali

C(T)

Compact tension

DBTT

Ductile to brittle transition temperature

dpa

Displacements per atom

EBSD

Electron backscatter diffraction

EDS

Energy dispersive X-ray spectroscopy

FCC

Face-centered cubic

FEG

Field emission gun

FM

Ferritic Martensitic

FWHM

Full width half maximum

GAR

Grain aspect ratio

Gen- IV

Generation IV

VIII

Symbols and abbreviations
GFR

Gas-Cooled Fast Reactor System

GWd/t

Gigawatt-days/metric ton of heavy metal

HAADF

High-angle annular dark-field

HAGB

High-angle grain boundary

HD

High number density particle region

HE

Hot-extrusion

HIP

Hot iso-static pressing

HR

Hot-rolling

IPF

Inverse pole figure

IPF map

Inverse pole figure map

ITER

International thermonuclear experimental reactor

J-R curve

J resistance or J-integral versus crack growth curve

KIT

Karlsruhe Institute of Technology

LAGB

Low-angle grain boundary

LD

Low number density particle region

LFR

Lead-Cooled Fast Reactor System

MA

Mechanical alloying

MO

Misorientation

MSR

Molten Salt Reactor System

NFA

Nano-ferritic alloy

ODF

Orientation distribution function

ODS

Oxide dispersion strengthened

RAFMS

Reduced activated ferritic martensitic steel

R curve

Resistance curve

RT

Room temperature

SCWR

Supercritical-Water-Cooled Reactor System

SEM

Scanning electron microscope

SFR

Sodium-Cooled Fast Reactor System

S-Prism

Super-Power Reactor, Innovative, Small Module
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Symbols and abbreviations
SPS

Spark plasma sintering

SPT

Small punch test

STEM

Scanning transmission electron microscope

TEM

Transmission electron microscope

TMT

Thermo-mechanical treatment

UFG

Ultra-fine grain

USE

Upper shelf energy

VHTR

Very-High-Temperature Reactor System
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Abstract

Abstract
Oxide dispersion strengthened (ODS) steels are candidate materials for cladding tube and structural
components in Generation IV nuclear fission reactors and as candidate materials for structural components in fusion devices. Fracture toughness is an important parameter required for the structural
integrity and workability of a material. Despite having high strength at high temperatures and high
irradiation swelling resistance, ODS steels have been known to possess lower fracture toughness
than non-ODS ferritic martensitic steels, their immediate competitor. They also exhibit anisotropic
fracture behaviour, especially for the hot-rolled and hot-extruded variants. In addition, ODS steels
tend to form secondary cracks, which absorb energy but can lead to design problems.
In the present work, the microstructural features which cause low fracture toughness, anisotropic fracture behaviour and secondary cracking are investigated. This information can help manufacturers develop ODS steels with better fracture properties. Fracture toughness testing on three different batches
of ODS steels are performed using miniature fracture toughness C(T) specimens using the unloading
compliance method. The basic microstructure, fracture surfaces and crack propagation are investigated
using techniques such as SEM, TEM and EBSD and compared with the fracture behaviour. A quantitative assessment of the microstructural parameters affecting fracture toughness is made using a critical strain based fracture toughness expression.
It was observed that the low fracture toughness of ODS steels is predominantly affected by the bond
strength between the void initiating particle and the matrix. The size and inter-particle spacing of void
initiating particles along with the yield stress did not dominantly affect the fracture toughness. The
anisotropic fracture behaviour in ODS steels was found to be predominantly affected by the anisotropic grain morphology. Crystallographic anisotropy and anisotropy in void initiating particle distribution did not dominantly affect the fracture anisotropy. Secondary cracking favoured hot-rolled over
hot-extruded specimens due to higher degree of microstructural anisotropy. Secondary cracks could
stabilize primary crack propagation as well as prevent cleavage fracture at low temperatures. However,
the drawback with secondary cracks was that they initiated earlier or at lower loads than the primary
crack.
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Kurzfassung

Kurzfassung
Oxidverfestigte Stähle (ODS) sind als Hüllmaterial für Brennstäbe in Generation IV Kernreaktoren
und als Strukturmaterial in Fusionsreaktoren vorgesehen. Die Bruchzähigkeit ist ein wesentlicher Parameter für die Bewertung der strukturellen Integrität und die Bearbeitbarkeit. Ungeachtet einer guten
Festigkeit bei hohen Temperaturen und einer guten Beständigkeit gegenüber bestrahlungsinduziertem
Schwellen haben ODS-Stähle im Vergleich zu konventionellen martensitisch-ferritischen Cr-Stählen
eine niedrige Bruchzähigkeit. Sowohl gewalzte als auch warm stranggepresste ODS-Stähle zeigen ein
anisotropes Bruchverhalten. Zusätzlich treten Sekundärrisse auf, welche zu einem Versagen der Struktur führen können.
In der vorliegenden Arbeit werden die mikrostrukturellen Merkmale, welche für die niedrige Bruchzähigkeit verantwortlich sind, das anisotrope Bruchverhalten und das Auftreten von Sekundärrissen untersucht. Diese Informationen sind zur Verbesserung der Brucheigenschaften für Hersteller von ODSStählen von großer Bedeutung. Von drei ODS-Stählen wurden mit Miniatur-Kompaktzugproben
Risswiderstandskurven mit dem Teilentlastungsverfahren gemessen und daraus Bruchzähigkeiten nach
ASTM E1820 ermittelt. Die Mikrostruktur, die Bruchflächen und die Rissausbreitung wurden mit dem
Raster- und Transmissionselektronenmikroskop und Elektronenrückstreubeugung untersucht und das
Bruchverhalten charakterisiert. Eine quantitative Bewertung der die Bruchzähigkeit beeinflussenden
mikrostrukturellen Parameter wird mit einer auf der kritischen Dehnung basierenden Beziehung der
Bruchzähigkeit vorgenommen.
Es wurde beobachtet, dass die niedrige Bruchzähigkeit in erster Linie durch die Haftfestigkeit zwischen porenbildenden Teilchen und der Matrix bestimmt wird. Die Größe und der Abstand der
porenbildenden Teilchen haben zusammen mit der Fließfestigkeit keinen dominanten Einfluss auf die
Bruchzähigkeit. Es wurde festgestellt, dass das anisotrope Bruchverhalten der ODS-Stähle in erster
Linie durch die anisotrope Struktur der Körner hervorgerufen wird. Kristallographische Anisotropie
und Ausrichtung der Poren bildenden Teilchen haben keinen wesentlichen Einfluss auf das Bruchverhalten. Sekundärrisse treten durch den hohen Grad der Anisotropie bevorzugt bei warmgewalzten Material auf. Sie können das Wachsen des Hauptrisses und das Auftreten von Spaltbruch beeinflussen.
Sekundärrisse entstehen vor der Ausbreitung des Hauptrisses bei geringerer Belastung.
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1 Introduction
1.1 Background
Nuclear power plants are a well-established source of power production in the world, contributing
about 13% of the electrical power demand worldwide [1]. While nuclear fusion is still a work in progress, nuclear fission reactors have been functional for a long time.
In the beginning of this century, a group of nations started working together for the research and development of advanced nuclear fission reactors, called Generation IV or Gen-IV type reactors, which
would provide better sustainability, economics and safety [2]. In the nuclear fusion community, the
European Union along with seven other countries are working on the International thermonuclear experimental reactor (ITER), which aims to produce more energy than the energy needed to initiate the
fusion reaction. The materials used in such nuclear fission and fusion reactors would be exposed to
high neutron doses (100-200 dpa) and high temperatures (550 - 650 ˚C). Under such harsh environments, a material suitable for application must possess the following properties for a longer operational life:


High strength at high temperatures



High ductility (also at low temperatures)



Low activation



Less irradiation induced swelling



Less irradiation induced embrittlement



High creep resistance at high temperatures



High corrosion resistance at high temperatures



High fracture toughness over a vast temperature range

Austenitic stainless steels and ferritic martensitic steels were seen as candidate materials which could
satisfy the above mentioned properties. However they could not fulfil one or more of the properties
required for nuclear application. Therefore, the focus was shifted to the development of novel materials which could retain high strength at temperatures close to 650 ˚C and were also resistant towards
neutron irradiation induced effects.
Dispersion strengthening is a technique through which a material can be strengthened by introducing
dispersoids which block dislocation motion. A novel alloy with Fe and Cr as base elements was developed which is strengthened with the help of dispersed oxide particles such as Y2O3 in high number
density. These alloys came to be known as oxide dispersion strengthened (ODS) steels. They are typically manufactured by mechanical alloying the steel alloy powder with the Yttrium oxide powder followed by consolidation, hot-rolling, hot-extrusion and heat treatment.
1
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ODS steels find their application in furnace construction, glass industry, combustion of waste materials, thermocouple protection tubes, high temperature testing equipment and combustion chamber for
turbines [3]. In nuclear applications, ODS steels are candidate materials for making cladding tubes for
Gen-IV nuclear fission reactors such as sodium fast reactors [4] and also for structural components [2].
Cladding tubes are used to separate the fuel rods and the coolant in nuclear fission reactors, serving as
the first barrier against dissemination of fission products. Burn up, which is a measure of the energy
extracted from a primary nuclear fuel source, is to a large extent dependent on the life of the cladding
material [5].
ODS steels are also candidate materials for the blanket and the divertor section in fusion reactors [6].
The blanket in the fusion reactor engulfs the fusion confinement while the divertor removes the fusion
reaction ash (α- particles or Helium), unburned fuel, and eroded particles from the reactor. Two variants of ODS steels have been the most prolific: the ferritic/martensitic ODS steels with Cr content in
the range of 9-12 wt. % and the ferritic ODS steels with Cr content in the range of 12-20 wt. %. Ferritic ODS steels have higher corrosion resistance and do not go through any phase transformation at high
temperatures.

1.2 Motivation
ODS steels retain their strength up to 650 ˚C and are resistant against thermal creep and irradiation
swelling. However, they are known to possess poorer fracture toughness and ductility than ferritic
martensitic steels, their closest competitor for nuclear applications. Components made out of ODS
steels, such as cladding tubes, are also known to possess pronounced anisotropic properties owing to
production methods such as cold pilgering, hot-extrusion and hot-rolling. In addition, they also can
exhibit secondary cracking which absorb energy and retard primary crack propagation but can initiate
at lower loads than primary cracks thus posing design problems.
Fracture toughness is an important characteristic of a material which determines its structural integrity,
machinability/hot workability and the ability to absorb operational stresses arising from thermal and
mechanical loads. Fracture toughness testing provides a value which can be utilized directly for structural integrity assessment. The test works on the principle in which a sharp crack is loaded rather than
a notch which can be related to real components where sharp microcracks are inevitable. An acceptable limit of fracture toughness for ODS steels (KJQ ≥ 100 MPa√m) was defined by Byun et al. [7].
Fracture toughness is dependent on the microstructural features of the material, which can be deliberately tailored. The fracture surfaces give information about the dominating fracture mechanisms,
which depend on the microstructure and anisotropy of the material. Fracture toughness along with the
fracture mechanisms constitutes the fracture behaviour of a material.

2
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1.2.1 Problem definition
In the context of fracture behaviour of ferritic ODS steels, the three main areas on which this thesis is
focussed are:


Fracture toughness of non-irradiated material: ODS steels are generally known to exhibit inferior fracture properties as compared to ferritic martensitic non-ODS steels. Knowledge about
the microstructural parameters which affect the fracture toughness in the non-irradiated form can
help manufacturers to tailor ODS steels with better fracture toughness. The effect of irradiation on
fracture toughness is also interesting but is beyond the scope of this thesis.



Anisotropic fracture behaviour: The fracture mechanisms that lead to anisotropic fracture behaviour in ODS steels are interesting and have not been studied in great detail. These fracture
mechanisms arise from the microstructural anisotropy (grain morphology anisotropy, sub-micron
particle anisotropy and crystallographic anisotropy) which in turn is dependent on the composition of the material and the manufacturing method. A better understanding of the factors leading
to anisotropic fracture behaviour can lead to mitigation of fracture anisotropy or to introduce fracture anisotropy in a beneficial manner.



Secondary cracking: are often found in ODS steels and some non-ODS steels. They absorb energy but can lead to design problems due to their early initiation. Secondary cracking appears
more often in hot-rolled than in hot-extruded materials. The reason why secondary cracking favours materials manufactured through certain manufacturing processes and also favours materials
in certain orientations in not clear. This research focuses on answering these questions. The fracture mechanisms of secondary cracking are also discussed. Knowledge about factors affecting
secondary cracking and their mode of fracture allows the avoidance or utilization of them in certain orientations, where they can be beneficial.

1.3 Approach
Three different ferritic ODS steels in their non-irradiated form are used in this research. Two of the
three ODS steels possess the same chemical composition (13 wt. % Cr) and two were produced using
the same manufacturing technique (hot-extrusion). Two batches of 13 wt. % Cr ODS steels were manufactured in Karlsruhe Institute of Technology (KIT), Germany, one using hot-rolling and the other
using hot-extrusion. The third batch of ODS steel (14 wt. % Cr) was manufactured by Centro Sviluppo
Materiali (CSM), Italy using hot-extrusion.
In the results section, a detailed characterization of basic microstructure using optical, scanning electron, electron backscatter diffraction and transmission electron microscopy is presented for these three
materials. This is followed by tensile and fracture toughness test results obtained through miniature
specimen testing from room temperature (RT) up to 600 ˚C in different orientations. Primary crack
propagation was investigated using EBSD measurements on the side surfaces of C(T) specimens in
3
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different orientations after fracture toughness testing. The primary and secondary fracture surfaces of
C(T) specimens were then exposed and investigated using stereo and scanning electron microscope
after breaking them apart.
Fig. 1 shows a flowchart of the three ODS materials used in this research along with the focus areas
(described in 1.2.1) to which they predominantly contribute. These focus areas will be further explored
in the discussion section.

Fig. 1 Flowchart of the ODS steels together with the focus areas to which they contribute.


The microstructural factors affecting the fracture toughness are predominantly discussed by
comparing two hot-extruded ferritic ODS steels of different compositions. A quantitative assessment on the microstructural features playing a dominant role in inducing high and low fracture toughness is presented.



Fracture anisotropy is discussed by assessing the microstructural anisotropies in all the three
ODS steels. Hot-rolling and hot-extrusion are commonly used fabrications steps for manufacturing thin plates and rods of ODS steels respectively. A quantitative assessment based on the microstructural factors affecting the fracture anisotropy is presented.



Secondary cracking is discussed by comparing all the ODS steels. A comparison, along with
reasons for the extent of secondary cracking in hot-rolled and hot-extruded materials is made. The
fracture mechanisms of secondary cracking and its role in stabilization of the primary crack are
also discussed.
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2 State of the art
2.1 Nuclear fusion and fission
2.1.1 Nuclear fusion
The energy produced by the combination of two light nuclei was achieved in 1951and was tipped to be
the solution to the increasing energy demands of the world. Till now, however, no design has produced more fusion energy than the energy needed to initiate the reaction. This is the aim for ITER
which plans to begin its first plasma in seven years from now [8].
The core of the nuclear reactors is essentially a plasma, where the fuel (Deuterium and Tritium) reaches extremely high temperatures and fuses together to release energy and neutrons. These neutrons carry 80% of the energy and are captured by a thick blanket which engulfs the fusion confinement [6].
This blanket is made with the combination of various materials, such as Li to breed more tritium and
materials which can withstand high temperature, high neutron dose and erosion through sputtering.
The average temperature of a blanket is 500 °C. The divertor, on the other hand, is located at the bottom of the fusion confinement and keeps the plasma clean by removing He ash, unburnt fuel and eroded particles from the reactor. As the divertor receives the flow of all the plasma components, it has a
high heat flux. Temperatures of 1000 °C to 1500 °C have been observed in the divertor section. Materials which are suitable for the blanket or for the divertor section must be resistant against irradiation
induced degradation of mechanical properties and should possess sufficient creep strength up to high
temperatures.

2.1.2 Nuclear fission
Nuclear fission occurs when heavy nuclei such as uranium 235 split up after being bombarded with
neutrons to produce lighter nuclei, energy and more neutrons. A coolant is used to harness this energy
and drive a turbine. A clad or a cladding tube is a component of the nuclear fission reactor, which is
used to protect the fuel from the environmental exposure to coolant. The cladding tube should have a
low cross-section for the capture of neutrons, which are essential for the sustainability of the fission
reaction. Zirconium alloys were often used as cladding material as it has very low absorption crosssection of thermal neutrons, high hardness, high ductility and corrosion resistance. However, zirconium alloys can suffer from hydrogen embrittlement which occurs after reaction of water with zirconium
forming hydrogen gas and hydrides.
In nuclear power technology, burnup (also known as fuel utilization) is the actual energy released per
mass of initial nuclear fuel in gigawatt-days/metric ton of heavy metal (GWd/t). Generation II reactors
were typically designed to achieve about 40 GWd/t. With advancements in fission technology, a higher burnup of over 100 GWd/t is envisaged which imposes a number of requirements for cladding materials, including resistance to neutron irradiation embrittlement, dimensional stability under irradia5
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tions, corrosion resistance, low susceptibility to stress corrosion cracking and hydrogen and/or helium
embrittlement, high-temperature strength and long creep life.

2.1.3 Generation-IV reactors
Such desire for advancements in nuclear technology has resulted in the formation of collaborative
efforts between various nations to come up with the concept of Generation IV reactors. The advantages of Gen-IV reactors over previous reactor systems are higher burnup, faster decay of radioactive waste and improved safety features [2]. These requirements result in more severe operation conditions including higher temperature, higher neutron dose and more corrosive environment. There are
six proposed systems for Gen-IV reactors. The operating temperature and neutron exposure of these
systems are shown in Fig. 2 [9]. The candidate cladding and structural materials which are suitable for
these reactors as have been listed in Table 1 [2].

Fig. 2 Overview of operating temperatures and displacement damage dose regimes for structural materials in generation II and proposed future (Generation IV) fission and fusion energy systems. The six
Gen IV fission systems are Very High Temperature Reactor (VHTR), Super Critical Water Reactor
(SCWR), Lead Fast Reactor (LFR), Gas Fast Reactor (GFR), Sodium Fast Reactor (SFR), and Molten
Salt Reactor (MSR) [9]
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Table 1 Candidate cladding and structural materials for Gen-IV reactors [2]
System

Cladding material

GFR

Ceramic

LFR

High-Si FM, Ceramics,
or refractory alloys

Structural Materials
In-core

Out-of-core

Refractory metals and
alloys, Ceramics, ODS
Vessel: FM

Primary Circuit: Nibased superalloys
High-Si austenetics,
ceramics, or refractory
alloys

MSR

Not applicable

Ceramics, refractory
metals, High-Mo Nibased alloys, Graphite,
Hastelloy N

SFR

ODS

FM ducts, 316SS grid
plate

Ferritics, austenitics

SCWR

FM (12Cr, 9Cr, etc.),
Incoloy, ODS

Same as cladding

FM

VHTR

ZrC coating and surrounding graphite

Graphite PyC, SiC,
ZrC, Vessel: FM

Ni-based superalloys,
ODS

High-Mo Ni-base alloys

2.2 ODS steels
2.2.1 History
The development of ODS steels began with a necessity to produce a material suitable for Gen-IV type
nuclear fission reactors and fusion devices. Initially, Ni-based super alloys were an obvious choice as
they are known for their high temperature creep strength and oxidation resistance. Ni, however, is
more expensive than Fe and suffers from the problem of activation [10]. Ni also produces large quantities of He bubbles which results in irradiation induced damage [11,12]. Austenitic stainless steels were
tried thereafter as they exhibit good strength and ductility up to 600 ˚C. However, they are prone as
well to irradiation induced swelling and embrittlement owing to its face-centered cubic (FCC) crystal
structure [13]. Focus then shifted to ferritic martensitic steels which combine high corrosion and creep
resistance at low costs. They exhibit high resistance against irradiation induced swelling and even
exhibit high fracture toughness both at room and at operating temperatures [7,14]. However, it was
found that they contain certain elements which get activated under irradiation. Therefore, these elements were avoided in ferritic martensitic steels in order to simplify the radioactive waste disposal
problem by faster radioactive decay [10,15]. Materials which exhibited high induced radioactivity like
7
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cobalt in combination with nickel, molybdenum and niobium were avoided and replaced with tungsten
and vanadium [16]. This class of materials is known as reduced activated ferritic martensitic steels
(RAFMS). However, they exhibit high strength only up to 550 ˚C which is below the desirable operation temperature envisaged for Gen-IV type nuclear fission reactors and fusion reactors. Addition of
fine oxide particles in RAFMS gave rise to ODS steels which combines the advantages of RAFMS
along with the improvements related to oxide dispersion strengthening such as high creep resistance
up to 650 ˚C and high resistance against irradiation induced effects [17,18].

2.2.2 Manufacturing
To manufacture ODS steels, mixing oxides and steel alloy powder in a traditional melt metallurgical
procedure is almost impossible due to insufficient wetting of the powder and agglomeration problems.
Therefore, ODS steels are produced by powder metallurgy. They are typically produced by mechanically alloying the gas atomized steel alloy powder together with oxide powders such as Y2O3, which
are considered one of the most thermodynamically stable material [14,19]. The milling parameters
such as milling speed, time, atmosphere and ball to powder weight ratio play an important role in the
final microstructure. They then go through a process of canning, degassing, followed by hot isostatic
pressing (HIP) to make fully dense and homogenous structures. The consolidation temperature plays
an important role in the volume fraction, number density and size of the dispersed particles [20]. Post
processing methods like hot-extrusion (HE) and hot-rolling (HR) often follow along with heat treatments to complete the manufacturing process. This production route is well established but expensive.
A typical flowchart of the manufacturing process is shown in Fig. 3.

Fig. 3 Typical manufacturing process of ODS steel production.
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2.2.3 Basic microstructure
The basic microstructure of ODS steels consists of high number density (> 1023) of nano-particles in
the size range of 1-10 nm [14,21–27] and sub-micron particles in the size range of 100-1000 nm
[28,29]. The nano-particles are reported to be Y, Ti and O-enriched [21,23,26,29,30]. The most common structures reported are Y2Ti2O7 [19,31–34] and Y2TiO5 [19,34,35]. Alinger et al. [20] used smallangle neutron scattering (SANS) and suggested that Y2O3 may dissociate into Y and O, which then
forms a solid solution with the Fe alloy matrix. There is ongoing uncertainty and ambiguity as to the
precise mechanism, and whether one or more mechanisms may operate under any particular set of
milling conditions [36]. Ti was found to play a significant role in nano-particle refinement [31,32,37].
ODS nano-particles act as defect trapping sites increasing the swelling resistance. ODS nano-particles
also lead to fine-grained microstructure due to their pinning effect. Fine grains have defect trapping
ability which further improves swelling resistance. ODS nano-particles and fine grains also help improve material strength through Orowan and Hall-Petch relation, respectively [38].
Presence of alumina stringers in the microstructure was also reported in certain works which was either a product of contamination during manufacturing process, or due to Al presence in the ODS steel
matrix [25,27,33,39,40] added for corrosion resistance enhancement. Elongated microcracks may exist
due to improper sintering followed by rolling or extrusion. These microcracks can hamper the ductility
and fracture toughness of the material [41,42].
Sometimes, ODS steels are also referred to as nano-ferritic alloys (NFAs). These usually refer to even
finer microstructures, with Cr content more than 12 wt.%, nano-particles in the size range of 1-10 nm
and grain sizes in the sub-micron range [14,22,27]. The particles are often not distributed homogenously. This, along with inhomogeneous temperature distribution during sintering and inhomogeneous
dislocation density after mechanical alloying, leads to inhomogeneous recrystallization resulting in
bimodal grain size distribution [43]. This recrystallization is dynamic in nature and may take place
several times during the course of consolidation [3].

9
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Fig. 4 Schematic of texture components developed in ODS ferritic a) sheets and b) cladding tubes
[44].
Hot-rolling and hot-extrusion are known to refine the grain structure but they also induce anisotropy
[27,45]. α fibre texture of {100} <110> [44,46,47] was reported in sheets while γ fibre texture
{111} <110> were reported in cladding tubes [44] (Fig. 4). This means that the {100} and {111}
planes are parallel to the rolling plane respectively and are directed towards the [110] direction. Materials manufactured through hot-extrusion exhibited a crystallographic texture with grains oriented in
the <110> direction parallel to the extrusion direction [25,27,48]. The grains are often observed to be
elongated in the direction of rolling/extrusion. The ideal orientations of texture components in bodycentered cubic (BCC) materials was reported in previous works [49,50] using ODF plots at the constant Euler angle φ2 of 0˚ and 45˚ as shown in Fig. 5.
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Fig. 5 Schematic illustration of the important texture components in BCC materials [50].

2.2.4 Strengthening mechanisms in ODS steels
ODS steels make use of a combination of strengthening mechanisms which results in its superior
strength. The yield stress of an ODS material at RT can be written in terms of some dominant
strengthening mechanisms [51].

𝜎𝑦𝑠 = 𝜎𝑔 + √𝜎𝑑 2 + 𝜎𝑝 2

(1)

where 𝜎𝑔 , 𝜎𝑑 and 𝜎𝑝 are the contributions from Hall-Petch strengthening, dislocation forest strengthening and nano-particle strengthening, respectively. When dislocations pile up at the grain boundaries, a
threshold stress needs to be exceeded in order for the dislocations to pass on to the next grain. The
smaller the grain size is, the higher the Hall-Petch strengthening (𝜎𝑔 ) is. Dislocation forest strengthening (𝜎𝑑 ) is due to the interaction between dislocations while nano-particle strengthening (𝜎𝑝 ) comes
from the interaction between dislocations and nano-particles, which are less than 50 nm in size. If the
particles are small and coherent with the matrix, the dislocations might cut them. If the particles are
large enough and incoherent, then the dislocations bow. In ODS steels, the dislocations are pinned by
the nano-particles, which subsequently bow between two particles and unpin to form dislocation loops
around the particles. The strengthening induced by dislocation bowing is known as Orowan strengthening and the dislocation loops as Orowan loops. The share of nano-particle strengthening to the yield
stress is dominant at RT [51]. In addition, there are also contributions from lattice friction, the stress
required to move a dislocation through a perfect lattice and solid solution strengthening, the obstruction of dislocation motion caused by strain fields induced by substitutional and interstitial atoms.
However, the last two are not the dominant contributors.
At the high temperature regime (T ≥ 700 °C), the athermal components such as Hall-Petch strengthening and dislocation forest strengthening reduces drastically and the grain boundaries become weak
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[52].Strengthening by nano-particles however, still functions at this temperature. An additional thermally activated detachment stress, faced by the dislocation at the departure side of nano-particle, is
also active at this temperature [53].

2.2.5 Mechanical properties and fracture toughness
ODS steels possesses excellent strength due to high number density of oxide particles in the nanometer size range which obstructs the dislocation movement [54]. These nano-particles exhibit good
high temperature stability and therefore can maintain the strength of the alloy, even above 600 ˚C.
ODS steels also possess high temperature creep resistance [4,30,40,48,55–58], exhibit high resistance
against irradiation induced swelling [4,11,14,59,60] and embrittlement [11,61,62]. The ductility of
ODS steels is often lower than ferritic martensitic steels but is still above acceptable limits [61,63–65].
Fracture toughness of non-irradiated ODS steels have previously been investigated using fracture
toughness compact tension (C(T)) [22,47,48,66] and three point bend specimens [23,24,61,67–69].
Fig. 6 shows a graph from a comprehensive study performed by Byun et al. [7], where only a handful
of ODS steels were reported to exhibit acceptable fracture toughness (K JQ ≥ 100 MPa√m) along with
high yield stress at high temperatures (500 - 600 ˚C). The cloud of ODS steel variants possessing an
acceptable fracture toughness and a high yield stress at a temperature range of RT to 300 ˚C was larger. It was found that ODS steel often possess lower fracture toughness than non-ODS ferritic martensitic (FM) steels [7,23,66,70] at RT (Fig. 7). The difference can be even more pronounced at higher
temperatures (comparing Fig. 6 and Fig. 7) [7]. The microstructural factors which are responsible for
high and low fracture toughness in certain ODS steels are explored through this research.

12

2 State of the art

Fig. 6 Fracture toughness versus yield stress plot for major ODS steels tested in a high temperature
region of 500-600 ˚C [7]. The plot for the low temperature region (22-300 ˚C) is also shown for comparison.

13

2 State of the art

Fig. 7 Fracture toughness versus yield stress plot for major ferritic-martensitic steels tested in lowtemperature (22-300 ˚C) and high-temperature (500-600 ˚C) regions along with ODS steels tested in
the low-temperature region (22-300 ˚C) [7].

2.2.6 Fracture anisotropy of ODS steels
Fracture anisotropy of ODS steels have previously been investigated using tensile [23,39,48,55,71–
73], Charpy impact [27,29,39,46,48,74–79], three point bend [24,67] and fracture toughness compact
tension (C(T)) specimens [47,48].
Fracture toughness anisotropy was observed in both hot-rolled [29,47,74,77] and hot-extruded materials [29,39,77,78], with the highest fracture toughness in specimens with crack propagation perpendicular to the rolling/extrusion direction. It was also reported that hot-extrusion resulted in better fracture
properties than hot-rolling [27,29,77].
The explanation for the anisotropic fracture behaviour has been a point of debate. Byun et al. reported
debonding of oxide coated aggregates of grains formed in the canning process after milling [42] while
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others have mentioned segregation of carbides and oxides at grain boundaries, which are formed after
post processing, promoting intergranular fracture along elongated grains [39,75,78,80].
A significant part of this research has been dedicated to understanding the anisotropic fracture properties of ODS steels and its relation to the microstructure.

2.2.7 Secondary cracking
Secondary cracks are a striking feature often observed on the primary fracture surfaces of ODS materials tested close to RT in certain orientations. Secondary cracking has also occasionally been observed
in some non-ODS steels, e.g. low carbon steels [81,82] and FM steels [83], however, it appears to be
less common. Secondary cracks propagate in a plane perpendicular to the primary crack plane and are
formed due to constraint induced stress. Fig. 8 shows a primary crack fracture surface containing secondary cracks. Different primary crack growth regions have also been highlighted.

Fig. 8 A typical macroscopic SEM image of the primary crack fracture surface of an ODS steel at RT
indicating different primary crack propagation stages and secondary cracks in the L-T orientation.
Secondary cracks may appear under certain conditions due to the phenomenon of delamination
[74,75,81,82], also known as splitting [29,71,74,81], which inhibits the primary crack propagation.
The term delamination was first taken from composites where it means separation of different composite layers through an interfacial mechanism. Although ODS steels have some similarity to composites, it is highly unlikely that delamination in ODS steels takes place at the interfaces of different
layers as there is no sharp transition between different material zones.
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Fig. 9 Schematic illustration showing the two most common splitting geometries for the a) L-T and the
b) L-S oriented specimen machined from a hot-rolled material [84].
Delamination can transpire in two configurations, the “crack-divider” and the “crack-arrester” geometries, both associated with hot-rolled specimens as shown in Fig. 9 [84]. Secondary cracks seem to
accompany delamination in certain sample orientations, such as L-T and T-L in hot-rolled materials,
which are classified as crack divider geometries [84]. Crack divider geometries have a specific primary crack propagation direction with respect to the anisotropic microstructure. These secondary cracks
divide the specimen thickness into sub-specimens (Fig. 9a). The state of constraint near the primary
crack is relaxed which retards the primary crack growth. Crack arrestor geometry, however, is associated with the L-S and T-S oriented samples in hot-rolled materials. In the crack arrester geometry,
delamination deflects the primary crack through 90˚ and the fracture mode changes from mode I to
mode II [67,74]. No secondary cracks are formed in the crack arrestor configuration (Fig. 9b). It is
noteworthy, that in some publications, secondary cracking and delamination are used as synonyms. In
this work however, a clear distinction between the two is made. The delamination geometries used for
hot-rolled specimens like crack arrestor and crack divider are not usually used for hot-extruded specimens. It was observed that hot-rolled ODS steels exhibited greater propensity to secondary cracking
[29,42,66,74,75,77,85] than hot-extruded ODS steels [29,77,78].
It has been found experimentally as well as by 3D finite element computations, that delamination can
result in increased energy absorption [66,67,86]. The energy absorbed in crack arrestor geometry is
usually higher than that of crack divider geometry. It was also found that secondary cracks resulting
from delamination in the crack-divider geometry were beneficial for preventing cleavage fracture
[14,67] and for stabilization of primary cracks [47].
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It was found that in the brittle regime, secondary cracks were facilitated due to the {100} cleavage
planes in hot-rolled materials [46,74]. In general, weak planes have been reported to be the primary
cause for secondary cracks; however the source of weak planes remains a point of debate
[39,75,78,87].
The reasons why secondary cracks are favoured in certain materials and in certain orientations will be
discussed in more detail. The effect of secondary cracks on the primary cracks and on the overall fracture toughness is also discussed.

2.2.8 Development in ODS steel manufacturing
Fracture toughness at low temperatures has been above the acceptable limit for many ODS steels [7]
but low fracture toughness at high temperatures has been a major cause of concern (Fig. 6). Different
combinations of processing parameters and thermo-mechanical treatment have been carried out to
increase the bonding between the grains at high temperatures. Thermo-mechanical treatment (TMT)
such as controlled hot-rolling in 9Cr ODS steel was found to increase fracture toughness by diffusion
bonding between different phases [88]. However, with ferritic ODS steels; diffusion bonding is not
effective due to the absence of phase transformation. Similar heat treatments were nevertheless tried
on ferritic ODS steels to find some improvements in fracture properties [26,27]. However, they were
still not satisfactory enough. Hot forging was tried to get more homogenous microstructure, however
the fracture toughness was reported to be reduced [89].
Higher tensile strength was obtained by milling at low temperatures (-150 ˚C), with higher milling
speeds and at lower HIPing temperatures [90]. This however resulted in higher nano-particle number
density at the grain boundaries which lowered the ductility and also lowered the fracture toughness.
Cross rolling and annealing after hot-extrusion proved to be effective in preventing bimodality in grain
distribution [14] but could not increase ductility [72]. Cross rolling is nevertheless helpful to prevent
extreme anisotropy in grain structure.
Alternate methods of fabricating ODS steels are also currently being developed. Among them, spark
plasma sintering (SPS) has been found to reduce the processing times and thermal exposure during
processing [36]. It was successfully scaled up to produce low-porosity compacts of semi-industrial
size with nano-particles in low nm range and nano-grains [91,92].
Additive manufacturing techniques such as selective laser melting and electron beam melting can be
used to design complex shapes. They do not replace the mechanical alloying (MA) stage, but instead
the consolidation and post-processing steps. Methods such as controlled oxidation try to replace the
MA stage, which reduces costs but can induce contamination and bimodality in the grain structure.
Spray forming and melt spinning also work towards the same goal [36].
Liquid metal processing may provide advantages of low cost and high scalability. However due to
poor wetting and agglomeration problems of ODS particles, they are still in the development stage. In
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order to avoid agglomeration, powerful agitation techniques such as contactless magnetic stirring and
cavitation induced through alternating magnetic fields are presently being developed [93].

2.3 Fracture behaviour
2.3.1 Fracture mechanisms
In BCC crystals, although there are as many total number of slip systems as in FCC crystals (12), the
movement of dislocations happen only as a line of atom jumps from one potential energy valley to
another. This is due to the fact that no real closed packed planes exist in BCC lattice. This process is
thermally activated; therefore BCC materials are ductile at high temperatures and brittle at low temperatures. There is a particular range of temperature for each material, represented by ductile to brittle
transition temperature (DBTT), where this shift of fracture mechanism happens. The DBTT and the
upper shelf energy (USE) can be found out by impact testing. DBTT is dependent on the microstructural features of the material, the loading rate, the loading and the crack propagation direction. The
DBTT of ODS steels is usually higher and the USE lower than that of ferritic martensitic steels
[32,94]. Other testing methods, such as quasi-static fracture toughness testing also exhibit a ductile to
brittle transition range, but the absolute value is different to the one obtained by impact testing.
In ODS steels at temperatures close to RT, cleavage, intergranular and ductile fractures may prevail
depending on the DBTT of the material. At temperatures below the DBTT, cleavage and intergranular
fracture compete depending on the ratio of shear and bulk modulus [95]. At temperatures above DBTT
but below 600 ˚C, ductile fracture prevails as the crack tip is able to emit dislocations and crack blunting takes place. At high temperatures (> 600 ˚C), the fracture morphology changes into particle like
nano-features from a wide dimple structure due to grain boundary decohesion [42,96]. Deformation
mechanisms such as grain matrix deformation and grain boundary sliding have been attributed to fracture at such temperatures [52]. More intense dislocation activity or dislocation pile-up was also observed close to the grain boundaries at high temperatures using TEM [97,98]. This leads to localized
deformation at the grain boundaries along with cavitation.
The three main mechanisms of fracture which may take place independently or as a combination depend on the material and testing conditions:
Cleavage fracture
Cleavage fracture can be defined as the rapid propagation of crack along a particular crystallographic
plane [99]. Cleavage usually takes place at low temperatures, mostly below RT. Cleavage fracture
surfaces are marked by steps or ridges with flat surfaces. Typical cleavage planes for BCC materials
are the (100) planes.
Cleavage fracture is a form of transgranular fracture. It is usually initiated by second phase particles or
sharp microcracks already existing in the microstructure [100]. After this, the crack propagates along
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the (100) cleavage plane and reaches the grain boundary. Hereafter, the crack crosses over the grain
boundary and continues to propagate on the (100) cleavage plane of the next grain [95].
Ductile fracture
Ductile fracture is marked by dimples and takes place due to the nucleation, growth and coalescence of
voids at slightly higher temperatures as compared with cleavage fracture. Nucleation of such voids
takes place on the second phase particles. Dimples on the fracture surfaces are the traces of the voids
formed at second phase particles. Ductile fracture might also arise through the microcracks or pores
already existing in the microstructure [42]. It is the most common fracture mechanism for metals
above RT. Ductile fracture may propagate sometimes through grains (transgranular) and sometimes
along grain boundaries (intergranular) depending on where the void initiating particles are located.
Crack propagation through ductile fracture is usually slower than cleavage fracture.
Void nucleation may take place by particle-matrix debonding (in soft matrix) or particle cracking (in
hard matrix). After this, the void grows, usually in the direction of tension and also grows laterally due
to constraint induced stresses. Void coalescence may arise by internal necking, internal shearing or by
necklace formation [95] which leads to crack propagation.
Intergranular fracture
This kind of fracture is usually associated with weak grain boundaries resulting in a brittle form of
fracture with the crack propagating rapidly along the grain boundaries. Weak grain boundaries could
exist at low temperatures due to segregation of impurities at the grain boundaries and can also exist at
high temperatures due to higher dislocation activity at weakened grain boundaries [52]. The appearance of intergranular fracture depends on the condition of grain boundaries through which the crack
propagates. It can have a faceted appearance in case of equiaxed grains or a flat appearance in case of
elongated grains.

2.3.2 Fracture toughness
Fracture toughness of a material is an indication of the amount of stress or energy required to propagate a pre-existing flaw in it. It is an important material property since the occurrence of flaws is inevitable in the processing, fabrication, or service of a material/component. Flaws together with the fracture toughness of a material and the applied stress constitute the fracture mechanics approach to structural design and material selection.
In linear elastic materials, crack extension happens when energy available for crack growth exceeds
GC, the critical energy release rate value. In terms of stress intensity, crack extension takes place when
KI, the stress intensity factor at the crack tip which is dependent on the applied stress and the size of
the crack, exceeds KIC, the mode I critical stress intensity value, which is a material parameter. GC and
KIC both represent the fracture toughness of a material. In elastic-plastic materials, the fracture toughness can be represented by the critical energy release rate JIC value [99]. This can be converted to the
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corresponding stress intensity KJIC value, another measure of fracture toughness, using the following
relation:

𝐾𝐽𝐼𝐶 = √

𝐸 𝐽𝐼𝐶
1− 𝜗2

(2)

where:
𝜗 = Poisson’s ratio
𝐸 = Elastic Modulus
Crack growth resistance curves or J-R curves are a measure of crack resistance of a material. It plots
the energy needed for crack growth (G or J) versus the crack growth (Δa). A fully brittle material has a
flat J-R curve while ductile fracture in metals usually results in a rising J-R curve. Here, the driving
force must increase to maintain the crack growth. A typical J-R curve can be seen in Fig. 10. There are
three stages of crack propagation in an elastic-plastic material. In the first stage, the crack blunts resulting in a steep J-R curve. In the second stage, crack growth takes place and the J-R curve is shallower than in the first region. The third stage is flat and marked by a steady state crack growth. This
stage, however, is not reached in laboratory tests on ductile materials as the plastic zone is not small
enough as compared to the specimen dimensions. The fracture toughness value usually refers to the
crack initiation point at the second stage. It is usually impossible to determine the exact crack initiation point in most materials. Hence, an engineering definition of crack initiation, analogous to the
0.2% yield strength in tensile tests, is usually deployed [99]. In the test standard ASTM E1820, an
offset line with a slope 2 times the effective yield strength (mean of yield stress and ultimate tensile
stress) to exclude crack blunting and with an 0.2 mm offset is drawn to intersect the J-R curve (Fig.
10). The intersection point is called the J Q or the interim fracture toughness value. JQ becomes JIC , the
mode I fracture toughness value, when all the validity criteria in the test standard ASTM 1820 [101]
are fulfilled. The slope of the J-R curve at a given crack extension, gives an indication about the relative stability of the crack growth. A material with a steep J-R curve is less likely to experience unstable crack propagation. The slope can be quantified by the tearing modulus T:

𝑇=
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where:
𝜎𝑌𝑆 = Yield stress
𝑎 = crack length

Fig. 10 A typical J-R curve for an elastic-plastic material showing three stages of crack propagation
[99].
Unloading compliance test
The basic test method requires loading multiple specimens to different crack lengths in order to obtain
J-R curves. Therefore, testing methods such as unloading compliance [101,102], normalization
[101,103] and potential drop [104] were developed which require only a single specimen. In this research, only the unloading compliance method was used on the compact tension (C(T)) specimens.

Fig. 11 Load-displacement graph from a typical unloading compliance test showing partial unloadings which are used to calculate the compliance at each crack growth step [99].
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Computation of the J-R curve requires crack growth monitoring of the fracture specimen along with
the J values at each crack length. In the unloading compliance method, the specimen is loaded and
unloaded at equal displacement intervals and a load-displacement curve is obtained. The crack length
at each interval is calculated using the measured compliance at the partial unloadings (Fig. 11). ASTM
1820 [101] provides polynomial expressions for conversion of compliance to crack length.
The J value is calculated using the addition of the elastic part, which is dependent on the instantaneous
crack length and the plastic part, which is dependent on the area under the load displacement curve
and the instantaneous crack length. The expressions for this calculation are presented below and also
mentioned in ASTM 1820 [101]. Once the J versus crack growth graph is plotted, the fracture toughness value is obtained as described previously.

𝐽𝑖 = 𝐽𝑒𝑙(𝑖) + 𝐽𝑝𝑙(𝑖)
𝐽𝑒𝑙(𝑖) =

2
𝐾(𝑖)
(1−𝜗2 )
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𝑤
𝑤
𝑤
𝑤
𝑤
𝑎 3/2
𝑤

𝑤

𝐽𝑝𝑙(𝑖) = [𝐽𝑝𝑙(𝑖−1) + (

(1− 𝑖 )

𝜂𝑝𝑙(𝑖−1) 𝐴𝑝𝑙(𝑖) − 𝐴𝑝𝑙(𝑖−1)
𝑏(𝑖−1)

)

𝐵𝑁

] [1 − 𝛾(𝑖−1) (

𝑎(𝑖) − 𝑎(𝑖−1)
𝑏(𝑖−1)

(6)

)]

(7)

(8)

where:

𝜂𝑝𝑙(𝑖−1) = 2.0 +

0.522𝑏(𝑖−1)
𝑤

(9)

and

𝐽𝑖 = Instantaneous J-integral
𝐽𝑒𝑙(𝑖) = Instantaneous elastic component of J-integral
𝐽𝑝𝑙(𝑖) = Instantaneous plastic component of J-integral
𝐾𝑖 = Instantaneous stress intensity factor
𝑃(𝑖) = Instantaneous load
𝐵 = Thickness of the C(T) specimen
𝐵𝑁 = Net specimen thickness (after side-grooving)
𝑤 = Width of the C(T) specimen
𝑎𝑖 = Instantaneous crack length
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𝛾(𝑖−1) = 1.0 +

0.76𝑏(𝑖−1)
𝑤

(10)
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𝑏𝑖 = Instantaneous ligament length
𝐴𝑝𝑙(𝑖) = Instantaneous area under the load displacement curve
Specimen thickness (B)
The size and shape of the cracked specimen should ideally have no influence on the shape of the J-R
curve. However, thickness, in relation to other dimensions, plays a role in providing plane strain or
plane stress conditions for the crack to grow. It becomes particularly important in case of small specimens where the thicknesses are quite small.
In a thick sample, due to high stresses near the crack front, the crack-tip material tries to contract but is
resisted by the material surrounding it. This constraint causes a constraint induced stress state near the
crack-tip which varies from the middle of the crack front to the sample surface as shown in Fig. 12.
The high constraint induced stress (σzz) in the middle of the crack front is known as “Plane strain
state” and results in high stresses in the thickness direction. At regions near the sample surface or in
thin samples, “Plane stress state” exists where the stress in the thickness direction σ zz is lower. The
constraint induced stress state also results in higher stresses in the plastic zone (σ yy). Crack tunnelling
can happen where crack propagates more towards the middle of the crack front than the edges. This is
usually mitigated by side grooving the fracture specimen [99].

Fig. 12 Variation of constraint induced stress (σzz) through the thickness at a point near the crack tip
[99].
The plastic zone for small specimen should be such that it does not exceed the thickness of the specimen. For this, a validity criterion is devised which ensures that plane strain condition is followed along
the crack front:
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𝐵 ≥ 2.5 (

𝐾𝐽𝐼𝑐 2
𝜎𝑌𝑆

)

(11)

2.4 Summary
ODS steels were developed for application in fusion and fission environments consisting of high neutron irradiation and high temperature. They are typically manufactured through powder metallurgy
followed by canning, degassing, HIP and post processing methods such as hot-extrusion and hotrolling. Alternate methods of fabricating ODS steels such as SPS, additive manufacturing, controlled
oxidation and liquid metal processing work towards increasing scalability and decreasing time scales
and costs.
ODS steels, due to the presence of high number density of Y, Ti and O-enriched nano-particles, exhibit high strength at a temperature range of 650 to 900 ˚C, possess high temperature creep resistance and
exhibit high resistance against irradiation induced swelling and embrittlement. They possess bimodal
grains and are often found to be elongated towards rolling/extrusion direction. The α fibre texture was
predominantly found in hot-rolled sheets while a texture with grains oriented in the <110> direction
parallel to the extrusion direction was found in hot-extruded material.
Many ODS steels possess acceptable fracture toughness and yield strength in the temperature range of
RT to 300 ˚C. This number reduces drastically for the temperature range of 500 - 600 ˚C. TMT,
cryomilling and other methods have partially been successful in improving fracture toughness in the
temperature range of 500 - 600 ˚C. However, the exact microstructural features which affect the fracture toughness of ODS steels at a specific temperature range have not yet been fully explored. One of
the aims of this research is to do that.
ODS steels exhibit fracture toughness anisotropy with hot-extruded materials possessing better fracture properties than hot-rolled materials. The explanation for the anisotropic fracture behaviour has
been a point of debate with some suggesting segregation of carbides and oxides at the grain boundaries
while others suggesting debonding of oxide coated aggregate of grains as the primary reason. This
research targets this question and throws more light on the microstructural features which lead to fracture toughness anisotropy.
Secondary cracks are formed due to constraint induced stress and are often observed on the fracture
surfaces of ODS materials close to RT in certain orientations. They may appear due to delamination in
certain orientations such as “crack-divider” but don’t appear in the “crack-arrester” geometries. Secondary cracks can result in increased energy absorption, can be beneficial for preventing primary
cleavage fracture and also for stabilization of primary cracks but they appear at lower loads than primary cracks. They are facilitated due to the {100} cleavage planes in hot-rolled materials at low temperatures. In general, weak planes have been reported to be the primary cause for secondary cracks;
however the source of weak planes remains a point of debate. This research throws more light on this
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by linking the microstructure and specimen orientation with the extent of secondary cracking. The
reasons why hot-rolled materials are more prone to secondary cracking than hot-extruded materials are
also discussed. The various fracture mechanisms of secondary cracking at different temperatures are
still not very clear and are amply elaborated through this research.
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3.1 Material
The 13 wt. % Cr ODS steels were provided by Karlsruhe Institute of Technology, Germany (KIT) in
hot-extruded rod and hot-rolled plate forms. The nominal composition of the material was
13Cr1W0.3Ti0.3Y2O3 (in wt. %) and the bulk chemical composition can be found in Table 2. Fe3Y
intermetallic powder was added before mechanical alloying to reach 0.3 wt. % Y2O3. The main manufacturing steps for hot-extruded rod were the following: mechanical alloying of the steel alloy and
intermetallic powder in an attritor ball mill, encapsulation of the powder, evacuation of the capsule and
hot-extrusion at 1100 °C. The as-milled powders contained about 0.09 wt. % oxygen. The reduction of
80 mm initial diameter to a 12 mm final diameter rod resulted in a extrusion ratio of 44.4 [89]. The
main production steps for manufacturing the hot-rolled plate were the following: mechanical alloying
of the steel alloy and intermetallic powder in an attritor ball mill, encapsulation of the powder, evacuation of the capsule and hot isostatic pressing (HIP) at 1100 °C and 100 MPa and rolling at 1100 °C
from an initial diameter of 80 mm to a plate of 7 mm thickness in 8 runs. Details of the production
method for both the batches can be found in reference [89].
The hot-extruded 14 wt. % Cr ODS steel rod of 16 mm diameter was provided by Centro Sviluppo
Materiali, Italy (CSM). The bulk chemical composition can be found in Table 2. This material was
manufactured by the following steps: Gas atomized pre-alloyed steel matrix was added with 0.3 wt. %
Y2O3 and dry ball milled in an environment of Ar and H. The as-milled powders contained about 0.22
wt. % oxygen. After canning, direct hot-extrusion was performed at 1150 ˚C with an extrusion ratio of
22.5. Heat treatment was performed thereafter at 1050 °C for one hour and then cooled in the furnace.
The final rod had 1 mm outer layer of AISI 316 stainless steel, which came from canning. This outer
part was excluded while machining out the mechanical testing samples.
For simplification, the terms ODS-KIT HR, ODS-KIT HE and ODS-CSM will be used throughout the
thesis to represent hot-rolled 13Cr ODS steel from KIT, hot-extruded 13Cr ODS steel from KIT and
hot-extruded 14Cr ODS steel from CSM, respectively. The term ODS-KIT is also sometime used to
represent both ODS-KIT HR and ODS-KIT HE together. The bulk chemical composition of the materials, presented in Table 2, was obtained using optical emission spectrometry (Thermo Scientific ARL
8860) from BGH Edelstahl Freital GmbH, Germany. A flowchart of the manufacturing process deployed for the three investigated materials in this research is shown in Fig. 13.
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Fig. 13 Flowchart of the manufacturing processes used to manufacture the three investigated ODS
steels.
Table 2 Bulk chemical composition of the investigated ODS alloys (wt.%).
Elements

ODS-KIT

ODS-CSM

Fe

85.28

83.84

Cr

12.99

13.76

W

1.03

0.842

V

0.007

0.012

Ti

0.138

0.238

Si

0.051

0.371

Al

0.009

0.027

Ni

0.101

0.239

Cu

0.017

0.012

Mn

0.088

0.056

Zr

0.037

0.047

P

0.01

0.006

N

0.009

0.166

C

0.028

0.01

Y

0.165

0.279
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3.2 Methods
3.2.1 Tensile tests
Tensile tests for ODS-KIT HE (three tests at each temperature) and ODS-CSM (one test at each temperature) were performed using miniature flat tensile test specimens with their gauge length parallel to
the extrusion direction. The cross-section of the samples was 1 mm x 2 mm with an overall length of
20 mm. Tests were carried out at temperatures varying from 20 ˚C to 700 ˚C. The tests were performed in air with a crosshead speed of 0.1 mm/min.
The tensile tests for ODS-KIT HR were performed at Karlsruhe Institute of Technology, Germany.
Miniature cylindrical tensile test specimens, with gauge length parallel to rolling direction, were tested
at temperatures varying from 20 ˚C to 700 ˚C. The gauge length and diameter were 7 mm and 2 mm,
respectively. The tests were performed in air with a test velocity of 0.1 mm/min.

3.2.2 Fracture toughness tests
Fracture toughness specimens
Fracture toughness tests were performed to obtain fracture toughness, J-R curves, load versus displacement curves and crack growth versus load line displacement curves. The ASTM notation suggests two letters for the identification of the orientation of a fracture toughness testing specimen; the
first letter indicates the direction of principal tensile stress, which is perpendicular to the crack plane in
Mode I tests, and the second letter denotes the direction of crack propagation.

Fig. 14 Cutting scheme of a) ODS-KIT HR and b) ODS-KIT HE and ODS-CSM.

28

3 Experimental work
Miniature compact tension C(T) specimens of 4 mm thickness (0.16T) were machined in three orientations (L-C, C-R and C-L) from a 12 mm diameter rod of ODS-KIT HE and from a 15 mm diameter
rod of ODS-CSM. Miniature compact tension C(T) specimens of 6.35 mm thickness (0.25T) were
machined from the 8 mm thick plate of ODS-KIT HR in two orientations, L-T and T-L. The cutting
schemes of the specimens in different orientations can be seen in Fig. 14.
All the C(T) specimens were 20% side grooved and fatigue pre-cracked at RT (ODS-CSM) and
200 ˚C (ODS-KIT) to a crack length to width ratio (a/w) of 0.5 using a resonance testing machine. The
nominal cyclic stress intensity at the end of the fatigue pre-cracking stage (Kend) was 14 MPa√m.
Quasi-static fracture toughness testing
Quasi-static fracture toughness tests were carried out on small size C(T) specimens using the unloading compliance method [102]. The unloadings were carried out with a 25% load drop and a 30 s relaxation time. Single tests were performed in air for ODS-KIT HE and two tests were performed in air for
ODS-CSM, at temperatures of 22, 200, 400, 600 ˚C. For ODS-KIT HR, the same test plan as
ODS-KIT HE was adopted with additional single tests at -100 ˚C, 100 ˚C, 500 ˚C and 700 ˚C. The
crosshead speed of the machine was 0.1 mm per minute with unloading steps of 0.015 mm. The tests
were stopped after approximately 1 mm crack propagation and thereafter the specimens were heat
tinted in order to mark the crack growth region. Heat tinting was not required for specimens tested at
and above 400 ˚C. The initial and the final primary crack lengths were measured on the fracture surfaces using optical microscope according to the nine point standard ASTM method [101]. For the
0.16T specimens, the crack opening displacement (COD) measurements were done on the load line
using a contact clip on gauge in the temperature range from RT to 200 ˚C. From 200 ˚C to 600 ˚C, a
contactless video extensometer was used at the front face. For 0.25T specimens, front face displacement measurement using a contactless video extensometer was used at all temperatures. For all the
front face displacement measurements, the compliance and displacement values had to be converted to
the load line values [105] as explained below. Thereafter, the evaluation was performed according to
ASTM E1820-13 [101].
Front face correction
ASTM E1820 usually refers to the standard sized C(T) specimens [101]. For small specimen testing,
which are commonly deployed for ODS materials owing to their limited availability, certain modifications in the testing setup are necessary, e.g., for front face crack opening displacement measurement.
The front face displacement is converted back to the load line displacement using certain geometrical
relations as described below [105,106]:
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Fig. 15 Schematic of a typical C(T) specimen showing important dimensions.

∆𝐿𝐿 =

(𝑎+𝑟∗𝑏)∗∆𝑥
𝑎+𝑟∗𝑏+ 𝑥

(12)

where:
𝑎 = Crack length
𝑏 = Ligament length
𝑤 = Width of the C(T) specimen
∆𝐿𝐿 = Load line displacement
𝑥 = Distance of the measuring point from the load line
∆𝑥 = Shifted measuring point displacement
𝑟 = Rotation factor
The rotation factor (𝑟) of a C(T) specimen is a factor which is used to determine the rotation point R
(Fig. 15), about which the C(T) specimen rotates during crack propagation and can be found using the
following relation:

𝑟=

0.13∗∆𝑒𝑙𝑎𝑠𝑡𝑖𝑐 +0.43∗ ∆𝑝𝑙𝑎𝑠𝑡𝑖𝑐
∆𝑥

(13)

∆𝑒𝑙𝑎𝑠𝑡𝑖𝑐 and ∆𝑝𝑙𝑎𝑠𝑡𝑖𝑐 are displacements in the elastic and plastic regimes, respectively and can be determined using the compliance (C), load (P) and displacement at the shifted measuring location (∆𝑥 )
using:
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∆𝑒𝑙𝑎𝑠𝑡𝑖𝑐 = 𝑃 ∗ 𝐶

(14)

∆𝑝𝑙𝑎𝑠𝑡𝑖𝑐 = ∆𝑥 − ∆𝑒𝑙𝑎𝑠𝑡𝑖𝑐

(15)

The compliance from the front face measured during testing also has to be converted into load line
compliance using [105]:

𝐶𝐿𝐿 =

𝐴∗𝐶𝑥

(16)

𝑥

𝐴+𝑤

where:
𝑥

𝑎

𝑤

𝑤

𝐴 = (1.07 + 0.976 ∗ ) ∗
𝑥
𝑤

𝑥

𝑎 2

𝑤

𝑤

+ (0.35 − 4.056 ∗ ) ∗ ( ) − (2.874 − 8.981 ∗

𝑎 3

𝑥

𝑎 4

𝑥

𝑎 5

𝑤

𝑤

𝑤

𝑤

𝑤

) ∗ ( ) + (4.99 − 10.23 ∗ ) ∗ ( ) − (2.547 − 4.318 ∗ ) ∗ ( )

(17)

𝐶𝑥 = Compliance at the shifted measuring point
𝐶𝐿𝐿 = Compliance at the load line
Once the instantaneous load line compliance is known, the crack length estimation is performed at
each step in a standard way. The J-R curves are plotted after the instantaneous J-integral values and
crack lengths are calculated at each step using both the shifted load line compliance and shifted load
line displacement values.

3.2.3 Stereo optical microscopy
Most of the C(T) specimens were broken apart after fracture toughness testing. Stereoscopic microscope imaging was done on all fracture surfaces for macroscopic images. The crack growth region
after heat tinting was clearly distinguishable (coloured) from the rest of the fracture regions. It was
also used to image the polished fracture surface after the interrupted fracture toughness test (described
later).

3.2.4 Optical microscopy
Optical microscopy (Leica REICHERT MEF4) was used to investigate primary crack propagation by
polishing and etching side surfaces of the C(T) specimens. It was also performed on polished planes of
tested C(T) specimens perpendicular to secondary crack planes in order to measure secondary crack
depths.

3.2.5 Scanning electron microscopy
The scanning electron microscope (SEM) produces images by scanning the sample with a high-energy
beam of electrons emitted from a tungsten filament. As the electrons interact with the sample, they
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produce secondary electrons, backscattered electrons and characteristic X-rays. These signals are collected by one or more detectors to form images which are then displayed on the computer screen. The
secondary electrons are low energy electrons which are emitted from the sample surface giving topographical information about the sample.
Backscattered electrons are higher energy electrons that are elastically backscattered by the atoms of
the sample. This mode can be used to detect compositional contrast in the sample. It is also able to
detect small amounts of grain contrast in polished and etched samples.
Energy dispersive X-ray spectroscopy (EDX) is used to determine the chemical elements present in a
sample, and can be used to estimate their relative abundance. This is done by detecting the characteristic X-rays emitted from a specimen.
Basic microstructure
Bulk samples were polished using a polycrystalline diamond solution down to 1 µm and then etched
(50 ml distilled water, 15 ml hydrochloric acid, 2.5 g iron (III) chloride). Scanning electron microscopy was performed (Zeiss EVO 50) on etched bulk samples using an accelerating voltage of 15 kV,
a filament current of 2.6 A, a probe current of 200 pA and a working distance of 11 mm at various
magnifications ranging from 50X to 10000X to locate the sub-micron particles. Due to the limit in the
spatial resolution of the SEM, the particles in the size range of 50 nm to 1000 nm were easily resolvable. Detection of particle with size lower than 50 nm was not easy using the SEM. Energy dispersive
X-ray spectroscopy (EDS) was performed on etched samples using a higher spot size (probe current:
1000 pA) with a working distance of 18 mm to chemically identify sub-micron particles and inclusions. The backscatter mode in SEM was used on the oxide polishing suspension (OP-S) (amorphous
silica, water and1,3 butanediol) polished samples to observe grain contrast together with sub-micron
particle locations. Most particles however, fell out of the sample during OP-S polishing and holes of
similar sizes were left behind.
Fractography
Most of the C(T) specimens were broken apart after fracture toughness testing. SEM was performed
on all the primary fracture surfaces for higher magnification images. Some selected C(T) specimens
were not broken apart after fracture toughness testing. The side surfaces of these C(T) specimen containing the propagated primary crack were investigated using SEM. Some of these specimens were
also polished down inwards from the side surface and then etched.
The secondary cracks observed sometimes on the primary fracture surface, were opened up from a
broken C(T) specimen after the test by selective machining as shown in the schematic (Fig. 16). SEM
was used to examine the secondary fracture surface thereafter.
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Fig. 16 Schematic showing the cutting scheme for opening of secondary crack fracture surfaces.

3.2.6 Electron backscatter diffraction microscopy
Electron backscatter diffraction (EBSD) is a valuable tool for the analysis of crystalline materials.
Information such as local crystallographic orientation, grain distribution and morphology can be obtained using EBSD. The electron beam from the filament of the SEM strikes the specimen at a highly
tilted angle to the diffraction camera. The electrons enter the sample and backscatter to exit at the
Bragg condition related to the spacing of the lattice planes in the crystalline structure producing a diffraction pattern on the phosphor screen. A high sensitivity, low-light level CCD camera is used to
view the phosphor and to capture an image of the electron backscatter pattern which consists of Kikuchi bands [107].

Fig. 17 Schematic of the EBSD setup [107].
This characteristic Kikuchi bands give information about the orientation of the measurement point
which is then converted into one colour coded pixel in the inverse pole figure map (IPF map). The IPF
maps make the connection between the reference macroscopic coordinate system and the crystallographic coordinate system using a specific colour key. The IPF Z map of a sample plane for example,
shows the orientation of grains in the crystallographic coordinate system which have the normal of
their planes parallel to the macroscopic Z direction. Additionally, pole figures and inverse pole figures
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(IPFs) can be generated. Pole figures show how specific crystallographic directions of each grain are
distributed in the sample reference system and IPFs show how a selected direction in the sample reference system is distributed in the crystal reference system. The orientation distribution function (ODF)
is a two-dimensional plot of the three dimensional Euler space (using Euler angles φ1, φ and φ2) where
orientation of each pixel can be described. It is also an effective tool to describe texture in a material.
Grain distribution maps consisting of random coloured grains can be obtained by defining the misorientation angle threshold, which defines a grain boundary. This can be achieved in the post-processing
mode of the EBSD software (ESPRIT 2.1). All the grains above this threshold are considered as highangle grain boundaries (HAGBs) and all the grains below the threshold limit are considered as lowangle grain boundaries (LAGBs). LAGBs are not displayed in the grain distribution map however;
they are displayed in the quality map which displays them together with HAGBs as black lines as
these areas possess extremely low diffraction quality (the same happens also for pre-existing pores and
cracks). The grain aspect ratio (GAR) gives the ratio of the planar dimensions of an elongated grain. A
high GAR value indicates high amount of grain elongation. This, along with equivalent circular diameters (diameter of a circle with the same area as the grains) can be found in the grain size distribution list which can be used to make grain size distribution graphs. The lower the step size, the higher
the pixel resolution and the higher the exposure time, the greater is the quality of mapping. However,
due to time constraints, a compromise is made where an optimum combination of these parameters are
chosen. In case of bimodal grain distribution, which is often found in ODS steels, the mean grain size
of ultra-fine grains (UFGs) is determined by separate mapping using small step sizes for higher resolution. Due to the limits in spatial resolution of the SEM, nano-grains are hard to map.
Basic Microstructure
Electron backscatter diffraction (EBSD) was performed on the OP-S polished samples to obtain information about crystallographic texture and grain distribution. An accelerating voltage of 20 kV and a
working distance of 18 mm were used. The image resolution was fixed at 800 x 600 as a trade-off
between total image acquisition time and a sufficiently high degree of detail. The step size of 0.19 µm
was chosen for a large field of view to obtain a statistically large ensemble of grains. Inverse pole figure Z maps (IPF maps), Inverse pole figures (IPFs) and orientation distribution functions (ODFs) were
acquired from different planes to describe the crystallographic orientation of the microstructure. The
IPFs are convoluted i.e. point densities are taken into account using a Gaussian function defined by its
Full Width Half Maximum (FWHM). This is represented by higher intensity in the IPF for higher level of texture. Grain distribution maps were extracted to describe the size, morphology and alignment
of grains in the microstructure. Noting that the materials are ferritic and that high-angle boundaries (as
opposed to low-angle boundaries) generally play a dominant role in fracture [108], this study is focussed on high-angle boundaries and the minimum misorientation angle for the EBSD analysis was
arbitrarily fixed at 10°.
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Fractography
Some selected C(T) specimens were not broken apart after fracture toughness testing. The side surfaces of the C(T) specimen containing the propagated primary crack were OP-S polished and then EBSD
was performed to obtain information about primary crack propagation with respect to the grain arrangement and morphology. A step size of 48 nm was used to obtain high magnification images of the
propagating crack.
In some cases, secondary cracks were observed on the primary crack plane. EBSD misorientation
(MO) line scan analysis was performed across such a secondary crack on subsequently polished planes
either parallel or perpendicular to the primary crack plane in order to understand the fracture mechanisms. Here the IPF X, Y and Z maps, which belong to the same secondary crack, were taken into
consideration to obtain the complete information about the three dimensional grain orientations on
both sides of the crack. It is possible to perform the misorientation line scan with respect to the immediately previous point or with respect to the first measurement point. It was however, decided to perform the line scan using the former as the latter does not give the misorientation of a grain relative to
the immediately previous grain, which is what is required. The misorientation line scan exhibits sharp
peaks when the orientation changes between two sequential points. The magnitude of the peaks is the
misorientation between two grains or across the crack.

3.2.7 Transmission electron microscopy
The transmission electron microscope (TEM) uses a beam of electrons, which are transmitted through
a thin sample (100 nm), to form an image. Owing to the small de Broglie wavelength of electrons, the
TEM has much higher magnification than light microscopes.
In the bright-field mode of operation in the TEM, the areas with higher atomic numbers block more
electrons and appear dark in the image while low atomic number regions appear bright. In diffraction
contrast, grains and particles which satisfy the Bragg’s condition are displayed brightly. This is also
known as dark-field imaging. The TEM can also work in a scanning mode which is called the scanning transmission electron microscope (STEM).
Basic Microstructure
TEM investigations were performed using a Talos F200X FEG-(S)TEM (FEI) operated at 200 keV to
detect particles which were smaller than the spatial resolution of the SEM (< 50 nm) and also to obtain
high resolution images of the grains and larger particles. Samples were prepared by means of electropolishing in a TenuPol-5 in 5% perchloric acid in methanol at -60°C employing a voltage of 23 V.
Bright field imaging and low magnification STEM imaging techniques with a HAADF detector were
performed to characterize the sub-micron particles and nano-particles in terms of size and spatial distribution. Information on the composition of the particles was obtained by means of STEM-EDS mapping.
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This chapter begins with the characterization of the basic microstructure of all the three ODS steels.
Subsequently, the mechanical properties of ODS steels are explored with respect to the tensile and
fracture behaviour. The fracture behaviour of ODS steels is holistically represented by the results from
the fracture toughness tests together with the fractography of the primary and secondary fracture surfaces. This is followed by the crack propagation analysis of the primary and secondary cracks using
different microscopy techniques.

4.1 Basic characterization of the microstructure
The basic microstructure of all the ODS steels were investigated in different orientations using various
microscopy techniques. Through this section, the following questions will be answered:


What size and morphology do the grains possess and how are they distributed?



Is there a difference in grain size and morphology in hot-rolled and hot-extruded materials?



Is there a crystallographic texture?



What kind of particles are in the microstructure?



What is the size of the particles and how are they distributed?

4.1.1 ODS-KIT HR
Grains
A bimodal distribution of grains was found in all the ODS materials. Fine-grained zones typically
alternate with coarse-grained zones. The coarse grains are arranged in zones which are elongated in
the rolling and transverse directions. It is found using EBSD grain size distribution analysis, that the
coarse grains are ‘pancake’-shaped and have maximum elongation towards the L direction followed by
the T and S directions (Fig. 18). The fine grains are more or less equiaxed and appear to assemble
themselves in fine-grained zones, similar to the coarse-grained zones (Table 3).
The grains were defined with a misorientation angle threshold of 10°, i.e. grains with high-angle grain
boundaries (HAGBs) appear in different random colours. The low-angle grain boundaries (LAGBs)
are also visible inside the HAGBs in the superimposed quality and grain distribution maps. A detailed
statistical grain size analysis in terms of equivalent circular diameter (the diameter of a circle with the
same area as the grains), grain aspect ratio (GAR) and area fraction is presented in
Table 3 and Table 4 for fine and coarse grains, respectively. The GAR of the fine grains is lower than
the coarse grains. The distinction between the fine and coarse grains was made at 3 µm for the TS and
LS planes and at 10 µm for the LT plane based on the grain size distribution.
It is observed that {100} cleavage planes (depicted by red colour in the IPF map of the LT plane) arrange themselves parallel to the rolling plane (LT plane) and are directed towards the [110] direction
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parallel to the rolling direction (depicted by yellow colour in the IPF map of the TS plane) as shown in
Fig. 19. This same information is corroborated by the IPFs. The Z plot of the IPF of the TS plane in
Fig. 19 shows a high intensity of [001] and [111] which means that many grains are aligned with the
<100> and <111> directions parallel to the normal of the rolling plane (LT). This also means that
{100} and {111} planes of the grains are parallel to the rolling plane. The X plot of the IPF shows a
high intensity of [101], which means that a large number of grains are oriented with the <110> directions parallel to the rolling direction. The strong {100} <110>texture component is also confirmed by
the ODF plot at the constant Euler angle φ2 of 45˚ as shown in Fig. 19 [50].γ fibre {111} planes parallel to the rolling plane are also corroborated by the ODF. The fine and the coarse-grained regions both
have similar texture as presented in Fig. 20, where IPF Z map of the TS plane is plotted for the fine
and coarse grains separately.
Table 3 Grain size analysis for fine grains from all the materials.
Material

Plane

ODS-KIT HR

TS (0.3 - 3 µm)

Equivalent grain
diameter (µm)
1

GAR
2

Area fraction
(%)
20.4

ODS-KIT HR

LT (1.4 - 10 µm)

3

1.6

27.3

ODS-KIT HR

LS (0.4 - 3 µm)

1.1

2

17.6

ODS-KIT HE

T (0.2 - 3 µm)

0.78

1.7

68.9

ODS-KIT HE

L (0.2 - 3 µm)

0.9

1.7

39.4

ODS-CSM

T (0.25 – 1.5 µm)

0.65

1.43
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ODS-CSM

L (0.25 – 1.5 µm)

0.75

2

35.4

GAR
4

Area fraction
(%)
79.6

Table 4 Grain size analysis for coarse grains from all the materials.
Material

Plane

ODS-KIT HR

TS (3 - 13 µm)

Equivalent grain
diameter (µm)
6

ODS-KIT HR

LT (10 - 91 µm)

21

3.3

72.7

ODS-KIT HR

LS (3 - 16 µm)

6

10

82.4

ODS-KIT HE

T (3 - 21 µm)

4.7

2.2

31.1

ODS-KIT HE

L (3 - 30 µm)

7.7

10

60.6

ODS-CSM

T (1.5 – 5 µm)

2.1

1.54
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ODS-CSM

L (1.5 – 9.4 µm)

2.4

3.3

64.6

37

4 Results

Fig. 18 Grain distribution map together with the superimposed quality map of TS, LT and LS planes in
ODS-KIT HR (10˚ misorientation threshold angle). A schematic representation (below) of the hotrolled material with ‘pancake’-shaped elongated grains (not to scale). Indicated GAR values are for
coarse grains.
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Fig. 19 Inverse pole figure Z maps in TS, LS and LT planes along with inverse pole figures (IPFs) in
the TS plane and the ODF plot at ϕ2 = 45 ˚ (right bottom). A schematic representation (left bottom) of
ODS-KIT HR with ‘pancake’-shaped elongated grains (not to scale) is presented. Indicated GAR values are for coarse grains.
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Fig. 20 Inverse pole figure Z map of ODS-KIT HR in the TS plane selectively highlighting a) fine and
b) coarse grains
Particles
In this work, we distinguish sub-micron particles with sizes in the order of 50 nm up to
1 µm and nano-particles in the range of 2 nm up to 50 nm. Although the latter are characteristic particles of ODS steels, the sub-micron particles are more important from the viewpoint of fracture behaviour (elaborated in section 5.2.2).
The average nano-particle size is found to be 3.8 nm by TEM analysis (Fig. 21). The spatial distribution of the nano-particles is inhomogeneous with no visible preference to the grain boundaries. It was
found using SEM-EDS on an etched sample, that the material contains zones of high and low number
density of sub-micron Ti-enriched particles preferentially arranged in lines parallel to the rolling and
transverse directions as can be seen from the backscattered SEM image in Fig. 22c and d and also
from the SEM image in Fig. 22b. OP-S polishing used for backscattered imaging resulted in the fall
out of the sub-micron particles leaving behind voids of similar size. Some pre-existing cracks are also
observed elongated in the direction of rolling as shown by the SEM images of the etched sample in
Fig. 22a and b.
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Fig. 21 TEM image and particle size distribution of hot-rolled 13Cr ODS Steel.

Fig. 22 SEM images showing Ti-enriched particles (encircled) in ODS-KIT HR found by EDS on
etched surface along with some pre-existing cracks (a and b) and backscattered SEM image of OP-S
polished surface showing aligned holes (encircled) formed after Ti-enriched particle fall out in the c)
LS plane and in the d) TS plane.
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4.1.2 ODS-KIT HE
Grains
In ODS-KIT HE, the coarse grains are arranged in zones elongated in the direction of the extrusion.
The coarse grains (> 3 µm) are ‘cigar’-shaped and are elongated in the direction of extrusion with a
GAR of 10 as can be seen from the grain distribution (Fig. 23) and IPF maps (Fig. 25). The coarse
grains are further divided into sub-grains marked by low-angle grain boundaries (misorientation angle
< 10°) with a size similar to the fine grains as seen in the superimposed grain distribution and quality
maps (Fig. 23) and low magnification STEM image (Fig. 24). The fine grains are equiaxed (< 3 µm)
and are arranged in fine-grained zones similar to the coarse-grained zones (Table 3).The distinction
between fine and coarse grains was made at 3 µm based on the grain size distribution.
The crystallographic texture from the IPF maps shows that the grains are preferentially oriented with
the <110> direction parallel to the extrusion direction (Fig. 25). The X plot of the IPF in the T plane
corroborates this by exhibiting a high intensity of [101]. There is no dominant texture perpendicular to
the extrusion direction but weak textures of <111> and <001> are observed from the Y and Z plots of
the IPFs in the T plane. The orientation distribution function (ODF) plot at a constant Euler angle φ2 of
45˚ also confirms the α-fiber texture <110> parallel to the extrusion direction [50]. There is no difference between the fine and the coarse-grained regions in terms of texture as shown in Fig. 26, where
IPF Z map of the T plane is plotted for the fine and coarse grains separately. The {100} planes of the
grains are not parallel to any specific plane contrary to what was observed in ODS-KIT HR.
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Fig. 23 Grain distribution map together with the superimposed quality map (10˚ misorientation
threshold angle) of the a) transversal (T) and the b) longitudinal (L) plane in ODS-KIT HE.

Fig. 24 Low magnification STEM image showing grains (both LAGB and HAGB) in ODS-KIT HE.
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Fig. 25 Inverse pole figure Z maps of the transversal (T, top left) and the longitudinal (L, top right)
plane along with the inverse pole figures in the T plane (middle) and the ODF plot at ϕ2 = 45˚ (right
bottom). A schematic representation (left bottom) of ODS-KIT HE with ‘cigar’-shaped elongated
grains (not to scale) is presented. Indicated GAR values are for coarse grains.
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Fig. 26 Inverse pole figure Z map of ODS-KIT HE in the T plane selectively highlighting a) fine and b)
coarse grains
Particles
The average nano-particle particle size in ODS-KIT HE is found to be 3 nm by TEM analysis (Fig.
27). The spatial distribution of the nano-particles is inhomogeneous with no visible preference to the
grain boundaries.
Sub-micron particles in ODS-KIT HE are located sometimes on the grain boundaries (Fig. 28a) and
sometimes inside the grains (Fig. 28b) with a size ranging from 30 nm to 130 nm (average size 60 nm)
as can be seen from the low magnification TEM micrographs. Most of these particles are arranged in
high number density bands parallel to the extrusion direction (HD zones) covering a length of several
µm and with a mean thickness of 0.4 µm (Fig. 28b). The backscattered SEM image in Fig. 29 shows
that the mean spacing between individual bands is 7.6 µm. The particle number density in the regions
between these bands is low (LD zones). The backscattered image shows the holes left out by the submicron particles after OP-S polishing. These are very close to the resolvable limit using SEM. The
mean particle size, the inter-particle spacing and the volume fraction of the sub-micron particles can
be found in Table 5 separately for the HD and LD zones. STEM-EDS was performed to obtain information on the composition of the particles as shown in Fig. 28c and Fig. 30. The majority of the submicron particles are enriched with Ti which can be assumed to be Ti oxides. Occasionally, the particles are enriched with Al and/or Y particles. As Al is present in small quantities in the bulk composition, it is highly unlikely that it would be the reason for the presence of Al enriched particles (Table 2).
The Al particles possibly originated from contamination of the powder during or after milling.
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Table 5 Sub-micron particle analysis of low and high number density regions using TEM images of
ODS-KIT HE and ODS-CSM.
Material

Region

Mean Particle

Volume

Inter-particle

Size (µm)

fraction

spacing (µm)

ODS-KIT HE

HD zone

0.06

0.038

0.22

ODS-KIT HE

LD zone

0.06

0.0027

0.87

ODS-CSM

HD zone

0.47

0.0134

2.93

ODS-CSM

LD zone

0.09

0.0016

1.65

Fig. 27 A high magnification bright field TEM image of ODS-KIT HE showing nano-particles.
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Fig. 28 Low magnification STEM images of ODS-KIT HE indicating presence of sub-micron particles
on a) grain boundaries and b) inside grains arranged and elongated towards the extrusion direction.
c) shows an HAADF-STEM image with elemental overlay map of region in b).

Fig. 29 SEM backscattered image of ODS-KIT HE showing grain contrast along with holes left out by
sub-micron particles after OP-S polishing (encircled).
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Fig. 30 HAADF-STEM image and elemental maps showing presence of Ti-enriched sub-micron particles with traces of Y and Al in ODS-KIT HE.

4.1.3 ODS-CSM
Grains
In ODS-CSM, the coarse grains are arranged in zones elongated in the direction of extrusion, similar
to ODS-KIT HE. The coarse grains (> 1.5 µm) are partially elongated in the extrusion direction with a
GAR of 3.3 as can be seen from the grain distribution maps (Fig. 31), low magnification STEM image
(Fig. 32) and IPF maps (Fig. 33). Further division of coarse grains into sub-grains marked by lowangle grain boundaries (misorientation angle < 10°) are not observed in the superimposed grain distribution and quality maps (Fig. 31). The fine grains are equiaxed (< 1.5 µm) and are aligned in finegrained zones similar to the coarse-grained zones (Table 3).The distinction between fine and coarse
grains was made at 1.5 µm based on the grain size distribution.
The crystallographic texture shows that the grains are preferentially oriented with the <110> direction
parallel to the extrusion direction (Fig. 33) as seen from the X plot of the IPF in the T plane. There is
no dominant texture perpendicular to the extrusion direction with only a weak texture of <111> and
<110> directions as observed from the Y and Z plots of the IPFs in the T plane. The ODF plot at a
constant Euler angle φ2 of 45˚ also confirms the dominant α-fiber texture of <110> parallel to the
extrusion direction [50]. The fine and the coarse-grained regions both exhibited similar texture as
shown in Fig. 34, where IPF Z map of the T plane is plotted for the fine and coarse grains separately.
Similar to ODS-KIT HE, the {100} planes of the grains are not parallel to any specific plane.
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Fig. 31 Grain distribution map together with the superimposed quality map (10˚ misorientation
threshold angle) of the a) transversal (T) and the b) longitudinal (L) plane in ODS-CSM.

Fig. 32 Low magnification STEM image showing HD and LD zones of sub-micron particles along with
coarse and fine-grained regions in ODS-CSM.
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Fig. 33 Inverse pole figure Z maps of the transversal (T, top right) and the longitudinal (L, top left)
plane along with the IPFs in the T plane (middle) and the ODF plot at ϕ2 = 45˚ (right bottom). A
schematic representation (left bottom) of ODS-CSM (not to scale) is presented. Indicated GAR values
are for coarse grains.
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Fig. 34 Inverse pole figure Z map of ODS-CSM in the T plane selectively highlighting a) fine and b)
coarse grains
Particles
The average nano-particle size in ODS-CSM is found to be 8 nm (Fig. 35b) by TEM analysis. The
spatial distribution of the nano-particles is inhomogeneous with no visible preference to the grain
boundaries similar to the other materials.
The sub-micron particles in ODS-CSM, in contrast with ODS-KIT HE, are larger (0.2 µm to 1.2 µm)
and not arranged in bands as seen from the backscattered SEM image in Fig. 35a. Here, zones of high
(HD zones) and low number density (LD zones) of the sub-micron particles can be distinguished within which the particles are distributed homogeneously. This is also confirmed from the low magnification STEM image in Fig. 32. The HD and the LD zones are elongated in the direction of extrusion and
have a mean thickness of 4.4 µm and 6 µm, respectively. The HD zones often coincide with the finegrained zones, while the LD zones often coincide with the coarse-grained zones. The larger submicron particles (mean size 0.47 µm) in ODS-CSM can be identified as Si oxides by STEM-EDS elemental mapping (Fig. 36). The smaller sub-micron particles (< 0.5 µm) include Y-oxides, Ti-oxides
and oxides of more complex composition enriched in Y, Ti and Si. Additionally, Cr-rich precipitates,
most likely Cr-rich carbides, are located predominately at the grain boundaries (Fig. 36).
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Fig. 35 a) SEM backscattered image showing grain contrast along with holes left out by sub-micron
particles after OP-S polishing and b) a bright field TEM image of the nano-particles in ODS-CSM.

Fig. 36 HAADF-STEM image and elemental maps showing presence of Si and O-enriched sub-micron
particles along with some smaller Y and Ti particles in ODS-CSM. Cr enrichments were observed at
the grain boundaries (right below).
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4.1.4 Summary
All the ODS steels in this work contain bimodal microstructure, which after manufacturing processing,
transforms into zones of coarse and fine grains elongated in the rolling/extrusion direction. As these
manufacturing processes differ from each other, the zones and the grains inside them possess different
morphologies. Hot-rolling gives rise to ‘pancake’-shaped microstructure morphology (ODS-KIT HR)
while hot-extrusion leads to ‘cigar’-shaped (ODS-KIT HE) and partially elongated grain morphology
(ODS-CSM).
A texture with grains preferentially oriented with the <110> direction parallel to the rolling/extrusion
direction is observed for all ODS steels. A clustering of {100} cleavage planes are found parallel to
the rolling plane in hot-rolled ODS steel while such an arrangement is not found in the hot-extruded
materials.
Nano-particles in all the ODS steels are similar in size with inhomogeneous spatial distribution inside
the grains. The sub-micron particles in ODS-KIT HR and ODS-KIT HE are Ti-enriched and smaller
(60 nm). On the other hand, the sub-micron particles in ODS-CSM are Si-enriched and almost one
order of magnitude larger (0.47 µm).
The mechanical properties of a material are affected by the basic microstructure. Therefore in the next
few sections, we will look at the mechanical properties, beginning with the tensile properties and then
moving on to the fracture properties. The next section on tensile tests throws light on the following:


How does the strength of ODS steels vary with temperature?



How do the strengths compare with each other and with the strength of FM steel?



How does the ductility of ODS steels vary with temperature?



How does the ductility compare with each other and with the ductility of FM steel?

4.2 Tensile tests
A tensile test is the most common method to obtain basic information about the mechanical properties
of a material such as the strength and ductility. All the ODS steels exhibit a general decrease in yield
strength and ultimate tensile strength with an increase in temperature in the longitudinal direction as
can be seen from the strength versus temperature plot in Fig. 37a. A ferritic martensitic P91 non-ODS
steel (Fe9Cr0.1C1Mo0.5Mn0.46Si0.23V0.23Ni in wt. %) tested also in the longitudinal direction is
presented for comparison. ODS-KIT HE exhibits higher yield strength and ultimate tensile strength
than all the other materials from RT up to 400 ˚C. At temperatures greater than 400 ˚C, the yield
strength and ultimate tensile strength of all the materials drops at a higher rate. The differences in yield
and ultimate tensile strength at 600 °C are not as large as at RT for all the ODS steels. P91 exhibits
lower yield strength and ultimate tensile strength than ODS steels at all temperatures, however, the
differences in strengths at temperatures greater than 500 °C is not too large. As seen from the total
elongation versus temperature plot in Fig. 37b, the total elongation drops to a minimum value between
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200 ˚C and 400 ˚C for ODS steels and at 500 ˚C for P91 steel after beginning at a slightly higher value
at RT. An increase in total elongation is observed at temperatures greater than 500 ˚C with the highest
ductility at 600 ˚C for ODS steels and at 800 ˚C for P91 steels. A stronger drop in ductility is seen for
ODS steels above 600 ˚C possibly due to weakening of grain boundaries (discussed later).

Fig. 37 a) Yield strength and ultimate tensile strength and b) total elongation variation with increasing temperature for all three ODS steels along with P91 steel in the longitudinal direction.

4.2.1 Summary
The strength of all the ODS steels drop gradually between RT and 400 ˚C, while the drop at temperatures greater than 400 ˚C is steeper. ODS-KIT HE exhibits slightly higher strengths than the other
ODS steels between RT and 400 ˚C. Above 400 ˚C, the difference in strengths between all the ODS
steels is not much. The ductility of all the ODS steels are similar with the maximum ductility appearing close to 600 °C. ODS steels exhibit in general, higher strength and ductility than ferritic martensitic steel P91 in the temperature range of RT and 500 ˚C. Above 500 °C, ODS steels have similar
strength and ductility to P91.
The next section deals with the fracture toughness which, along with fracture mechanisms, constitutes
the fracture behaviour of materials. The tensile properties of a material form the basis for all the fracture toughness calculations. The following questions will be addressed in the next section:


How does the fracture toughness of ODS steels vary with temperature?



Is there a dependence of fracture toughness of ODS steels on orientation?



How does the fracture toughness of ODS steels compare with each other?



How does the fracture toughness of ODS steels compare with FM steel?

4.3 Fracture toughness tests
ODS steel samples were tested at various temperatures from -100 °C to 700 °C and in various orientations using JQ values (provisional JIC values determined by the intersection of the J-R curve with the
0.2 mm offset line) which are listed inTable 6. The energy release rate for elastic-plastic material, Jintegral or the JQ value, is proportional to the fracture toughness of a material. The variation of fracture
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toughness over the temperature range is plotted in the J Q versus temperature plots for different orientations. Even though single specimen per temperature was tested for some materials, the systematic testing at temperatures intervals of 100 ˚C gives an idea about the trend of the fracture toughness at a particular temperature range. The J-Δa or J-R curves, which represent the fracture properties of materials,
are also presented. The Load-load line displacement and the Δa – load line displacement curves provide information about the strength and ductility of the materials.

4.3.1 ODS-KIT HR
A general trend of decreasing fracture toughness (expressed in terms of J Q) with increasing temperature is observed for both the orientations, L-T and T-L (Fig. 38a). In the L-T orientation, with the exception of RT, the fracture toughness remains more or less constant up to 400 °C after which a rapid
decrease is observed. The T-L orientation exhibits a decrease in fracture toughness with increasing
temperatures up to 400 ˚C. The decrease above 400 ˚C is less steep as compared with the L-T orientation. The fracture toughness of the L-T orientation is higher than that of the T-L orientation at all temperatures. The T-L oriented samples tested at 200 °C, 400 °C and 500 °C encountered unstable crack
propagation (J Q values suffixed with U in Table 6). The J-R curve in the L-T orientation is steeper than
in the T-L orientation at RT as shown in Fig. 38b. The load maximum is higher for the L-T orientation
than for the T-L orientation as can be seen from the load versus load line displacement plot in Fig.
38c. The area under the curve is also larger for the L-T orientation. The T-L oriented specimens exhibit larger crack growth than the L-T oriented specimens for the same load line displacement at RT as
can be seen from the crack growth versus load line displacement plot in Fig. 38d.
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Fig. 38 a) Fracture toughness (JQ) values at various temperatures, b) J-integral versus crack growth
curves at RT, c) Load versus load line displacement curves at RT and d) crack growth versus load line
displacement curves at RT for L-T and T-L oriented specimen of ODS-KIT HR.
Table 6 Fracture toughness (JQ) values for ODS-KIT HR in various orientations and at various temperatures in kJ/m2.
Orientation

Temperature (˚C)
-100

22

100

200

400

500

600

700

L-T

49.2

78.2

45.6

43.4

50.1

31.6

17.1

12.9

T-L

45

28.4

15.8

19U

9.9U

13U

6.5

5.8

4.3.2 ODS-KIT HE
The L-C oriented specimens exhibit the highest fracture toughness followed by the C-R and C-L orientations as seen from the J Q versus temperature plot in Fig. 39a. At a temperature range of RT to
400 ˚C, the L-C oriented specimen shows a gradual decrease up to 400 ˚C, after which a steep decrease is observed. The fracture toughness of the C-R and C-L oriented specimen does not vary much
between RT and 400 ˚C, after which they decrease gradually. Unstable crack propagation took place in
ODS-KIT HE at RT in the C-R and C-L orientations. Their corresponding fracture toughness values
are suffixed with U in Table 7, where all the fracture toughness values at different temperatures are
presented. The L-C oriented specimens at 200 ˚C exhibited a much steeper J-R curve (Fig. 39b) than
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the C-R and C-L oriented specimen. For the test at 200 °C, the maximum load in the L-C and in the
C-R orientation is similar and is higher than the C-L orientation as seen from the load versus load line
displacement plot in Fig. 39c. The L-C orientation exhibits the largest area under the curve. Lesser
crack growth is observed for the L-C orientation as compared to the C-R and C-L orientations for the
same load line displacement at 200 ˚C as seen from the crack growth versus load line displacement
curve in Fig. 39d.

Fig. 39 a) Fracture toughness (JQ) values at various temperatures, b) J-R curves at 200 ˚C, c) Load
versus load line displacement curves at RT and d) crack growth versus load line displacement curves
at 200 ˚C for L-C, C-R and C-L oriented specimen of ODS-KIT HE.
Table 7 Fracture toughness (JQ) values for ODS-KIT HE in various orientations and at various temperatures in kJ/m2.
Orientation

Temperature (°C)
22

200

400

600

L-C

486.27

488.52

300.73

19.69

C-R

97.26U

146.17

95.6

4.04

C-L

44.07U

107.54

78.06

0.95
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4.3.3 ODS-CSM
The L-C oriented specimens exhibit the highest fracture toughness in ODS-CSM, similar to
ODS-KIT HE as seen from the J Q versus temperature plot in Fig. 40a. The fracture toughness in C-R
and C-L oriented specimens decreases gradually from RT to 600 ˚C while it drops steeply between
200 ˚C and 600 ˚C for the L-C oriented specimen. The crack propagation at all temperatures and in all
the orientations was stable and the fracture toughness values are presented in Table 8. The J-R curve at
RT shows a steeper curve for the L-C oriented specimen followed by the C-R and the C-L orientated
specimens (Fig. 40b). For the test at RT, as also presented in the load versus load line displacement
plot in Fig. 40c, the maximum load and the area under the curve is highest in the L-C orientation followed by the C-R and C-L orientations. The crack growth was the least at RT for the L-C orientation
followed by the C-R and C-L orientations for the same load line displacement as can be seen from the
crack growth versus load line displacement plot in Fig. 40d. A similar trend was also observed in
ODS-KIT HE at 200 °C (Fig. 39d).

Fig. 40 Fracture toughness (JQ) values at various temperatures, b) J-R curves at RT, c) Load versus
load line displacement curves at RT and d) crack growth versus load line displacement curves at RT
for L-C, C-R and C-L oriented specimen of ODS-CSM.
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Table 8 Fracture toughness (JQ) values for ODS-CSM in various orientations and at various temperatures in kJ/m2.
Orientation

Temperature (°C)
22

200

400

600

L-C

63.68

62.64

43.87

27.35

C-R

35.48

28.72

16.7

13.13

C-L

15.31

10.87

7.5

5

4.3.4 Comparison
ODS-KIT HE exhibits overall higher fracture toughness values (Table 7) than the other two ODS
steels in all orientations from RT to 400 ˚C. The fracture toughness in the strongest orientation is plotted against the yield strength for various materials at different temperatures and is presented in Fig.
41a. The fracture toughness values are well above the acceptable fracture toughness limit of JQ = 45
kJ/m2 (KJQ = 100 MPa√m) as reported by Byun et al. [7] and are close to the fracture toughness values
of P91 steel in the temperature range of RT to 400 ˚C. The P91 steel used for comparison exhibited no
fracture anisotropy. All the three ODS steels are above the acceptable limit in the temperature range of
RT to 400 ˚C and also possess sufficient yield stress for engineering applications (> 500 MPa). Between 400 ˚C and 600 ˚C, ODS-KIT HE loses fracture toughness steeply and drops below the acceptable limit (Fig. 41a). The fracture toughness of ODS-KIT HR and ODS-CSM also drops below the
acceptable limit in this temperature range but the drop is not as steep as compared to ODS-KIT HE.
The fracture toughness loss is accompanied by large yield strength deterioration for all the ODS steels.
The fracture toughness of P91 steel on the other hand drops only slightly between 200 ˚C and 400 ˚C
but is still easily above the acceptable fracture toughness limit. Above 400 ˚C, the fracture toughness
of P91 steel increases again. The yield strength of P91 deteriorates to a value below 500 MPa at and
above 200 ˚C.
Among the ODS steels, the load maximum for ODS-KIT HR is the highest followed by ODS-KIT HE
and ODS-CSM at 200 ˚C as seen from the load versus load line displacement plot in Fig. 41b. However, the load maximum for P91 is the highest. The area under the graph is highest for ODS-KIT HE and
P91 followed by ODS-KIT HR and ODS-CSM. At 600 °C, among the ODS steels, the maximum load
for ODS-KIT HR still remains the highest, yet lower than P91 steel (Fig. 41d). Although the area under the graph for ODS-KIT HE reduces drastically at 600 °C as compared with the test at 200 ˚C, the
area under the graph for P91 still remains higher than all of the ODS steels.
At 200 °C, among the ODS steels, the least crack growth takes place for ODS-KIT HE followed by
ODS-KIT HR and ODS-CSM for the same load line displacement as seen from the crack growth versus load line displacement curve in Fig. 41c. P91 steel exhibits similar crack growth as ODS-KIT HE.
At 600 °C, all the ODS steels exhibit similarly high crack growth (steeper than at 200 °C) while P91
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steel exhibits a much lower crack growth for the same load line displacement (shallower than at
200 °C) (Fig. 41e).

Fig. 41 a) Fracture toughness (JQ value) versus yield stress plots at different temperatures, (b and d)
load versus load line displacement curves at 200 ˚C and 600 ˚C respectively and (c and e) crack
growth versus load line displacement curves at 200 ˚C and 600 ˚C respectively for all the three ODS
steels in their strongest orientations (L-C and L-T) along with P91 ferritic martensitic steel.

4.3.5 Summary
There is a general trend of decreasing fracture toughness with increasing temperature for all the ODS
steels. There is also a dependence of fracture toughness with specimen orientation. The lowest fracture
toughness is exhibited by specimen orientations which have crack propagation direction parallel to the
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rolling/extrusion direction. All the ODS steels perform well and exhibit fracture toughness above the
acceptable limit in the temperature range of RT to 400 °C. ODS-KIT HE especially reaches high fracture toughness in this temperature range, almost comparable with P91. Above 400 °C, the fracture
toughness of all ODS steels go below the acceptable limit and the yield strength also reduces drastically.
After fracture toughness, it is important to understand the fracture mechanisms in order to completely
describe the fracture behaviour of a material. For that purpose, we will look at the fracture surfaces in
the next section. Some questions pertinent for the next section are:


How do the primary fracture surfaces look like?



Are there secondary cracks and if yes, how does secondary fracture surface look like?



What influence do secondary cracks have on primary cracks?



What are the fracture mechanisms working at various temperatures?

4.4 Fracture surfaces
After fracture toughness testing, the samples were heat tinted and broken apart. The fracture surfaces
were investigated under SEM. Each fracture surface narrates a different story giving information about
the fracture mechanisms involved. Primary and secondary fracture surfaces were examined for all
ODS steels at various temperatures and orientations. The coloured region seen on the fracture surfaces
is formed due to heat tinting after testing and represents the crack growth region. At and above 400 ˚C,
no additional heat tinting was required as the heat tinting took place during testing.

4.4.1 ODS-KIT HR
Primary cracks
The fracture surfaces comprise of a non-uniform primary crack growth region together with secondary
cracks, which are growing in a plane perpendicular to the primary crack plane and running ahead of
the primary crack as can be seen from the stereo microscopic images in Fig. 42. The primary crack
growth region of the T-L oriented specimen at 200 ˚C and 400 ˚C are not clearly visible due to unstable crack propagation. Secondary cracks can be observed at all the testing temperatures for the L-T
oriented specimen but disappear at and above 200 ˚C for the T-L oriented specimen. Primary crack
growth is retarded at regions where secondary cracks grow resulting in its irregular shape. The ASTM
nine point method suggests no more than 0.05B (where B is the thickness of the C(T) specimen) deviation of the individual primary crack measurements from the average measured final primary crack
length. This condition was not fulfilled due to the irregular nature of the primary crack and hence only
a provisional J value (J Q) could be determined (section 4.3).
At -100 ˚C, the L-T oriented specimens experienced both cleavage and ductile fracture as can be seen
from the SEM images of fracture surfaces (Fig. 43a, b and c) which shows the existence of both cleav61
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age facets and dimples on the same fracture surface. The cleavage fracture region is formed after a
small ductile fracture region is already formed (Fig. 43b). The T-L oriented fracture surface at -100 ˚C
contains shallower dimples (Fig. 43f) mixed with a few flat cleavage features (Fig. 43d). At RT, the
L-T oriented fracture surface is marked with equiaxed dimples whereas slightly elongated flat dimples
in the direction of rolling are observed in the T-L oriented fracture surface (Fig. 44).
In the ductile regime (T ≥ RT), regions of fine, medium and large dimples can be observed on the fracture surfaces similar to the one seen for the test at 100 ˚C in the T-L orientation as seen from the SEM
image in Fig. 45. The fracture morphology remains predominantly ductile at 200 ˚C and changes to a
nano-feature like morphology without dimples at 600 ˚C as can be seen from the SEM image in Fig.
46 which shows the primary fracture surfaces of the L-T orientation at different temperatures. Therefore, the fracture surfaces reflect the trend of JIC with temperature.

Fig. 42 Stereo microscope images of ODS-KIT HR fracture surfaces at different temperatures and
orientations exhibiting secondary cracking.

Fig. 43 SEM images of the fracture surfaces at -100 ˚C showing cleavage and ductile fracture in the
(a-c) L-T oriented specimen and the (d-f) T-L oriented specimen of ODS-KIT HR.
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Fig. 44 SEM images of the fracture surfaces at RT showing equiaxed dimples in (a) L-T oriented specimen and flat dimples in (b) T-L oriented specimen of ODS-KIT HR.

Fig. 45 SEM fracture surface image of ODS-KIT HR at 100 ˚C in the T-L orientation. Three different
zones of dimples with different sizes are observed.
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Fig. 46 SEM images of the fracture surfaces in the L-T orientation at (a and d) RT, (b and e) 200 ˚C
and (c and f) 600 ˚C of ODS-KIT HR.
Secondary cracks
The secondary cracks in the L-T oriented sample were broken apart at various temperatures according
to the cutting scheme in Fig. 16 and investigated using SEM. They are presented in Fig. 47. At RT, the
presence of a predominantly cleavage fracture surface with some regions of dimples is observed (Fig.
47a, b and c). At 200 ˚C, dimples (Fig. 47d, e and f) and at 600 ˚C, nano-features without dimples are
predominantly observed on the fracture surface (Fig. 47g, h and i).
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Fig. 47 Stereo microscope and SEM images of the secondary crack fracture surfaces of ODS-KIT HR
at (a-c) RT, (d-f) 200 ˚C and (g-i) 600 ˚C.

4.4.2 ODS-KIT HE
The fracture surfaces in hot-extruded materials comprise of a rather uniform crack growth region with
minor or no secondary cracking at all temperatures and orientations as can be seen from the stereo
microscopic images in Fig. 48. Unstable primary crack growth was observed at RT for the C-R and
C-L orientations.
Fracture morphology with features parallel to the extrusion direction is observed at RT for various
orientations as seen from the SEM images in Fig. 49. The fracture surface in the L-C orientation predominantly exhibits regions with dimples and occasional flat regions (Fig. 49d) while predominant
cleavage fracture with flat surfaces and occasional ductile tearing with dimples are observed in the
C-R and C-L orientations at RT (Fig. 49e and f) similar to what was reported in reference [109]. High
magnification SEM images of fracture surfaces of differently oriented specimens at different temperatures are presented in Fig. 50. Steps and ridges characteristic of cleavage fracture at RT in the C-R and
C-L orientations can also be found in Fig. 50e and i. The fracture surfaces at 200 ˚C and 400 ˚C exhibit dimples characteristic of ductile fracture (Fig. 50a, b, c, f, g, j and k). At 600 ˚C, particle like nano65
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features devoid of dimples which are characteristic of intergranular fracture are observed (Fig. 50d, h
and l). Such nano-features on the fracture surface were also observed in other works [66,68,97,98].
In the ductile regime (T ≥ 200 ˚C), the fracture surface consists of flat regions of large dimples, medium dimples (mean size 3.2 µm) and fine dimples (mean size 0.7 µm) as can be seen from the SEM
image of the fracture surface in the C-R orientation tested at 200 °C (Fig. 51). On the macro scale, at
400 ˚C, the fracture surface exhibits deeper grooves and is more undulating as compared with 200 ˚C.
Flat and large dimples, seen on the fracture surface at 200 ˚C become deeper and less flat at 400 ˚C
(Fig. 52d and e). At 600 ˚C, the fracture surface looks the flattest and no dimples are seen (Fig. 52f).

Fig. 48 Stereo microscope images of the ODS-KIT HE fracture surfaces in different orientations and
at different temperatures.
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Fig. 49 Low (a-c) and high (d-f) magnification SEM images of the fractures surfaces at RT in different
orientations of ODS-KIT HE.

Fig. 50 High magnification SEM images of the fracture surfaces in the L-C (a-d), C-R (e-h) and C-L
orientations (i-l) at different temperatures of ODS-KIT HE.
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Fig. 51 SEM fracture surface image of ODS-KIT HE at 200 ˚C in the C-R orientation. Three different
zones of dimples with different sizes are observed.

Fig. 52 Fracture surfaces of the C-R oriented specimens at 200 ˚C (a and d), 400 ˚C (b and e) and
600 ˚C (c and f) of ODS-KIT HE.
Secondary cracks
A partially formed secondary crack which is arrested by the surrounding microstructure can be seen on
the SEM image of the fracture surface of the L-C oriented sample at RT (Fig. 53). The other orientations exhibit minor or no secondary cracking. Secondary cracks as extensive as in ODS-KIT HR are
not observed.
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Fig. 53 SEM image showing an arrested secondary crack in a) low magnification and b) high magnification in the L-C oriented specimen of ODS-KIT HE at RT.

4.4.3 ODS-CSM
The fracture surfaces in ODS-CSM comprise of a uniform crack growth region with minor or no secondary cracking at all temperatures and orientations as can be seen from the stereo microscopic images
in Fig. 54. There was no instability in primary crack propagation in all the orientations at all temperatures.
Fracture morphology with features parallel to the extrusion direction is observed at RT for various
orientations as seen from the SEM images in Fig. 55. The macro fracture surfaces in all the orientations at RT are undulating, the C-L orientation being the flattest (Fig. 55d-f). High magnification SEM
images of the fracture surfaces of differently oriented specimens at different temperatures are presented in Fig. 56. Dimples, characteristic of ductile fracture are observed from RT to 400 ˚C in all the orientations (Fig. 56a, b, c, e, f, g, i, j and k). Arrows indicate the sub-micron particles which were found
inside the dimples (Fig. 56e). Nano-features with no dimples, characteristic of intergranular fracture,
are observed at 600 °C in all the orientations (Fig. 56d, h and l).
In the ductile regime (T ≥ RT), similar regions as in ODS-KIT HE are observed; containing fine dimples (mean size 0.7 µm) and medium dimples (mean size 1.1 µm) as can be seen on the fracture surface in C-R orientation at RT (Fig. 57). The large dimples in ODS-CSM however, are not as large as
in ODS-KIT HE. Low magnification SEM images of the primary fracture surface from the C-R oriented specimen at different temperatures are presented in Fig. 58. Undulating fracture morphology is
observed from RT up to 600 ˚C. Unlike ODS-KIT HE, the undulation of fracture surface does not
flatten drastically between 400 ˚C and 600 ˚C (Fig. 58g and h).
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Fig. 54 Stereo microscope images of the ODS-CSM fracture surfaces in different orientations and at
different temperatures.

Fig. 55 Low (a-c) and high (d-f) magnification SEM images of the fractures surfaces at RT in different
orientations of ODS-CSM.
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Fig. 56 High magnification SEM images of the fracture surfaces in the L-C (a-d), C-R (e-h) and C-L
oriented specimens (i-l) of ODS-CSM at different temperatures.

Fig. 57 SEM fracture surface image of ODS-CSM at RT in the C-R orientation. Three different zones
of dimples with different sizes are observed.
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Fig. 58 Fracture surfaces of the C-R oriented specimens at RT (a and e), 200 ˚C (b and f), 400 ˚C
(c and g) and 600 ˚C (d and h) of ODS-CSM.
Secondary cracks
Secondary cracks as extensive as in ODS-KIT HR are not observed. Only minor or no secondary
cracking is observed in all the orientations. A small partially formed secondary crack is seen on the
fracture surface of the specimen in the L-C orientation at RT which is arrested by the surrounding
microstructure as can be seen in the SEM image in Fig. 59a and b.

Fig. 59 SEM image showing an arrested secondary crack in a) low magnification and b) high magnification in the L-C oriented specimen of ODS-CSM at RT.

4.4.4 Summary
A non-uniform primary crack growth region is observed on the fracture surfaces of hot-rolled specimens with extensive secondary cracking while a uniform crack growth region is observed for hotextruded specimens with minor or no secondary cracking. The extent of secondary cracking decreases
with increase in temperature in hot-rolled specimens. Hot-rolled specimens exhibit more unstable primary crack propagation than hot-extruded specimen.
Fracture morphology with features parallel to the extrusion/rolling direction is observed for all the
ODS steels in all the orientations. Cleavage facets mixed with ductile regions are observed at or below
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RT. Predominant dimple regions are found on the fracture surfaces of all the ODS steels between RT
and 600 °C in most of the orientations. At and above 600 °C, nano-features without dimples are observed on the fracture surfaces of all the ODS specimens.
Another method of obtaining information about the fracture mechanisms is to study the crack propagation in a material. For this purpose, the results of the crack propagation investigation will be shared in
the next section. Some questions pertinent for the next section are:


Through which region of the microstructure do the cracks propagate?



What mechanism does primary and secondary crack propagation follow?



When do secondary cracks propagate with respect to primary cracks?



Does secondary crack propagation exhibit orientation dependence?

4.5 Crack propagation
Side surfaces of the propagated primary and secondary cracks were investigated using OM, SEM and
EBSD after fracture toughness testing. Polishing was sometimes deployed from the side surface to
reach the middle of the crack front.

4.5.1 ODS-KIT HR
Primary cracks
The SEM images of the side surfaces of tested C(T) specimens are shown in Fig. 60. At RT, the
amount of crack propagation for the L-T oriented specimen was 1 mm for a load line displacement of
1.02 mm while the amount of crack propagation for the T-L oriented specimen was 1.9 mm for a load
line displacement of 0.52 mm. Pre-existing pores perpendicular to the crack propagation direction are
observed in the L-T orientation while they are observed parallel to the crack propagation direction in
the T-L orientation as can be seen from the polished and etched OM images in Fig. 61. The crack tip
in the L-T oriented specimen looks blunted and has a larger radius (Fig. 61a) than the crack tip in the
T-L oriented specimen (Fig. 61b).
The primary crack appears to propagate preferentially through UFGs as seen in the EBSD grains distribution map of the primary crack in Fig. 62. It is seen that the primary crack propagation direction is
perpendicular to the arranged and elongated grains in the L-T orientation (Fig. 62a) while the crack
propagation direction is parallel to them in the T-L orientation (Fig. 62b). In both the L-T and T-L
orientations, the primary crack branches out in a direction parallel to rolling direction (L direction) as
seen from the magnified EBSD images of the selected regions (Fig. 62c - f).

73

4 Results

Fig. 60 Side view of the propagated crack in ODS-KIT HR after fracture toughness testing in different
orientations at RT using SEM on the sample side surface.

Fig. 61 Side view of the propagated crack close to the crack front middle after fracture toughness
testing in different orientations of ODS-KIT HR at RT using optical microscope on polished and
etched samples.
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Fig. 62 EBSD grain distribution map of the a) L-T and (b) T-L oriented specimen of ODS-KIT HR
showing primary crack growth with respect to arranged and elongated grains. Images (c-f) show the
magnified regions from images (a) and (b) indicating crack branching.
Secondary cracks
Interrupted fracture toughness test were performed on a T-L oriented specimen, which was loaded in
the elastic range at RT. The sample was then cut apart in the same plane as the primary crack plane
and polished. Secondary cracks were observed on the primary crack plane. The secondary cracks initiated even before primary crack growth took place as can be seen from the stereo microscopic image in
Fig. 63 (marked by arrows).

Fig. 63 The fracture surface after an interrupted fracture toughness test on the T-L oriented specimen
of ODS-KIT HR at RT. Arrows indicate the presence of secondary cracks before the growth of primary
crack.
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Secondary crack depths of the L-T and T-L oriented specimens tested at 100˚C were measured using
an optical microscope after sectioning and polishing the LS and TS planes, respectively, at every
0.5 mm secondary crack length. A schematic showing secondary crack length and depth of an L-T
oriented specimen is presented in Fig. 64. Cumulative crack depths (i.e. including all secondary
cracks) were measured. The secondary crack depths are not constant over the length of the secondary
crack and reach a maximum at 2.5 mm secondary crack length (marked in Fig. 64c). The OM image of
the secondary crack depth plane for the L-T and T-L specimens at 2.5 mm secondary crack length is
also shown in Fig. 64a and b, respectively. It is observed that the number and cumulative depth of
secondary cracks in the L-T orientation was greater than in the T-L orientation. It is noteworthy that,
the integral of the curves in Fig. 64c represent one half of the total fracture surface area formed for all
the secondary cracks.

Fig. 64 Optical microscope image showing secondary crack depths at the 2.5 mm secondary crack
length section at 100 ˚C in the a) L-T and b) T-L oriented specimen of ODS-KIT HR. c) Shows the
graph between cumulative secondary crack depth and secondary crack length for both the orientations. The maximum crack depths are reached at 2.5 mm crack length (marked in c and shown in a
and b)
EBSD IPF maps (x, y and z) of the TS plane (a plane parallel to the primary crack plane and containing a secondary crack) at RT and LS plane (a plane perpendicular to both the primary and secondary
crack plane and containing a secondary crack) at 600 ˚C for a L-T oriented specimen are shown in Fig.
65 and Fig. 66, respectively. Three line scans were performed for the crack at RT (Fig. 65e) and two
for the crack at 600 °C (Fig. 66d). The misorientation line scans with respect to the immediately previous point indicates that at RT, there are several locations across the crack where the misorientation
angle changes by 5 degrees or less (two of which are presented as line scan 1 and 2 in Fig. 65). Line
scan 1 is magnified in Fig. 65d. There are also few locations, where the misorientation angle changes
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by more than 15 degrees (e.g. line scan 3 in Fig. 65). At 600 °C, locations of low misorientation across
the secondary crack (< 5°) are not observed and only high misorientations exists (Fig. 66). The situation was found to be similar for T-L oriented specimens at both the temperatures.
With respect to the morphology of the secondary crack as seen from the side surface, the crack edges
at RT appear straighter with sharper features than at 600 °C. Similar sharp features were also observed
for other ODS-KIT HR specimens at similar testing conditions close to RT.

Fig. 65 Misorientation line scan across a secondary crack in an L-T oriented specimen of
ODS-KIT HR using EBSD IPF maps of TS plane at RT. Line scan 1 is magnified and the corresponding misorientation versus distance graph is displayed.
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Fig. 66 Misorientation line scan across a secondary crack in an L-T oriented specimen of
ODS-KIT HR using EBSD IPF maps of LS plane at 600 °C

4.5.2 ODS-KIT HE
The SEM images of the side surfaces of tested C(T) specimens are shown in Fig. 67. At RT, the
amount of crack propagation for the L-C oriented specimen was 0.92 mm for a load line displacement
of 1.61 mm, the amount of crack propagation for the C-R oriented specimen was 3.8 mm for a load
line displacement of 0.27 mm and the amount of crack propagation for the C-L oriented specimen was
3 mm for a load line displacement of 0.19 mm. Note that there was unstable crack propagation in the
C-R and C-L oriented specimens at RT. Morphological fracture features parallel to the extrusion direction can be seen in the high magnification SEM images in Fig. 67d-f.
In the C-L oriented specimen, there is minimal crack deviation and the crack appears to propagate
preferentially through the UFGs as seen from the EBSD grain distribution map containing the primary
crack as presented in Fig. 68. In the L-C orientation, the crack during propagation gets obstructed by
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the perpendicularly elongated coarse grains (Fig. 68b). Some regions of crack branching are also observed stemming out from the primary crack in the direction of extrusion.

Fig. 67 Side view of the propagated crack after fracture toughness testing in different orientations of
ODS-KIT HE at RT.

Fig. 68 EBSD grain distribution map of the a) C-L and b) L-C oriented specimen of ODS-KIT HE
showing side view of the primary crack growth with respect to the arranged and elongated grains.

4.5.3 ODS-CSM
The SEM images of the side surfaces of tested C(T) specimens are shown in Fig. 69. At RT, the
amount of crack propagation for the L-C oriented specimen was 1.24 mm for a load line displacement
of 0.35 mm, the amount of crack propagation for the C-R oriented specimen was 1.1 mm for a load
line displacement of 0.28 mm and the amount of crack propagation for the C-L oriented specimen was
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1.8 mm for a load line displacement of 0.13 mm. No unstable crack propagation was observed for all
the orientations. Morphological fracture features parallel to the extrusion direction can be seen in the
high magnification SEM images in Fig. 69d-f.
A large crack deviation close to the side surface of the C(T) specimen is observed for the L-C oriented
specimen tested at 400 ˚C (Fig. 70a and b). Close to the middle of the crack front, the crack still appears to move in a zig-zag fashion but deviates less as compared to the side surface and generally
propagates in a straight line (Fig. 70c and d). A higher magnification backscattered SEM image is
presented in Fig. 70e which indicates that the crack propagation at this temperature is through void
growth and coalescence.
Crack deviation through UFGs is observed in the EBSD grain distribution map containing a propagating crack in the C-R orientation (Fig. 71a). The primary crack propagation in the L-C orientation is
perpendicular to the zones of coarse and fine grains (Fig. 71b) and crack deviation into a plane inclined 45˚ to primary crack plane is observed.

Fig. 69 Side view of the propagated crack after fracture toughness testing in different orientations of
ODS-CSM at RT.
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Fig. 70 Side view of the propagated crack close to the specimen surface after fracture toughness testing (a and b) and close to the crack front middle after sectioning and etching (c-d) in the L-C orientation of ODS-CSM at 400 ˚C.

Fig. 71 EBSD grain distribution map of the a) C-R and b) L-C oriented specimen of ODS-CSM
showing the side view of the primary crack growth with respect to the grains.

4.5.4 Summary
The primary crack seems to propagate through the UFG regions. Crack growth is always greater in
orientations in which the primary crack propagates parallel to the rolling/extrusion direction. The
coarse and fine-grained zones in such cases are elongated in the crack propagation direction. In cases
where the crack propagation direction is perpendicular to the elongated coarse and fine-grained zones,
the crack growth is lesser.
Secondary cracks initiate at lower loads as compared with the primary cracks and also exhibit orientation dependence. They were mainly observed in hot-rolled material. The secondary cracks follow similar fracture mechanisms as primary cracks and depend on the test temperature.

81

4 Results
We now have information about all the ODS steels with respect to their microstructure and fracture
behaviour. In the discussion section, the information from the results section will be exploited to highlight the main questions of this research, which were already mentioned in the introduction section:


What are the microstructural factors which affect fracture toughness and why some ODS
steels exhibit higher fracture toughness than the others?



On what microstructural factors is the observed fracture anisotropy dependent?



On what microstructural factors is secondary cracking dependent and why does it vary for hotrolled and hot-extruded materials?
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All the three ODS steels exhibit ductile fracture from RT to 400 ˚C except ODS-KIT HE at RT in the
C-R (Fig. 49b) and C-L orientations (Fig. 49c). This brittle behaviour is probably due to its higher
ductile to brittle transition temperature (DBTT) which arises from its low Ni content and higher average coarse grain size [110]. Impact testing to determine the DBTT could not be performed since large
amounts of material were unavailable. Small punch tests (SPT) were used alternatively to investigate
the DBTT and the results confirmed that ODS-KIT HE had a higher DBTT than the other materials. A
comparative study will be published in the future [111]. It is noteworthy however, that SPT only gives
an indication about the comparative DBTT of the materials and cannot be directly compared with the
traditional Charpy V notch DBTT values.
The fracture toughness of the ODS steels is lower than P91 steel in the temperature range of RT to
400 ˚C, except ODS-KIT HE (Fig. 41a). This exception is also evident from the lesser crack growth of
both ODS-KIT HE and P91 steel for the same load line displacement (Fig. 41c).The fracture toughness of all the ODS steels drops drastically at high temperatures (T > 400 ˚C) due to intergranular fracture as observed from the fracture surfaces at 600 ˚C (Fig. 46, Fig. 50 and Fig. 56). This drop in fracture toughness is corroborated by the crack growth versus load line displacement plots at 600 °C
which shows a high crack growth for all the ODS steels (Fig. 41e). The reasons for this loss of fracture
toughness can be linked to the weakening of grain boundaries due to segregation of O, N and C at the
grain boundaries [69], dislocation pileup at the grain boundaries [68,98,112], Ti and O rich stringers at
the prior particle boundaries [113] and shallow plastically deformed zone formation [66]. From the
fracture surfaces at 600 ˚C (Fig. 52c and Fig. 58d), it is clear that the fracture surface undulation reduces as compared with lower temperatures as the plastic zone becomes shallower. The loss of undulation in the fracture surface from 400 ˚C to 600 ˚C is the highest in ODS-KIT HE resulting in the highest loss in fracture toughness at 600 ˚C (Fig. 41a). More information about high temperature deformation mechanisms were reported elsewhere [52,68,96]. Cr segregations at the grain boundaries of
ODS-CSM however, possibly acts as barriers to grain boundary movement thus making grain boundary sliding difficult at high temperatures. The degradation of fracture toughness from 400 ˚C to 600 ˚C
is therefore lower for ODS-CSM than ODS-KIT HE and ODS-KIT HR. Similar effect was observed in
reference [54]. The non-ODS reference FM steel P91 exhibits much higher fracture toughness at higher temperatures than ODS steels. Similar results were also reported in reference [7]. This is also evident from Fig. 41e which shows lesser crack growth for P91 steels at 600 ˚C in comparison with ODS
steels for the same load line displacement.
Although fracture behaviour at higher temperature is very important from the point of view of application, it is not the primary focus of this research. The three main questions pertaining to this research,
as mentioned earlier, are relevant for a lower temperature range and will now be discussed in the subsequent sub-sections.
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5.1 Factors affecting fracture toughness
In the temperature range of RT to 400 ˚C, ductile fracture prevails in most ODS steels and orientations
apart from a few exceptions as mentioned earlier. In ductile fracture, according to the stress-modified
critical strain criteria, fracture in an isotropic material takes place when the local equivalent plastic
strain exceeds a critical fracture strain ̅ϵ∗f over a characteristic distance l∗0 [114–116]. The fracture
toughness in terms of mode I J-integral value (𝐽𝐼𝐶 ) is proportional to the yield stress, the critical fracture strain and the inter-particle spacing (Eq. 18). In Eq. 18, the product of critical fracture strain and
characteristic length represents the local ductility of the material. In another work, Ashby suggested
that the decohesion strain between a void initiating particle and its matrix is dependent on the work of
adhesion between them and other factors as presented in Eq. 19 [116–118]. In this context, it is assumed that the void initiating particles are of equal size, are equally spaced and pre-existing dislocation density and tangling are neglected.
For the initiation of ductile fracture, one can assume that the critical fracture strain (𝜖̅𝑓∗ ) is equal to the
decohesion strain (𝜖) between the void initiating particle and the matrix. Therefore, 𝐽𝐼𝐶 can be written
in terms of microstructural parameters (W, l and d), yield stress, shear modulus and Burgers vector
(Eq. 20). All the parameters were determined using mechanical testing and microstructural investigations except W, which is obtained indirectly.

𝐽𝐼𝐶 ~ 𝜎0 ∗ 𝜖̅𝑓∗ ∗ 𝑙
𝜖=

2∗ 𝑊∗ 𝑙

where,
𝜎0 = Yield stress
𝜖̅𝑓∗ = Critical fracture strain
𝜖 = Decohesion strain between particle and matrix
𝑙 = Mean void initiating particle spacing
𝑊 = Work of adhesion or particle-matrix bond strength
𝐺 = Shear modulus
𝑑 = Size of the void initiating particle
𝑏∗ = Burgers vector
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(19)

𝐺∗𝑏∗ ∗𝑑

𝐽𝐼𝐶 ~ 𝜎0 ∗

(18)

2∗ 𝑊∗ 𝑙2
𝐺∗𝑏∗ ∗𝑑

(20)
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5.2 Anisotropic fracture behaviour
The fracture toughness of the L-T oriented samples is higher than that of the T-L oriented samples
(Fig. 38a and b) in ODS-KIT HR which is in accordance with previous works on hot-rolled materials
[29,74,77]. The hot-extruded specimens from ODS-KIT and ODS-CSM also exhibits fracture toughness anisotropy with the L-C orientation possessing the highest fracture toughness followed by the
C-R and C-L orientations (Fig. 39a, b and Fig. 40a, b). This is also in accordance with previous works
[29,39,77,78]. There are three fundamental factors which contribute towards fracture anisotropy. How
these three factors influence the fracture toughness anisotropy will be discussed in the next subsections. These factors are:
1. Anisotropic crystallographic orientation
2. Anisotropic particle distribution
3. Anisotropic grain morphology

5.2.1 Anisotropic crystallographic orientation
A <110> texture parallel to the rolling or extrusion direction (L) is found in all the materials (Fig. 19,
Fig. 25 and Fig. 33), both for the fine and the coarse grains (Fig. 20, Fig. 26 and Fig. 34). This affects
the shear modulus of a material in different orientations. Walpole et al. proved that minimum shear
modulus in a cubic crystal is achieved in the (110) plane [119]. It must be noted that the variation between the minimum and maximum shear modulus varies for different materials with different anisotropic factors. For iron, this variation is significant. The minimum shear modulus is calculated to be 48
GPa using compliance constants of BCC iron [120]. Due to the <110> texture in the extrusion direction, this shear modulus value corresponds to the L-C oriented specimen (primary crack plane parallel
to (110) plane). The other directions perpendicular to the longitudinal direction contained a mixture of
all crystal orientations with no dominant texture and hence can be considered isotropic. The isotropic
shear modulus was calculated to be 73 GPa using the compliance constants of BCC iron [121]. This
shear modulus value corresponds to the C-L and the C-R oriented specimens. The ratio of minimum
shear modulus in the longitudinal direction (L) to isotropic shear modulus in the orthogonal directions
is therefore calculated to be 0.66.
It was also reported in another work that the <110> direction (which is parallel to the extrusion/rolling
direction) exhibits higher void nucleation and growth in ductile fracture as compared to the other directions [122]. This is due to because of the high Taylor factor for the <110> direction as compared to
other directions, making it the hardest direction.
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5.2.2 Anisotropic particle distribution
Nano- and sub-micron particles
Particles can be classified as nano-particles or as sub-micron particles depending on their size as described in previous sections. The former are responsible for the strength or flow stress of the material.
The size and the inter-spacing of the nano-particles determine how effectively they can obstruct dislocations. The distribution of the nano-particles is not perfectly homogenous in all the materials as can
be seen from Fig. 21 for ODS-KIT HR, Fig. 27 for ODS-KIT HE and Fig. 35b for ODS-CSM. Yet, the
yield stress of the material was reported to be similar in the longitudinal and transverse direction in
previous works [39,71]. This is possibly because dislocation obstruction in the bulk material considered as a macroscopic phenomenon does not get affected by the local inhomogeneities of the nanoparticle distribution.
Ductile fracture takes place through void growth and coalescence on the void initiating particles and
pre-existing pores. Chaouadi et al. [70] reported that the stress-strain incompatibility between the hard
nano-particles and the soft iron matrix promoted void nucleation, growth and coalescence. However, it
was reported in other studies that void initiation, growth and coalescence is preferred on the submicron particles rather than on the nano-particles [14,95,116,123]. In the present work, particles of the
size similar to the sub-micron particles are observed inside the dimples on fracture surfaces as marked
by arrows in Fig. 56e. This confirms that ductile fracture arises through the sub-micron particles. Also,
due to the resolution limit of the SEM, no evidence was discovered for the role of the nano-particles in
dimple formation. Similar conclusions were made in reference [22]. Byun et al. [22,66] found that the
fracture processes occurring on the nano-scale have limited influence on the fracture toughness and
that the meso- and the macroscopic failure mechanisms are the main reasons for the failure. Taking all
these observations into account, the sub-micron particles are given the main focus in the present work
for the ductile fracture mechanisms which take place between RT and 400 ˚C. For the sub-micron
particles, using Eq. 20, one could say that the larger the inter-particle spacing (l) and the smaller the
particle size (d) is, the higher the fracture toughness is. These two parameters can vary from one material to the other and also within different regions of a single material due to inhomogeneity and anisotropy.
Fracture surface morphology
The fracture surfaces exhibit dimples in the ductile regime for all the materials. The width and the
height of a dimple seen on the fracture surface, depends on the size and the number density of the void
initiating particles. When the particles are densely packed, the dimples are finer as a growing dimple
meets its neighbour at short distances and its growth is stopped. When the particles are located far
away from each other, the dimples can grow and reach larger dimensions before their growth is
stopped by its neighbouring dimple. The pronounced existence of large and medium sized dimple regions in ODS-KIT HR (Fig. 45) and in ODS-KIT HE (Fig. 51) in the ductile regime suggest a high
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number of low number density sub-micron particle (LD) regions. The flat regions are not formed due
to debonding of oxide coated prior particle boundaries as suggested earlier in some studies [42] but are
formed due large inter-particle spacing and low ductility. To support this claim, it can be seen from
Fig. 52d and e, that the flat region on the fracture surface at 200 ˚C changes into deep dimples at
400 ˚C due to the higher degree of plasticization. This clearly indicates the fracture mechanism to be a
typical trans-granular ductile fracture mechanism. The high number of LD regions in ODS-KIT HE is
also corroborated by the TEM image in Fig. 28b where thin bands of high number density Ti-enriched
sub-micron particles and thick zones of low number density sub-micron particles are observed.
As the large dimples in ODS-CSM are not as big as the large dimples in ODS-KIT (Fig. 57), it suggests denser sub-micron particle distribution in ODS-CSM, even in the LD regions. As compared with
ODS-KIT HE, thinner sub-micron particle LD regions are present in ODS-CSM. TEM images indicate
the presence of Si and O-enriched sub-micron particles in the HD zones which are parallel to the extrusion direction (Fig. 32). These sub-micron particles are formed in ODS-CSM possibly due to the
high Si content in the matrix and due to the contaminations picked up during the manufacturing process. It is fair to assume that improper milling led to inhomogeneous sub-micron particle distribution.
Interaction of crack front with sub-micron particles
To understand the effect of the sub-micron particle distribution anisotropy on the fracture toughness,
the intersections of the sub-micron particles arranged in the direction of rolling/extrusion can be visualized with the crack propagation planes in all the orientations (Fig. 72). For simplicity, only ODSKIT HE is analysed for particle anisotropy. A similar analysis can be performed for the other ODS
steels. The crack front propagates through the low number density (LD) and the high number density
(HD) particle regions simultaneously or sequentially as shown in Fig. 72 for different orientations.
Therefore, the parameters l and d vary for different crack planes and an effective l and d needs to be
calculated.
Using Eq. 20 for the ductile fracture of ODS-KIT HE at 200 ˚C, one can find the ratios of the fracture
toughness in the different orientations (C-R/C-L and L-C/C-L) and correlate it with ratios of the microstructural features (l and d), shear modulus and yield stress (Eq. 21):
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Fig. 72 Schematic showing propagating primary crack planes in different orientations and their relation with the high number density sub-micron particle regions (HD) and the low number density submicron particle regions (LD) aligned parallel to the extrusion direction.
C-L orientation
It is seen that the crack propagates through the HD and LD regions simultaneously. The sub-micron
particles are arranged parallel to the extrusion direction which is also the direction of crack propagation (Fig. 72). The resistance to crack propagation is higher in the LD region than in the HD region.
Effective values of the inter-particle spacing and the particle size for the propagating crack plane are
calculated using a parallel combination of LD and HD particle regions weighted with their area fractions (𝑝𝐻𝐷 and 𝑝𝐿𝐷 ) (Eq. 22 and 23). This is analogous to a mechanical system with parallel springs.
The effective values are presented in Table 9.
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𝑙𝐶𝐿 = 𝑙𝑒𝑓𝑓 = 𝑝𝐻𝐷 ∗ 𝑙𝐻𝐷 + 𝑝𝐿𝐷 ∗ 𝑙𝐿𝐷

(22)

𝑑𝐶𝐿 = 𝑑𝑒𝑓𝑓 = 𝑝𝐻𝐷 ∗ 𝑑𝐻𝐷 + 𝑝𝐿𝐷 ∗ 𝑑𝐿𝐷

(23)
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where,
𝑙𝑒𝑓𝑓 = Effective inter-particle spacing in the C-L orientation
𝑑𝑒𝑓𝑓 = Effective particle size in the C-L orientation
𝑙𝐻𝐷 = Inter-particle spacing in the high number density region
𝑙𝐿𝐷 = Inter-particle spacing in the low number density region
𝑑𝐻𝐷 = Particle size in the high number density region
𝑑𝐿𝐷 = Particle size in the low number density region
𝑝𝐻𝐷 = Fraction of high number density particle region encountered by the crack front
𝑝𝐿𝐷 = Fraction of low number density particle region encountered by the crack front
Table 9 Microstructural parameters of inter-particle spacing and particle size in the C-L orientation.
𝑝𝐻𝐷

𝑝𝐿𝐷

𝑙𝐿𝐷 2

𝑑𝐿𝐷

𝑙𝐻𝐷 2

𝑑𝐻𝐷

2
𝑙𝑒𝑓𝑓

𝑑𝑒𝑓𝑓

ODS-KIT HE

0.05

0.95

0.76

0.06

0.048

0.06

0.701

0.06

ODS-CSM

0.42

0.58

2.72

0.09

8.58

0.47

4.78

0.25

Material

C-R orientation
In the C-R orientation, the crack plane propagates through the HD and the LD regions sequentially as
the direction of crack propagation is perpendicular to extrusion direction (Fig. 72). The JIC value depends on the regions through which the crack propagates until a crack extension of 0.2 mm is reached.
In case of ODS-KIT HE, as the HD regions are very thin, it is reasonable to assume that the crack
travels predominantly through the LD regions. Consequently, the inter-particle spacing and the size of
the particle can be associated with the LD region as presented in Table 10.
L-C orientation
The crack has to cut through both the HD and the LD regions towards a direction perpendicular to the
extrusion direction (Fig. 72). The HD and LD regions are parallel to the extrusion direction and perpendicular to the crack propagation direction. A similar simplification assuming crack propagation
occurring predominantly through the LD regions can also be made for the L-C orientation as it was
done for the C-R orientation (Table 10).
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Table 10 Microstructural parameters of inter-particle spacing and particle size in the LD regions for
the C-R and L-C orientations.
Material

𝑙𝐿𝐷 2

𝑑𝐿𝐷

ODS-KIT HE

0.76

0.06

Table 11 Ratios of contributing factors to ODS-KIT HE fracture toughness in the C-R and L-C orientations with respect to the C-L orientation at 200 ˚C (Eq. 21).
Orientation
Ratio

𝐽𝐼𝐶 𝑅𝑎𝑡𝑖𝑜

𝜎0 𝑅𝑎𝑡𝑖𝑜

G Ratio

𝑙 2 𝑅𝑎𝑡𝑖𝑜

𝑑 𝑅𝑎𝑡𝑖𝑜

CR/CL

1.36

≈1

1

1.08

1

LC/CL

4.54

≈1

≈1.5

1.08

1

Analysis
The ratios of contributing factors for the fracture toughness are obtained using Eq. 21 and are presented in Table 11. It is noticed that the yield stress ratio of the material remains similar from RT to 400
˚C in different orientations [39,71] and did not dominantly contribute to the fracture anisotropy. Crystallographic texture of <110> parallel to the extrusion direction results in different shear moduli in
different planes (section 5.2.1). This means that the shear modulus of the material in the L-C orientation (towards extrusion direction) is the lowest and its ratio with the shear modulus in the C-L orientation is close to 1.5. This contributes to the increase in fracture toughness ratio. However, the increase
is not big enough to compensate for the actual increase in the fracture toughness observed during the
JLC

experiment ( IC
CL = 4.54). The C-R and C-L orientations are considered to be equally isotropic and
JIC

hence their shear moduli are assumed to be equal. It is observed from Table 11 that the inter-particle
spacing and particle size ratios do not significantly contribute to the increase in fracture toughness
ratios of the C-R and L-C orientations with the C-L orientation (Table 11). This is due to the fact that
Eq. 20 was derived for isotropic materials where the particles are of equal size, have equal spacing and
have isotropic grains. There is therefore, another factor, missing from Eq. 20, which contributes to the
increase in the fracture toughness. This is discussed in the next sub-section.

5.2.3 Anisotropic grain morphology
The microstructure in all the materials is bimodal and elongated towards the rolling/extrusion direction
(Fig. 18, Fig. 23 and Fig. 31). Many of the fine grains, especially less than 1 µm, can be classified as
ultra-fine grains (UFGs) [124]. The mechanical properties of the UFGs are different from that of the
coarse grains with respect to strength and deformation capability. Coarse grains have lesser strength
and are able to deform much more than fine grains as the dislocations can interact with each other
within the grains forming dislocation cells. The UFGs have a lower deformation capability as dislocations assemble and rearrange themselves at the grain boundary reaching saturation [85,124–126]. This
is associated with hardening leading to a higher yield stress with evolving plastic strain. The crack
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propagation in the C(T) specimens preferentially follows the ultra-fine grained region as seen through
the examples of ODS-KIT HR (Fig. 62) and ODS-KIT HE (Fig. 68a). During loading of the C(T)
specimen, the coarse grains reach their yield point first and deform plastically. The fine grains reach
their yield point next, but cannot plastically deform significantly, thus initiating voids which subsequently assist the primary crack to propagate. Similar fracture behaviour for a non-ODS bimodal alloy
was reported in reference [125].
Hot-rolled material
For the case of ODS-KIT HR, the primary crack propagation in the T-L specimen is along the rolling
direction (L direction). The crack propagation has a relatively free path (Fig. 62b) through the ultrafine grains (arranged in the L direction) and does not face obstruction from the coarse grains which are
elongated parallel to the rolling direction and has a GAR value of 10 in the LS plane. The primary
crack propagation in the L-T specimen is along the transverse direction (T direction) which is less
assisted by fine grains (arranged more in the L than in the T direction) and is less obstructed by the
coarse grains which have a GAR value of 4 in the TS plane (less elongated in the TS than in the LS
plane). The primary crack in the L-T specimen is blunted by the coarse grains (Fig. 62a). Similar
mechanism was also seen in reference [125]. Crack branching in the fine grains is observed to be in a
direction parallel to the rolling direction in both the L-T (Fig. 62c and d) and the T-L orientations (Fig.
62e and f). The dissipation of energy by crack branching is more in the L-T than in the T-L orientation
as the crack has to deviate more from its original path (along the primary crack). This energy dissipation by branching retards the primary crack propagation. The energy required to propagate the primary
crack in the L-T oriented specimen is therefore more than in the T-L oriented specimen resulting in its
higher fracture toughness.
Hot-extruded material
In case of hot-extruded materials, the crack propagates through the ultra-fine grains (UFGs) which are
arranged in zones elongated in the extrusion direction (Fig. 73a). For ODS-KIT HE in the C-L orientation, there is a possibility of crack deviation towards other adjacently lying ultra-fine grained zones. A
schematic of how the grain morphology affects the crack propagation in the extrusion direction is presented in Fig. 73a. EBSD grain distribution maps of ODS-KIT HE containing the propagated crack in
the C-L orientation is also shown. Minimal crack deviation (like shown in schematic) is observed due
to arrangement of the UFGs in the same direction as the crack propagation. Energy dissipation due to
obstruction by coarse grains is small as they are elongated in the direction of crack propagation. In the
C-R orientation, the possibility of crack deviation along the UFGs is more as shown in an example
involving ODS-CSM (Fig. 73b). The C-R fracture surfaces exhibit wavy macro surface morphology
(Fig. 55b and e) confirming crack deviation. However, the energy dissipation is still small as the crack
can find a path of least resistance to propagate. In the L-C orientation, during propagation, the crack is
blunted while passing through the perpendicularly elongated coarse grains and cannot access any low
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resistance path by crack deviation as seen from an example involving ODS-KIT HE (Fig. 73c). The
energy dissipation through crack propagation in the L-C orientation is the highest.

Fig. 73 Schematic showing the side view of the crack propagation in all the three orientations of hotextruded specimens along with the EBSD grain distribution maps of the side surfaces of tested specimens supporting them.

5.2.4 Dominant contributor to anisotropic fracture toughness
From the above discussion it can be said that the contributions from anisotropy in particle distribution
(particle size and inter-spacing) and anisotropy in crystallographic orientations are lesser than the contribution from the anisotropic grain morphology.
Grain morphology anisotropy leads to crack tip blunting, which plays a major role in increasing the
fracture toughness of certain orientations. This is the missing factor from Eq. 20 and Eq. 21. The L-C
and L-T orientations in hot-extruded and hot-rolled materials, respectively assist greater crack blunting
through perpendicularly elongated coarse grains. Even though the load maximum of the L-T and L-C
orientations are only slightly higher than the other orientations, the ductility or area under the load
displacement curve is much higher (Fig. 38c, Fig. 39c and Fig. 40c). This is due to the crack blunting
effect in these orientations. Crack propagation is the least in the L-T and L-C oriented specimen for
the same load line displacement due to crack tip blunting (Fig. 38d, Fig. 39d and Fig. 40d). Due to
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these reasons, the L-T and L-C orientations possess higher fracture toughness than other orientations.
The contribution from crack blunting is minimal in the C-R, C-L and T-L orientations as the crack can
deviate and follow the path of least resistance (through overlapping regions of adjacently lying high
number density particles and ultra-fine grained zones) and thus possess lower fracture toughness.

5.3 Secondary cracking
Secondary cracks propagate in a plane perpendicular to the primary crack plane (Fig. 74) and are
formed due to constraint induced stresses. Pronounced secondary cracking is observed in
ODS-KIT HR while partial or no secondary cracking is observed in ODS-KIT HE and ODS-CSM. It
is evident from the fracture surfaces of ODS-KIT HR that the secondary cracks exhibit lesser propensity and get arrested with increasing temperature due to crack tip blunting and plastification (Fig. 42).
Their contribution to the energy absorption is therefore lesser at higher temperatures. Unlike the primary crack, no fatigue pre-crack is available for the initiation of secondary cracks. Therefore, the initiation of secondary cracks must transpire through the pre-existing microcracks or through decohesion
of the sub-micron particles with the matrix, which are lying on the primary crack plane.

Fig. 74 A schematic illustration of main stress and constraint induced stress in C(T) specimens in a)
two orientations of hot-rolled specimen and b) three orientations of hot-extruded specimen indicating
primary and secondary crack planes.

5.3.1 General factors affecting secondary cracking
Secondary cracks form in a similar fashion as primary cracks, by cleavage at low temperatures and by
void growth and coalescence in the ductile regime. Ashby [117] had suggested that void nucleation
due to particle-matrix decohesion takes place when a critical stress is reached at the particle-matrix
interface. For ductile fracture, when the constraint induced stress (𝜎𝐶 ) exceeds the critical fracture
stress for void nucleation (𝜎𝑓 ) in a particular plane, secondary cracks appear (Eq. 24). 𝜎𝑓 can also be
referred to as the critical stress for particle cracking in case of cleavage fracture at low temperatures.
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𝜎𝐶 > 𝜎𝑓

(24)

Both these competing stresses can be affected by the microstructural anisotropy in the material. The
main microstructural anisotropic factors which can affect secondary cracking are the same factors
which affect the primary crack propagation (discussed in section 5.2). The following sub-sections discuss if the same anisotropic factors are important for the present set of materials and if yes, to what
extent. It is also discussed how secondary cracking differ in hot-rolled and hot-extruded materials.

5.3.2 Understanding of secondary cracking in hot-rolled ODS steels
It is worth mentioning that in this work, due to material and geometrical limitations, only hot-rolled
specimens with “crack-divider” geometries (L-T and T-L) were investigated which typically have
lower fracture toughness than hot-rolled specimens with “crack-arrestor” geometries (e.g. L-S and
T-S) [84]. Since, the focus was on secondary cracks, which can be clearly understood using the crackdivider geometry in hot-rolled specimens, there was no need to investigate crack arrestor geometries
which induces no secondary cracking. For hot-extruded specimens, the terms crack divider and crack
arrestor are typically not used.
Effect of crystallographic texture
For ODS-KIT HR, secondary cracks propagate through the LT plane in both the L-T and T-L oriented
specimens (Fig. 74). In terms of crystallographic orientation, ODS-KIT HR possesses a strong texture
component of {100} <110> (Fig. 19). It was reported that for BCC polycrystalline materials with such
texture, when the material uniaxially deforms in the directions L or T, the material does not act axisymmetrically but tends to deform by plane strain under uniaxial tensile stresses along the <110 >
direction [74]. As a result of this, tensile stresses in {100} planes (parallel to the rolling plane LT) and
compressive stresses in {110} planes (parallel to the rolling direction) are generated [127,128] which
have an absolute value of the order of 1/5 and 1/3 of the material flow stress, respectively [129,130].
In a BCC crystal, the most preferable cleavage planes are the {100} planes. Therefore at low temperatures, the tensile stresses cleave the {100} planes, aligned parallel to rolling plane (Fig. 19). As the
secondary crack planes (LT planes in Fig. 74a and b) are parallel to the cleavage planes, secondary
cracks appear. Similar results were also reported in reference [46].
At higher temperature (ductile regime), it was reported that void growth and coalescence is preferred
in the <110> direction [122] which helps secondary crack formation towards the rolling direction (L).
The arrangement of Ti-enriched sub-micron particles along the rolling (Fig. 22c) and transverse direction (Fig. 22d) also helps in void growth and coalescence and assists secondary cracking. Pre-existing
pores and microcracks elongated in the direction of rolling (Fig. 22a) additionally contributes to secondary cracking, as also reported in reference [67].

94

5 Discussion
Effect of grain morphology
As discussed previously, the anisotropic grain morphology predominantly affects the primary crack
propagation (section 5.2.4). The effect is the same for secondary crack propagation. The coarse grains
are elongated in the L and T directions (the secondary crack directions), the former more than the latter, leading to less crack blunting and easier crack propagation in these directions. The secondary
cracks propagate through the ultra-fine grains similar to primary cracks as was reported in reference
[47]. For the secondary crack propagation in the L-T specimen, the crack must propagate in the L
(depth) and in the T (in-plane) directions (Fig. 74a). For the T-L oriented specimens, the fracture plane
remains the same (LT). The crack now propagates in the T direction (depth) and L direction (in-plane).
As crack propagation in these directions is less obstructed (due to less crack blunting), the critical fracture stress 𝜎𝑓 is low for the LT plane. The constraint induced stress 𝜎𝐶 is high enough to overcome the
critical fracture stress in both the orientations (Eq. 24). Thus, ODS-KIT HR in the L-T and T-L orientations are majorly affected by secondary cracking. The extent of secondary cracking should have been
the same for both the orientations but this is not the case. T-L oriented specimens experience less secondary cracking as compared with the L-T oriented specimens (Fig. 64). The reason is the different
constraint induced stresses experienced by specimens in both these orientations. The constraint induced stresses are lower in the T-L orientation than in the L-T orientation. This is due to lower main
stresses in the T-L orientation (Fig. 38c) which stem from easier primary crack propagation (as discussed previously). This also explains the early disappearance of the secondary cracks with increasing
temperature in the T-L oriented specimens as compared with the L-T oriented specimens (Fig. 42).
Secondary crack initiation
Secondary cracks initiate earlier than the primary cracks at lower loads. In the case of an interrupted
fracture mechanics test, they appeared early in the elastic regime during testing, even before primary
crack growth (at a low J value of 14 kJ/m2) as seen from Fig. 63. This early initiation is due to the ease
of crack propagation in the secondary crack plane (LT) than in the primary crack plane (TS plane for
the L-T oriented specimen and LS plane for the T-L oriented specimen) (Fig. 74). The LT plane (secondary crack plane) contains both the elongated grain directions L and T as compared to only one
elongated grain direction L or T in the LS or TS plane (primary crack planes), respectively.
Fracture mechanisms
To explore the fracture mechanisms associated with secondary cracking, EBSD misorientation line
scans were performed across a secondary crack lying on a plane perpendicular to the secondary crack
plane. Results indicate that the secondary crack was sometimes transgranular (low misorientation angle < 5°) (line scans 1 and 2 in Fig. 65) and sometimes intergranular (high misorientation angle > 15°)
(line scans 3 in Fig. 65) at RT while always intergranular at 600˚C (Fig. 66). The low-angle misorientations hint towards the presence of either or both transgranular cleavage and transgranular ductile
fracture mechanisms. The presence of both cleavage and ductile fracture is confirmed by SEM images
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of the secondary crack surface at RT (Fig. 47b and c). Regions of flat cleavage facets mixed with regions of shallow dimples indicate local variations in the stress states during the crack propagation.
Similar observations are also observed for the primary cracks (Fig. 43) at -100 ˚C. The fact that the
side view of the secondary crack has predominantly sharp edges (Fig. 65), suggests the preference of
cleavage over ductile fracture at low temperatures. Regions of high misorientation angles at RT indicate intergranular fracture and possibly originate due to grain boundary segregations as was reported
in other works as well [39,75,78,80]. The ratio of shear to bulk modulus also plays a role in the preference of intergranular over cleavage fracture [95]. Due to the elongated coarse grains, intergranular
fracture with typical sharp facets was not observed on the fracture surfaces. Existence of dimples (Fig.
47f) on the fracture surface at a test temperature of 200˚C indicates that the material is already in its
ductile regime. The high-angle misorientations at the test temperature of 600˚C (Fig. 66) are observed
due to intergranular fracture caused possibly by grain boundary sliding or grain matrix deformation
phenomena as reported in a previous work [52]. The side view of the crack does not exhibit sharp edges at 600˚C (Fig. 66) and exhibits nano-features on the secondary crack surface (Fig. 47i), similar to
what was observed on primary fracture surfaces (Fig. 46f), confirming a change of fracture mechanism
from transgranular to intergranular fracture.
Effect on primary cracks
The existence of secondary cracks not only increases the amount of energy absorbed during fracture,
but also helps prevent unstable primary crack initiation. In ODS-KIT HR, the ease of primary crack
propagation in the T-L oriented specimen (section 5.2.3) made its propagation unstable in these specimens. However, from -100 °C up to 100 °C, the T-L oriented specimens exhibited stable primary
crack propagation due to the existence of secondary cracks which increases energy absorption (Fig.
42). Similar energy absorption was reported in the crack divider geometry at low temperatures due to
secondary cracking in reference [46]. The secondary cracks absorb energy and lower the local driving
force for growth of primary crack in its vicinity, thus retarding the primary crack and forcing the primary crack to propagate in a stable manner. The stresses at the primary crack tip are also reduced. As
the critical fracture stress for cleavage is not reached for primary cracks, it results in the prevention of
cleavage fracture. After some amount of primary crack propagation, the critical stress for cleavage
crack propagation is reached. Therefore cleavage fracture often follows ductile fracture at low temperatures (Fig. 43). Similar prevention of cleavage fracture in primary cracks was also reported in other
works [14,67]. Secondary cracks become less pronounced and disappear near 200 °C in the T-L oriented samples due to secondary crack tip blunting. At this point, the primary crack propagation becomes unstable as the primary crack propagates freely. Increasing the temperature up to 500 °C reduces the amount of secondary cracks further but leads to an increase in the plasticity at the primary crack
tip. This increase in the primary crack tip plasticity counterbalances the primary crack instability created by the lack of secondary cracks. Therefore, the primary crack stabilizes again at higher tempera-
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tures. Despite these effects of secondary cracks, more investigations are needed with respect to component fracture testing as secondary cracks initiate earlier than the primary crack at lower loads.

5.3.3 Understanding of secondary cracking in hot-extruded ODS steels
For hot-extruded materials, the constraint induced stress is the highest in the L-C oriented specimens.
This is due to the high main stresses in the L-C orientation (Fig. 39c and Fig. 40c) as a consequence of
the higher primary crack blunting (higher fracture toughness) in this orientation [131]. In the L-C orientation, the primary fracture plane is the CR plane (Fig. 74b). The secondary crack initiating on this
plane will propagate in the C (in-plane) and the L (depth) directions. Void nucleation and growth in
the ductile regime is easiest along the extrusion direction (L) due to arrangement of sub-micron particles parallel to the extrusion direction. <110> crystallographic texture with respect to the extrusion
direction (Fig. 25 and Fig. 33) and UFG zones elongated in the extrusion direction also aid the crack
propagation in the L direction. Due to these reasons, the secondary crack can grow easily in depth (L)
direction but finds it difficult to propagate in the in-plane (C) direction. As secondary crack propagation in both directions is inter-dependent, this results in a large critical fracture stress (𝜎𝑓 ) on the CL
plane. The high constraint induced stress (𝜎𝐶 ) in the L-C orientation (Fig. 39c and Fig. 40c) is only
partially able to overcome the critical fracture stress at some locations (Eq. 24). As soon as a secondary crack forms, 𝜎𝐶 drops and goes below 𝜎𝑓 , arresting the secondary crack. Partially formed secondary cracks are therefore observed arrested in the in-plane (C) direction (Fig. 53 and Fig. 59). At low
temperatures, trans-granular cleavage should dominate, but only a few grains with {100} cleavage
planes parallel to secondary crack plane (CL) are observed (Fig. 25 and Fig. 33). This is due to the
general symmetry of hot-extruded materials where grains with {100} cleavage planes are distributed
uniformly around the extrusion axis. Therefore, cleavage fracture for secondary cracks is prevented up
to a lower temperature as compared with ODS-KIT HR.
In the C-R orientation, the constraint induced stress (𝜎𝐶 ) is similar (ODS-KIT HE) (Fig. 39c) or slightly lower (ODS-CSM) (Fig. 40c) than in the L-C orientation. The primary fracture plane is the RL
plane (Fig. 74). The secondary crack initiating on this plane will propagate in the R (in-plane) and the
C (depth) directions. Secondary crack propagation is difficult in both these directions as there is no
preferential arrangement of sub-micron particles or ultra-fine grains along these directions and there is
also no preferential crystallographic orientation along these directions. Hence the critical fracture
stress (𝜎𝑓 ) for secondary cracks is the highest for the RL plane. The constraint induced stress 𝜎𝐶 cannot exceed the high 𝜎𝑓 and no secondary cracks are seen (Eq. 24 is not fulfilled).
In the C-L orientation, the constraint induced stress is lower as compared with the L-C orientation
(Fig. 39c and Fig. 40c). The primary fracture plane is the LR plane (Fig. 74). The secondary crack
initiating on this plane will propagate in the L (in-plane) and the C (depth) directions. Crack propagation is easier in the in-plane L direction but difficult in the depth C direction. The critical fracture
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stress (𝜎𝑓 ) is low in the C-L orientation but due to the low constrained induced stress (𝜎𝐶 ), Eq. 24 is
not fulfilled and no secondary cracks are formed.

5.3.4 Comparison
Previous works also confirm that the hot-extruded materials have lesser propensity towards secondary
cracking than hot-rolled materials [29,71,76–78]. The difference in secondary cracking between hotrolled and hot-extruded materials investigated in this research originates from the following factors:


Crystallographic texture: In ODS-KIT HR, the {100} cleavage planes, which assists cleavage
fracture at low temperatures, are parallel to the rolling plane. This is the same plane where the
secondary cracks operate. This is not the case in hot-extruded materials, where due to the
manufacturing process, the {100} cleavage planes are uniformly distributed around the extrusion axis. The <110> texture in the direction of rolling/extrusion on the other hand, affects all
the materials similarly.



Grain morphology: In ODS-KIT HR, the critical fracture stresses for secondary crack initiation are lower due to two dimensional anisotropic grain elongations in the rolling and in the
transverse directions. This favours free crack propagation in two directions which coincides
with the directions of secondary crack propagation. In hot-extruded materials, only one dimensional anisotropic grain elongation in the direction of extrusion exists which is unable to
support pronounced secondary cracking.



Particle distribution: The sub-micron particles responsible for void growth and coalescence in
the ductile regime are arranged in the rolling/extrusion direction for all the materials. In
ODS-KIT HR, the sub-micron particles are also arranged along the transverse direction
providing additional support for the secondary crack formation. This effect is in synergy with
the effect by anisotropic grain morphology.

Additionally, the constraint induced stresses in ODS-KIT HR are higher than in the two hot-extruded
materials (Fig. 41b and d). The higher the constraint induced stress is, the higher the possibility of
secondary cracking is. Hence, overall, hot-rolled materials are more prone to secondary cracking than
hot-extruded materials. The consequence of partial or no secondary crack formation in hot-extruded
specimen is unstable primary crack propagation induced by trans-granular cleavage which was observed in the C-R and C-L orientations at RT. In hot-rolled specimens, secondary cracks prevents unstable crack propagation at low temperatures as discussed in section 5.3.2 and as reported earlier in
reference [47].
Which of the above mentioned factors is dominantly responsible for pronounced secondary cracking
in ODS-KIT HR depends on the testing temperature with respect to the DBTT of the material. At test
temperatures lower than the DBTT, the {100} cleavage planes play a dominant role. At test temperatures above the DBTT, the anisotropic grain morphology plays a major role while anisotropic particle
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distribution provides only a minor contribution. Similar conclusions about grain morphology were
made from the discussion in section 5.2.4 [131].

5.4 Assessment of variation in fracture toughness
It is observed that from RT to 400 ˚C, ODS-KIT HE consistently exhibits higher fracture toughness
than ODS-KIT HR and ODS-CSM in all three orientations (Fig. 38a, Fig. 39a and Fig. 40a). In fact,
the fracture toughness values in the strongest orientation (L-C) are even higher than that of other ODS
steels [7] and P91 steel investigated before (Fig. 41a).
In order to investigate the factors responsible for the high fracture toughness, two hot-extruded ODS
steels, ODS-KIT HE and ODS-CSM, are compared in the C-L orientation. At 200 ˚C, Eq. 20 for ductile fracture can be used for both materials to separate the relative contributions of the yield stress, the
inter-particle spacing, the size of the sub-micron particle and the interfacial bond strength between the
sub-micron particle and matrix. Eq. 25 displays the separated ratios. The Burgers vector is assumed to
be similar for both the materials as both have a BCC Fe matrix. As both the materials have similar
composition and similar preferential orientation of grains in the <110> direction parallel to the extrusion direction, it is reasonable to assume that for the C-L orientation, the shear moduli of both materials are similar. The contribution from crack blunting (explained in section 5.2.3) is also assumed to be
similar for both the materials in the C-L orientation as crack growth is the easiest in this direction.
𝐾𝐼𝑇 𝐻𝐸
𝐽𝐼𝐶
𝐶𝑆𝑀
𝐽𝐼𝐶

=

𝜎0𝐾𝐼𝑇 𝐻𝐸
𝜎0𝐶𝑆𝑀

∗

2
𝑙𝐾𝐼𝑇
𝐻𝐸
2
𝑙𝐶𝑆𝑀

∗

𝑑𝐶𝑆𝑀
𝑑𝐾𝐼𝑇 𝐻𝐸

∗

𝑊𝐾𝐼𝑇 𝐻𝐸

(25)

𝑊𝐶𝑆𝑀

Table 12 Relative contributions of the microstructural factors towards fracture toughness at 200 ˚C in
the C-L orientation of ODS-KIT HE and ODS-CSM (Eq. 25).
Orientation
C-L

𝐾𝐼𝑇 𝐻𝐸
𝐽𝐼𝐶
𝐶𝑆𝑀
𝐽𝐼𝐶

𝜎0𝐾𝐼𝑇 𝐻𝐸
𝜎0𝐶𝑆𝑀

2
𝑙𝐾𝐼𝑇
𝐻𝐸
2
𝑙𝐶𝑆𝑀

𝑑𝐶𝑆𝑀
𝑑𝐾𝐼𝑇 𝐻𝐸

𝑊𝐾𝐼𝑇 𝐻𝐸
𝑊𝐶𝑆𝑀

9.89

1.14

0.15

4.2

13.8

5.4.1 Yield stress (σ0)
The yield and ultimate tensile strength of ODS-KIT HE is higher than that of ODS-CSM
(Fig. 37a) in the longitudinal direction in the temperature range of RT to 400 ˚C. This contributes towards fracture toughness in ductile fracture (Eq. 18). It was reported in other works that the yield
stress in the transverse orientation is similar to the yield stress in the longitudinal orientation [39,71].
The yield stress depends on how effective the nano-particles are in obstructing dislocations. The size
and the inter-particle spacing of the nano-particles are important parameters contributing to this effectiveness. The fact that ODS-KIT was produced by a Fe3Y precursor while ODS-CSM was produced
by a Y2O3 precursor can have an effect on the composition of nano-particles and their ability to ob99
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struct dislocations, but this was not confirmed through experimental investigations. A similar precursor Fe2Y however, used in other works, led to formation of nano-particles similar to the ones obtained
from the Y2O3 precursor [132] and resulted in similar yield strength as from the Y2O3 precursor at all
temperatures [133]. Kim et al. [54] observed the nano-particles to be present on the grain boundaries.
However, in this research, the nano-particles of the materials investigated had no preferential location
and are inhomogenously distributed in HD and LD regions. Through TEM micrographs, it is found
that the inter-particle spacing of the nano-particles in the HD regions of both materials is similar (inter-particle spacing: 10 nm and volume fraction: 0.148). However, ODS-KIT HE has a slightly smaller
average nano-particle size (3 nm) than ODS-CSM (8 nm). Therefore the strengthening induced by the
nano-particles is more pronounced in ODS-KIT HE.
Strengthening is also dependent on the grain size through the Hall-Petch strengthening relation [54].
The fine grains in both the materials exhibit similar sizes (0.65 µm). However, the coarse grains of
ODS-KIT HE (4.7 µm) are larger than the coarse grains of ODS-CSM (2.1 µm). The contribution
from Hall-Petch strengthening to the yield stress is therefore more pronounced in ODS-CSM than in
ODS-KIT HE.
Dislocation forest strengthening, which depends on the interaction of moving and dislocations arising
from the initial severe plastic deformation and processing steps thereafter, has a greater contribution
towards yield stress resulting in higher yield stress in ODS-KIT HE. This is because ODS-KIT HE
was manufactured with a higher extrusion ratio than ODS-CSM, thus inducing more dislocations.
Contributions through grain matrix hardening [54], which includes both solid solution and intrinsic
lattice friction strengthening, might be similar in both materials owing to the similar composition of
both the materials. The yield stress ratio between ODS-KIT HE and ODS-CSM at 200 ˚C only
amounts to a value of 1.14 (Table 12) which is far less than the fracture toughness ratio of 9.89 in the
C-L orientation.

5.4.2 Void initiating sub-micron particle size and inter-particle spacing (d and l)
The larger the inter-particle spacing (l) and the smaller the particle size (d) is, the higher the fracture
toughness is (Eq. 20). The effective inter-particle spacing and the effective mean size in the C-L orientation of both the materials are calculated using Eq. 22 and Eq. 23, respectively and their ratios are
presented in Table 12. The ratio of the inter-particle spacing lowers the fracture toughness ratio because the inter-particle spacing of ODS-CSM is larger than that of ODS-KIT HE (Table 5). The smaller sub-micron particle size of ODS-KIT HE however, proves to be beneficial for the fracture toughness ratio. These contributions however still cannot explain the high experimental fracture toughness
JKIT HE

of ODS-KIT HE as compared to ODS-CSM ( IC
= 9.89) in the C-L orientation.
JCSM
IC
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5.4.3 Particle-matrix bond strength (W)
The particle-matrix bond strength depends on the chemical composition of the sub-micron particle and
the matrix. The higher this bond strength is, the higher the fracture toughness is. It is reasonable to
assume that the Ti-enriched sub-micron particles in ODS-KIT HE and Si, O-enriched sub-micron particles in ODS-CSM have different values of W. This affects the fracture toughness differently. The
high experimental fracture toughness of ODS-KIT HE as compared to ODS-CSM can only be explained if the interfacial particle-matrix strength of ODS-KIT HE is higher than that of ODS-CSM.
This ratio is determined using the known ratios (Table 12) of the fracture toughness, the yield stress,
the inter-particle spacing and the particle size in Eq. 25 and is solved for the interfacial particle-matrix
strength ratio. It is seen from the above analysis that the highest contribution to the fracture toughness
in ODS-KIT HE comes from the interfacial particle-matrix strength. It can also be concluded that the
interfacial particle-matrix strength of Ti particles with ODS-KIT HE matrix is higher than Si and O
particles with ODS-CSM matrix. This should however, be confirmed with direct experimental or simulation based investigations in the future.

5.4.4 Other contributors
The Cr enrichments at the grain boundaries may additionally contribute to the lower fracture toughness in ODS-CSM. The crack propagation in the L-C orientation of ODS-CSM exhibits slant fracture
(Fig. 70a and b) at the specimen surface which is characteristic of shear instability [95]. The plane
stress condition on the crack front close to the free surfaces possibly results in such fracture behaviour.
On the other hand, a relatively straight zig-zag crack front towards the middle of the crack front is
observed (Fig. 70c, d, e and Fig. 71b). Due to the plane strain condition in the middle of the crack
front, the shear instability reduces. It was reported that shear instability takes place in materials with
low strain hardening capacity and involves much less plastic work than a full void growth and coalescence [95]. This can also be a reason contributing to the low fracture toughness of ODS-CSM.
Although the particle-matrix bond strength of ODS-KIT HR should be the same as ODS-KIT HE, the
morphology of grains is completely different. Therefore the fracture toughness of these materials cannot be compared. Fig. 41b shows that the load maximum of ODS-KIT HR at 200 ˚C is higher than that
of ODS-KIT HE. However, ODS-KIT HR still exhibits lower fracture toughness than ODS-KIT HE
due to lower ductility or lesser area under the curve and higher crack growth for the same load line
displacement (Fig. 41c). This lower ductility in ODS-KIT HR is due to the different grain morphology, different arrangement of sub-micron particles, and an extensive arrangement of voids and pores in
the rolling and transverse directions as compared with ODS-KIT HE.
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The fracture behaviour of three ferritic ODS steels were investigated using microstructural characterization techniques. The following are the major conclusions from this work:
Fracture toughness


The fracture toughness of a material is dependent on the critical fracture strain and hence on
the microstructural parameters such as the size of the sub-micron particle, the inter-particle
spacing, the sub-micron particle-matrix bond strength, the yield stress, the shear modulus and
the Burgers vector.



Sub-micron particles are mainly responsible for ductile fracture through void growth and coalescence while nano-particles do not play a direct role in the ductile fracture mechanism.



In the temperature range from RT to 400 ˚C, fracture toughness is dominantly affected by the
sub-micron particle-matrix interfacial strength. The sub-micron particle-matrix interfacial
strength between Si-enriched particle and matrix is lower than Ti-enriched particle and matrix.
This leads to lower fracture toughness in ODS-CSM.



Cr segregations at the grain boundaries and shear instability during crack propagation can
lower the fracture toughness as was the case with ODS-CSM



Large sub-micron particle size and small inter-particle spacing also contribute towards low
fracture toughness but are not the dominant factors.



Low value of yield stress is the least dominant factor contributing towards low fracture toughness.

Fracture anisotropy


The anisotropic fracture behaviour observed in all the three ODS steels is due to the anisotropic crystallographic texture, the anisotropic sub-micron particle distribution and the anisotropic grain morphology.



Primary cracks propagate preferentially through the fine-grained region. The fine-grained regions consist of UFGs which have lower ductility than coarse grains. The UFGs initiate voids
after reaching their yield stress later during loading while the coarse grains reach their yield
stress earlier but are able to deform.



Anisotropic grain morphology is the dominant contributor towards fracture toughness anisotropy. In the L-C and L-T orientations, the elongated coarse grains are perpendicular to the
crack propagation direction, which induces crack blunting and high energy absorption. Crack
deviation through low resistance paths in the C-R and C-L/T-L orientations leads to lesser energy absorption as compared with crack blunting.



Arrangement and morphology of pre-existing pores and microcracks in the rolling/extrusion
direction also lowers the fracture toughness in the T-L and C-L oriented specimens.
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The shear modulus is the lowest in (110) planes which, due to the <110> texture with respect
to the rolling/extrusion direction, correspond to the L-C orientation. In hot-extruded materials,
the other perpendicular directions are considered isotropic with no texture. The ratio of the
minimum shear modulus parallel to the extrusion direction to the isotropic shear modulus in
the perpendicular direction for hot-extruded materials indicates that crystallographic texture is
not the dominant factor affecting the fracture toughness anisotropy. Similar conclusions can be
made for hot-rolled materials.



The anisotropy in nano-particle distribution does not have any effect on the yield stress and
fracture toughness of the materials in different orientations.



The flat regions on fracture surfaces are not due to debonding of oxide coated prior particle
boundaries but due to large inter-particle spacing of sub-micron particles in local regions.



It was observed that the inter-particle spacing of the sub-micron particles and the sub-micron
particle size has an effect on the fracture toughness anisotropy but they do not contribute dominantly.



The intersection of the crack planes with the arranged sub-micron particles in the LD and HD
regions allows calculation of the effective inter-particle spacing and the effective particle size
for a particular orientation. A parallel combination analogous to a parallel mechanical spring
system was considered for C-L and T-L orientation. For L-C, C-R and L-T orientations, the
crack was assumed to always be in the LD region.



Fracture toughness of ODS-KIT HR is lower than ODS-KIT HE due to the two-dimensional
microstructural anisotropy towards the rolling and transverse direction as compared with the
one-dimensional microstructural anisotropy of ODS-KIT HE towards the extrusion direction.

Secondary cracking


At temperatures below the DBTT, the occurrence of secondary cracks in hot-rolled materials
is assisted by the {100} cleavage planes which are aligned parallel to the rolling plane. In hotextruded materials, these {100} cleavage planes are distributed uniformly around the extrusion
axis hindering secondary cracking.



At temperatures higher than the DBTT, secondary cracking via void growth and coalescence
is more frequent in hot-rolled than in hot-extruded materials as the critical fracture stresses in
secondary crack planes are lower due to the two dimensionally anisotropic elongated ‘pancake’ shaped grains which allows free crack propagation in two directions. In hot-extruded
materials, the one dimensional ‘cigar’ like grain morphology with grains elongated in the direction of extrusion only allows free crack propagation in one direction and hence hinders
secondary cracking.



At temperatures higher than the DBTT, the sub-micron particle anisotropy also affects secondary cracking. Sub-micron particle arrangement in two directions assists secondary cracking
103

6 Conclusions
more in hot-rolled material than one dimensional sub-micron particle arrangement in hotextruded materials.


The constraint induced stress in the hot-rolled material is higher than in hot-extruded materials
which also assist in higher degree of secondary cracking in hot-rolled materials.



In ODS-KIT HR, secondary crack propagation is more pronounced in the L-T orientation than
in the T-L orientation due to the higher constraint induced stress available for its growth.



In ODS-KIT HR at RT, secondary cracking arise predominantly through cleavage and intergranular fracture possibly due to segregations at the grain boundary. Between RT and 600 ˚C,
secondary cracking arise through transgranular ductile fracture and at or above 600 ˚C, secondary cracking takes place through intergranular fracture due to the weakening of the grain
boundaries.



Secondary cracks are able to stabilize the primary crack propagation as well as prevent cleavage fracture at low temperatures. However, they initiate at lower loads than the primary crack.
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