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uous Cr2O3 scale forms on the oxide/alloy interface, which
allows the evaporation of Re-oxides. It should be noted that
the protective properties of Cr2O3 are increasingly reduced
at temperatures above 1000 8C because of the accelerated
transformation of Cr2O3 to volatile CrO3 [5]. Consequently,
chromium alone will not provide sufficient oxidation pro-
tection at very high temperatures. Silicon was added to
Co–Re-alloys in order to facilitate the formation of a con-
tinuous SiO2 scale.

There are numerous studies on the effect of silicon in the
oxidation behaviour of high-temperature alloys, which sug-
gest ideas to explain the positive effect of Si in terms of
high-temperature oxidation [6]. One of these generally ac-
cepted theories proposes that the presence of a certain Si-
content in alloys reduces oxidation through the formation
of an amorphous silica layer on the phase boundary alloy/
oxide inhibiting the outward diffusion of metal cations to
the outer oxide scale as well as the inward diffusion of oxy-
gen anions. Liu et al. reported that a continuous silica sub-
layer formed at the oxide scale/metal interface on the auste-
nitic matrix, acting as an effective diffusion barrier to metal
outward diffusion resulting in a thin and uniform oxide
scale [7]. Li and Gleeson investigated the Si effect on the
oxidation behaviour of Ni-base chromia forming alloys
with 2.7 wt.% silicon and without silicon [8]. It was sum-
marized that Si addition improved the oxidation behaviour
of the investigated alloys by forming a continuous SiO2

layer at the alloy/scale interface. It was also found that Si
influenced the interdiffusion coefficient of Cr in the alloy,
DCr

eff was found to be highest in an alloy that had the highest
silicon content. However, there is a large thermal expansion
coefficient mismatch between the amorphous silica layer
and the metal substrate. During cyclic oxidation, the oxide
scale may easily spall off the metal or crack at the oxide/
scale interface owing to the brittle character of amorphous
silica. Evans et al. investigated stainless steels and found
that the extent of scale spallation increased with increasing
Si-content [9].
Another popular theory suggests that Si acts as nuclea-
tion sites reducing the distance between the Cr2O3 nuclei
and therefore reducing the transient-oxidation stage allow-
ing the quick formation of a continuous protective layer.
Baxter et al. [10] reported that silicon promotes formation
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The influence of silicon on the oxidation behaviour of Co–
Re–Cr-alloys has been studied at 1000 8C and 1100 8C.
Consideration was given to the synergetic effects between
chromium and silicon with respect to the development of a
protective Cr2O3 layer. The Si addition to the Co–Re-al-
loys produces a significant decrease in the evaporation rate
of Re oxides. Moreover, the beneficial influence in the tran-
sient oxidation period results in a rapid formation of Cr2O3

scale. While the addition of 1 and 2 at.% Si to the ternary
Co-17Re-23Cr alloy was insufficient to form a continuous
Cr2O3 scale, the addition of 3 at.% silicon caused a change
in the oxidation mode resulting in the formation of a nearly
continuous Cr2O3 scale. On the oxide/alloy interface of the
alloy Co-17Re-30Cr-2Si, a continuous and dense Cr2O3

scale was observed, which remained stable after 100 h ex-
posure protecting the metallic substrate.

Keywords: Co–Re-based alloys; High-temperature oxida-
tion; Evaporation Re-oxides; Alloy development

1. Introduction

The experimental Co–Re-based alloys were developed for
high-temperature applications for service temperatures be-
yond 1200 8C. The development of Co–Re-based alloys
has been first proposed by Rösler et al. [1]. The obtained re-
sults show great promise for high temperature applications.
Mechanical properties, such as creep resistance, were dis-
cussed by Brunner et al. [2]. Likewise, high-temperature
oxidation resistance of Co–Re-based alloys is essential for
applications as high-temperature structural materials. Ear-
lier investigations of Co–Re–Cr model alloys have shown
rather poor oxidation resistance during exposure to labora-
tory air due to evaporation of Re-oxides [3, 4]. Therefore,
an important aim of Co–Re alloy development is to derive
options for improvement of the oxidation resistance at very
high temperatures. The majority of commercially available
high-temperature alloys form a chromia scale. For this rea-
son, chromium was added to the base Co–Re system to
provide reliable protection against oxidation at intermedi-
ate temperatures (below 1000 8C). However, a semicontin-
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Samples with dimensions of 10 · 10 · 2 mm3 with
rounded edges to avoid the typical edge effect on oxidation
were used for the thermogravimetric study. The samples
were ground using SiC paper down to 1200 grit and were
cleaned ultrasonically in ethanol prior to oxidation. A hole
of 1 mm diameter was drilled for hanging the samples using
a Pt wire suspension. The surface area of each specimen
was measured, in order to relate the mass change to this in-
itial surface area. The continuous isothermal oxidation tests
were carried out using a Sartorius microbalance with a reso-
lution of 10–6 g in combination with an alumina tube reac-
tion chamber surrounded by a SiC furnace. The oxidized
samples were embedded in epoxy, ground and polished
using diamond paste down to 1 lm as the last step of pre-
paration. The morphology and composition of the oxide
scales were analysed using scanning electron microscopy
(SEM) in combination with energy-dispersive X-ray spec-
troscopy (EDS). X-ray diffraction (XRD) was used for
phase identification. The specimen studied in the transmis-
sion electron microscope (TEM) was prepared using fo-
cused ion beam target preparation.

3. Results

Figure 1 compares the mass changes of the alloys based on
Co-17Re-23Cr with different Si contents after 30 h expo-
sure at 1000 8C. The kinetics of these alloys is extensively
influenced by volatilization of Re oxides. This phenomenon
is typical for refractory alloys and also affected the kinetics
of Co–Re-based alloys, which were investigated in pre-
vious studies [3, 4]. The addition of 1 at.% Si to the ternary
alloy Co-17Re-23Cr produced a significant decrease in the
mass loss by a factor of about 3, while increasing the Si

Table 1. Chemical compositions of alloys studied.

Alloy

Co-17Re-23Cr

Co-17Re-23Cr-1Si

Co-17Re-23Cr-2Si

Co-17Re-23Cr-3Si

Co-17Re-30Cr-2Si

Fig. 1. Effect of Si addition to the system Co-17Re-23Cr-xSi on the
mass change during oxidation in laboratory air for 30 h at 1000 8C.

and maintenance of a continuous Cr2O3 scale in austenitic
Fe–Cr–Ni alloys. It was concluded that due to the low
concentration of silicon in the alloy (compared to that of
Cr, Fe, and Ni) and the relatively low growth rate of silica,
the first formed SiO2 nuclei are quickly overgrown by fas-

ter growing oxides, such as Cr2O3. However, it should be
noted that a silicon content of at least 0.8% reduced the
rate of scaling by providing additional sites for the lateral
growth of the Cr2O3 layer, which seems also to be true

for the Ni-based systems. An addition of 2 at.% to
Ni-10Cr-4Al was sufficient to prevent the growth of
external NiO scale, but was insufficient to form external

alumina at 1 000 8C. Only a further increase of the Si
content was able to form an external Al2O3 scale as a
result of the con-tribution of the internal precipitates of

SiO2 in combina-tion with Al2O3 under a chromia layer to
reach the critical volume fraction of internal oxides
required to stabilize this oxidation mode [11].

Stott et al. [12] investigated the influence of silicon on
the oxidation behaviour of Fe-14Cr and Fe-28Cr with a par-
ticular emphasis on the development and nature of the SiO2

layer. The healing SiO2 scale was observed after short time
for the alloy Fe-14Cr-10Si, which also showed the lowest
growth rate. Examination of the oxidized specimen of the
alloy Fe-26Cr-1Si indicated only a very small amount of in-

ternal silicon-rich precipitates after short exposure periods.
However, the oxidation rate constant for the latter alloy
was significantly lower than that for the corresponding bin-
ary iron–chromium alloy. Acting as a partial diffusion bar-

rier during short exposure time, internal SiO2-precipitates
grew inwards and laterally until they eventually link up to
establish a continuous healing layer, when the exposure
period was extended beyond 100 h.

For the investigation on the Si effect on the oxidation be-

haviour of Co–Re-alloys, it is of interest to understand the
influence of Si on the oxidation of Co-based alloys. Dur-
ham et al. pointed out the high sensitivity to the presence

of Si impurities promoting the Cr2O3 scale formation on
Co–Cr alloys during exposure in reduced oxygen partial
pressure conditions in silica ampoules, which were consid-

ered as a source of Si contamination [13]. In the absence
of silicon, chromium was not oxidized selectively, and

scales of CoCr2O4 plus CoO grew relatively fast. When Si
was present, chromium was oxidized selectively, leading
to protective scales of Cr2O3 and CoCr2O4 with much

slower reaction rates. Jones and Stringer reported that Si
impurities (0.05 wt.%) in a Co-25Cr alloy was sufficient to
change the mode of oxidation promoting the formation of
the protective Cr2O3 scale [14].

The aim of the current investigation was to identify the
mechanisms for the influence of Si additions on the scaling
characteristics of Co –Re-based alloys under isothermal
conditions. The experimental results were intended to pro-

vide some new insights, which are useful in developing a
better material resistant to high-temperature corrosion.

2. Experimental procedures

Co–Re-based model alloys with different Si contents were
investigated in this study in order to analyze the influence
of Si concentration on the oxidation behaviour of these al-
loys. The chemical compositions of model the Co–Re-al-
loys are shown in Table 1



content to 2 and 3 at.% caused further decrease in the mass
loss by a factor of about 1.5 for Co-17Re-23Cr-2Si and 7.8
for Co-17Re-23Cr-3Si.

Figure 2 shows the cross-sections of alloys Co-17Re-
23Cr-1Si, Co-17Re-23Cr-2Si, and Co-17Re-23Cr-3Si after
7 h exposure to air at 1100 8C. The oxide scale formed on
the alloy Co-17Re-23Cr-1Si consists of outmost CoO with
a coarse grain structure, porous Co–Cr-, and thin and semi-

continuous Cr oxide on the oxide/substrate interface. This
oxide structure was also detected in some areas on the sur-
face of the alloy Co-17Re-23Cr-2Si, while other parts of
the surface were covered by Cr2O3. A completely different
oxide structure was found on the surface of the alloy
Co-17Re-23Cr-3Si. The oxide scale consists of an outer
Co–Cr-rich oxide and an inner Cr-rich oxide, the latter is
nearly continuous. Internal precipitates of Si-rich oxide
were found in all oxidized alloys. Obviously, the amount
of internal precipitates increases with increasing Si content.
Values of the amount of the linear density, which was pro-
posed by Exner and Hougardy, were calculated and sum-
marized in Table 2 [15].

Figure 3 shows the cross-section of a sample of the alloy
Co-17Re-23Cr-3Si oxidized for 48 h. Characteristically for
this exposure time is the formation of an inhomogeneous
oxide scale on the surface. A part of the sample surface
seems to be covered with a Cr2O3 scale, which is marked
in Fig. 3. Some areas with completely different oxide struc-
ture were also found in the cross-section of the samples.

(a)

(b)

(c)

Fig. 2. Oxidation behaviour of model Co–Re-based alloys after 7 h
exposure at 1100 8C; (a) alloy Co-17Re-23Cr-1Si, (b) alloy 17Re-
23Cr-2Si, and (c) alloy 17Re-23Cr-3Si.

Table 2. Amount of linear density of Si-rich internal precipitates measured in alloys with different Si contents.

Alloy Co-17Re-23Cr-1Si Co-17Re-23Cr-2Si Co-17Re-23Cr-3Si

Amount of linear density NL (lm
–1) 0.025 0.07 0.2

Fig. 3. Degradation of the Cr2O3 scale formed on the alloy Co-17Re-
23Cr-3Si after 48 h exposure to air at 1100 8C.

Fig. 4. Mass change of alloy Co-17Re-30Cr-2Si during exposure to la-
boratory air for 100 h at 1000 8C and 1100 8C.



The morphology of these regions yielded an outmost CoO
layer above a thick and porous Co–Cr oxide, which itself
covers a semicontinuous Cr oxide film. Compared to the
cross-section of the alloy Co-17Re-23Cr-3Si after 7 h expo-
sure shown in Fig. 2c, it is clear that the Cr2O3 scale does
not remain stable but degrades with increasing exposure
time at 1100 8C.

As a result of the increase in the chromium content in the
alloy Co-17Re-xCr-2Si from 23 at.% to 30 at.%, a slight
mass gain was detected after exposure of this alloy to la-
boratory air for 100 h at 1000 8C and 1100 8C (see Fig. 4).
The oxidation kinetics of the alloy Co-17Re-30Cr-2Si at
1000 8C obeys the parabolic rate law, which indicates the
formation of a protective oxide scale. Also, the oxidation
kinetics at 1100 8C shows a near-parabolic dependence.

The oxidized surfaces of the alloys studied yielded an in-
homogeneous oxide structure indicating the formation of
different oxide phases. Figure 5 shows representatively the
oxidized surface of the alloy Co-17Re-30Cr-2Si after
15 min exposure at 1100 8C. In order to identify the devel-

Fig. 5. Oxidized surface of the alloy Co-17Re-30Cr-2Si after 15 min
exposure to air at 1100 8C showing different oxides.

Table 3. Phases detected on the oxidized surface of the alloy Co-
17Re-30Cr-2Si using XRD analysis.

Exposure time Phases

7 min CoO, Co3O4, CoCr2O4, Cr2O3

15 min CoO, Co3O4, CoCr2O4, Cr2O3

30 min CoO, Co3O4, CoCr2O4, Cr2O3

48 h CoCr2O4, Cr2O3Fig. 6. Cross-section of the oxidized alloy Co-17Re-30Cr-2Si after
72 h exposure to air at 1000 8C.

(a)

(b) (c)

(d) (e)

Fig. 7. TEM-analysis of the alloy Co-17Re-
30Cr-2Si after 30 h exposure to air at 1000 8C;
(a) a lamella from the region of internal preci-
pitates, (b)– (e) EDX analysis.



opment of the oxide scale, the oxides formed on the surface
of the alloy Co-17Re-30Cr-2Si after different exposure
times at 1000 8C were analyzed using X-ray diffraction.
The results are presented in Table 3.

Four different oxides, namely CoO, Co3O4, CoCr2O4 and
Cr2O3, were detected on the oxidized surface of this alloy
after short exposure periods (up to 30 min), while two ox-
ides, CoCr2O4 and Cr2O3 were found after 48 h exposure.
It is concluded that apart from transient Co-oxides, Cr2O3

and CoCr2O4 are the main oxides formed on the surface of
the alloy Co-17Re-30Cr-2Si after prolonged exposure to
air at 1000 8C.

Based on the results of cross-section SEM micrographs
of the alloy Co-17Re-30Cr-2Si it was confirmed that the
Cr2O3 layer forms adjacent to the scale/metal interface,
whereas CoCr2O4 forms the outer layer (see Fig. 6). A zone
of internal precipitates exists underneath the Cr2O3 outer
layer. It should be mentioned that the microstructure of this
alloy exposed at 1100 8C is very similar to that after expo-
sure at 1000 8C. However, the zone of internal precipitates
was found to be slightly thicker at 1100 8C. In order to iden-
tify the nature of internal precipitates, a lamella was cut
from the oxidized specimen using focused ion beam and
was analyzed in the transmission electron microscope (see
Fig. 7).

Figure 7a shows the cut lamella with the marked region,
which was analyzed in the transmission electron micro-
scope, by means of EDX (Fig. 7b–e) of different points
marked in Fig. 7a. It was found that points 1 and 2 reflect
elements Si and O (small peaks of Cu related to the TEM
Cu-grid), while points 3 and 4 reflect the main matrix ele-
ments.

4. Discussion

It is well-known that certain conditions, such as extremely
high temperatures, presence of water vapour or high velo-
city of the flowing gas may interfere with the stability of
oxide scales. Berthod investigated the volatilization of the
external chromia layer formed by oxidation of an Ni-30Cr
alloy at 1000, 1100, 1200, and 1300 8C [5]. It has been re-
ported that volatile CrO3 forms above 1000 8C through the
following reaction:

1=2 Cr2O3ðsÞ þ
3=4 O2ðgÞ $ CrO3ðgÞ ð1Þ

Numerous studies confirm that Cr2O3 evaporates at tem-
peratures above 1000 8C especially in the presence of water
vapour [16, 17]. At high-temperatures, silica can also de-
compose into gaseous oxide, namely SiO, through the reac-
tion

2 SiO2ðsÞ $ 2 SiOðgÞ þ O2ðgÞ ð2Þ

Even though chromia evaporates at temperatures above
1000 8C, chromium plays a very important role for Co–
Re-based alloys in terms of high-temperature oxidation pro-
tection at moderate temperatures. Usually, high-tempera-
ture alloys for usage at temperatures below 1100 8C contain
high amounts (typically 18–30 wt.%) of the oxide-forming
element Cr to protect the materials against rapid oxidation
through the formation of a protective chromia scale. It is
well-known that Cr and Si act synergetically. This implies
that a lower content of Cr may be sufficient to produce a
continuous Cr2O3 if the alloy contains sufficient Si. Kumar
and Douglass studied the oxidation behaviour of austenitic
Fe-14Cr-14Ni steels containing up to 4 wt.% Si [18]. The
alloy without Si-addition formed a scale comprised of Fe-
and Ni-rich oxides and internal precipitates of spinel ox-
ides, while a continuous chromia layer formed on the sur-
face of the alloy with 4 wt.% Si. This seems also to be the
case for Co–Re–Cr alloys. Based on weight change mea-
surements as well as cross-section SEM micrographs it is
concluded that the Si addition causes a general change in
the oxide scale microstructure and therefore in the oxida-
tion mechanism. The alloys without or with a low Si con-
tent (1–2 at.%) and 23 at.% Cr form a scale including
non-protective CoO and Co–Cr oxides as well as a discon-
tinuous Cr2O3 layer, while a nearly continuous Cr2O3 scale
was observed on the surface of the alloy Co-17Re-23Cr-
3Si in the early phase of oxidation. However, the steady-
state oxidation of this alloy yields the fast growth of CoO
and CoCr2O4, which does not prevent the evaporation of
Re oxides resulting in the rapid consumption of the base
material. The damage mechanism of the Cr2O3 scale
formed on the surface of the Co–Re–Cr alloys during ex-
posure to an atmosphere with a low oxygen partial pressure
was discussed previously [4].

The results obtained in this work allow us to state that the
ratio Cr/Si plays a crucial role on the general change of the
high-temperature oxidation behaviour in Co–Re-based al-
loys. In contrast to alloys with 23 at.% Cr and different Si
concentrations, on the surface of the alloy Co-17Re-30Cr-
2Si a continuous chromia layer was detected, which re-
mains protective after 100 h exposure to air at 1000 8C and
therefore reliably protects the material preventing the eva-
poration of Re oxides. Development of the scale on
Co-17Re-30Cr-2Si alloys involves an initial, transient stage
of oxidation during which CoO, CoCr2O4, SiO2 and Cr2O3

are able to nucleate and grow on the alloy surface, followed

Fig. 8. Calculated partial pressure of CrO3 above Cr2O3 and SiO above
SiO2 at different temperatures (calculated with FactSage).

Figure 8 shows the calculated partial pressures of CrO3

above Cr2O3 and SiO above SiO2 at different temperatures.
It is seen that the partial pressure of SiO is negligible com-
pared to the partial pressure of gaseous CrO3 in the whole
temperature range. The presented comparison, i. e., thermo-
dynamic stability of chromia and silica, explains the at-
tempts to replace Cr2O3 through SiO2 in Co–Re-based al-
loys, which were developed for service temperatures
beyond 1100 8C.



regarding the oxidation resistance of Co–Re-based alloys.
On the other hand, the decrease in the equilibrium tempera-
ture for the liquid-phase with increasing Si content reduces
the field of applications for Co–Re based alloys drastically.

This study provides a first insight into the oxidation be-
haviour of Si-containing Co–Re–Cr alloys. Although the
presence of a continuous layer of SiO2 can give increased
protection to the Co–Re–Cr alloys by suppressing cation
transport through the Cr2O3 scale, poor spallation character-
istics of such scales have been reported, particularly if the
SiO2 layer is continuous. Recent studies have indicated that
implanted reactive-element additions (yttrium, lanthanum)
can be beneficial. Baxter et al. found that yttrium improved
scale adhesion of the chromia layer on austenitic Fe–Cr–
Ni alloys [10]. Paul et al. [6] reported that lanthanum,
which was surface deposited by means of ionic exchange,
enhanced the formation of a silica layer by a change in the
diffusion mechanism through the scale. The reactive ele-
ment also changed the expansion coefficient at the scale/al-
loy interface, increasing the adherence of the oxide layer to
the metal. The method of reactive element addition is also
intended to be applied for Co–Re–Cr alloys containing
Si, assuming that a continuous silica layer will be formed
at the oxide/alloy interface of newly developed Co–Re–
Cr alloys.

Two other concepts to increase the high-temperature oxi-
dation resistance of Co–Re-based alloys are (i) alloying
with Si + B and (ii) alloying with Al. In the case of Mo–
Si–B-based alloys, boron is usually added in order to form
a continuous borosilica layer (SiO2 and B2O3). This is be-
cause boron reduces the viscosity of the glassy silica scale
that forms on Mo–Si–B alloys during exposure to air.
The low viscosity helps to maintain a continuous protective
scale [19]. The B/Si ratio was found to be very important in
adjusting the quality of the silica layer. Lowering the B/Si
ratio results in a decrease in the high-temperature oxidation
resistance because silica forms at a low rate at moderate
temperatures [20]. The concept of the formation of a protec-
tive borosilica layer will be applied to the Co–Re–Cr al-
loys as one of the next steps in the development of this alloy
system.

Another concept to increase the high-temperature oxida-
tion resistance of Co–Re-based alloys is alloying with Al.
Many Ni-based superalloys, the intermetallic b-NiAl and
ferritic FeCrAl alloys are typical alumina formers. These
materials have good oxidation resistance due to their ability
to form scales which are exclusively Al2O3 [16]. Oxidation
of alumina-forming alloys at temperatures below about
1200 8C often leads initially to the formation of transient,
metastable alumina scales. This is significant, because the
metastable aluminas grow much more rapidly than protec-
tive a-Al2O3. Alloying additions such as Cr, Pt or Ni accel-
erate the transformation from poor protective metastable
aluminas to highly stable Al2O3.

Figure 10 summarizes the development of Co–Re-based
alloys in the last years and shows the promising progress at-
tained with respect to oxidation resistance. The newly pro-
posed Co–Re-based system, consisting of a set of binary,
ternary and quaternary alloys, has been systematically in-
vestigated during last few years [3, 4]. Figure 10 shows se-
lective results of some Co–Re-based alloys, which are re-
presentative for the development of this alloy system. The
data for the alloy Co-17Re and Co-17Re-30Cr were taken

by establishment of a Cr2O3 layer on the metallic surface.
The steady-state scale consists of an outer CoCr2O4 layer,
an inner Cr2O3 scale, and internal precipitates of SiO2.

As mentioned above, silica was only found as internal
precipitates, which definitely retard the outward diffusion
of metallic constituents as well as inward oxygen flux, but
they do not certainly prevent the evaporation of Re-oxides.
Since none of the alloys studied forms a continuous silica
layer on the oxide/alloy interface, which would protect the
metallic substrate and consequently prevent the evaporation
of Re oxides, it could be concluded that Si act as nucleation
sites, therefore reducing the transient-oxidation stage al-
lowing the quick formation of a continuous Cr2O3 layer.
Due to the low Si concentration, Co–Re-alloys containing
1 and 2 at.% Si obviously do not provide sufficient nuclea-
tion sites. Thus, more rapidly growing Co oxides were able
to nucleate and grow on the exposed alloy. For the alloy
Co-17Re-23Cr-3Si, a nearly continuous Cr2O3 was detected
on the scale/alloy interface in the early period of oxidation,
supporting the theory that high Si availability on the alloy
surface provides the required amount of nucleation sites to
enable a rapid formation of a continuous Cr2O3 layer. As
expected, a development of a continuous Cr2O3 layer oc-
curs most quickly for the alloy Co-17Re-30Cr-2Si not only
because of sufficient nucleation sites but also because of
the higher chromium concentration.

Li and Gleeson found an interesting dependence of the
interdiffusion coefficient of Cr in Ni-based chromia form-
ing on the Si-content, DCr

eff was found to be highest in an al-
loy that had the highest silicon content [8]. They pointed
out that two factors may influence the movement of atoms:
bond strength and space for movement. The melting point
of a solid is indicative for its bond strength, while space
for movement is directly related to the lattice parameter of
the host crystal. Strong metallic bonding and a small lattice
parameter would contribute to restricting atom movement,
and thus result in a lower diffusivity [8]. Figure 9 shows
calculated equilibrium temperatures for the liquid-phase
formation during heating of the Co-17Re-23Cr-xSi alloys
with different Si concentrations. The calculations were per-
formed using the thermodynamic program FactSage. It is
clear that the higher Si-content yields the lower equilibrium
temperature for the liquid-phase. It could be deduced that
an increase in the Si content weakens the metallic bonds in
Co–Re–Cr-alloys, probably resulting in an enhanced DCr

eff ,
which, on the one hand, could be considered as beneficial

Fig. 9. Calculated minimum equilibrium temperatures for liquid phase
formation in Co-17Re-23Cr-alloys.



from the reference [3]. Though significant progress has
been achieved regarding improvement of the oxidation be-
haviour of Co–Re-based alloys, it is clear that there are a
lot of open questions and a high demand for further investi-
gations on these materials to make them competitive among
well-established high-temperature alloys.

5. Conclusions

Experiments were carried out in order to investigate the in-
fluence of Si content on the oxidation resistance of Co–
Re–Cr-alloys. The main factors can be summarized as fol-
lows:
1. It has been found that Si improves the oxidation resis-

tance of all Si-containing Co–Re–Cr-based alloys re-
sulting in a significant decrease in the evaporation rate
of Re-oxides during exposure to air at 1000 8C and
1100 8C.

2. Silicon acts as nucleation sites which reduce the transi-
ent-oxidation stage and can promote the formation of a
continuous Cr2O3 layer.

3. While the addition of 1 and 2 at.% Si to the ternary Co-
17Re-23Cr alloy was insufficient to form a continuous
Cr2O3 scale on the oxide/alloy interface, the addition of
3 at.% silicon seems to change the oxidation mode from
the non-protective CoO–CoCr2O4–Cr2O3 scale struc-
ture with a semicontinuous Cr2O3 scale to a protective
CoCr2O4–Cr2O3 structure containing a dense and con-
tinuous Cr2O3 layer in the oxide/alloy interface. How-
ever, the protectiveness of the oxide layer CoCr2O4–
Cr2O3 in the alloy Co-17Re-23Cr-3Si decreases with
prolonged exposure time.

4. On the oxide/alloy interface of the alloy Co-17Re-30Cr-
2Si, a continuous and dense Cr2O3 scale was observed,
which remains stable even after 100 h exposure and
therefore can be considered as reliably protective for
isothermal conditions at temperature below 1100 8C.

5. Other concepts to improve the oxidation resistance of
this class of materials were discussed, such as the for-
mation of a borosilicate layer or a protective Al2O3 scale
on the substrate surface.
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The alloy composition Mo–37Si–40Ti (at.%) was synthesized by arc melting in order to obtain nearly single-phase (Mo,Ti)5Si3.
At 750–1300 �C, the intermetallic compound was found to be superior to both single-phase Mo5Si3 and single-phase Ti5Si3 with
regard to oxidation resistance. Upon oxidation, formation of a protective SiO2–TiO2 duplex scale was observed, which dramatically
reduces outward diffusion of Ti. The results indicate that Ti alloying is a promising concept to further improve oxidation resistance
of Mo-based alloys such as Mo–Si–B.
� 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Systematic examinations of refractory metal-rich
silicide phases have revealed their outstanding structural
features [1]. Recently, it was found by thermodynamic
modeling with coupled experiments that (macro)alloying
of Ti to the Mo–Si–B system stabilizes/extends the three-
phase equilibriumMo_ss–Mo3Si–Mo5SiB2, whereMo_ss
is the body-centered cubic Mo solid-solution phase.
Moreover, if Ti is added in sufficiently high concentra-
tion, instead of the Mo3Si phase, Mo5Si3 with Ti in solid
solution is stabilized (in the following denoted as
(Mo,Ti)5Si3) resulting in a Mo_ss–(Mo,Ti)5Si3–Mo5SiB2

alloy [2]. Here, Ti substitutes Mo, while the concentra-
tions of Si or B in the existing phases are either unaffected
or remain negligibly small [3]. Ti alloying may be impor-
tant in the further design of three phase Mo–Si–B alloys
for ultrahigh-temperature applications due to the follow-
ing reasons: (i) (partially) substituting Mo by Ti will lead
to a significant reduction in the alloy density (which is
9.6 g cm�3 for a typical composition of Mo–9 at.% Si–8
at.%B [4]), yielding a strong increase of turbine efficiency;
(ii) in terms of oxidation resistance, replacing Mo3Si by
the (Mo,Ti)5Si3 in Mo–Si–B alloys may improve the

overall high-temperature oxidation resistance of the alloy
due to a significantly higher Si concentration [5].

It is well known that both Mo3Si and Mo5Si3 in
single-phase condition are only oxidation resistant at
ultrahigh temperatures beyond 1600 �C due to a highly
porous silica scale which forms as a consequence of
the evaporation of MoO3 [6]. Ti as a major alloying ele-
ment might have a positive effect. The oxidation behav-
iour of single-phase Ti5Si3 as reference material has been
previously investigated by Williams and Akinc [7] as
well as by Mitra and Rao [8], and provides a basis for
understanding the fundamental oxidation behaviour of
(Mo,Ti)5Si3 too.

To the best of our knowledge, no data on the oxidation
behaviour of the Mo–Si–Ti system has been reported.
Hence, in this paper we investigate the oxidation behav-
iour of the alloyMo–37Si–40Ti in the nearly single-phase
(Mo,Ti)5Si3 condition in the temperature range between
750 and 1300 �C.

Guided by thermodynamic modeling [2], a molybde-
num silicide alloy with the composition Mo–37Si–40Ti
(at.%) was prepared from elemental powder mixtures
of Mo, Si and Ti of 99.95%, 99.9% and 99.5% purity
by an arc-melting process route. After drop casting the
alloy, annealing under H2 atmosphere was carried out
at 1550 �C for 100 h followed by a subsequent
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Figure 1. SEM microstructure of the arc melted alloy Mo–37Si–40Ti

(SEM, BSE mode).

Figure 2. Specific weight change vs. time for the alloy Mo–37Si–40Ti

oxidized in air at temperatures between 750 and 1300 �C.

behaviour of elemental Ti at temperatures above
900 �C, which was reported by Kubaschewski [9].

Figure 3 shows the SEM microstructures (surface and
cross-section views) of oxidized near single-phase
(Mo,Ti)5Si3 after oxidation at 750 �C (surface, top left),
1100 �C (cross-section, top middle) and 1300 �C (sur-
face, top right) for 100 h including the main features
of oxide scale evolution. At 750 �C but also at 820 �C
(not shown in the figure), nanometer-sized TiO2 parti-
cles are found randomly distributed at the oxide/air
interface without visible formation of a compact titania
scale. In between and below the particle gaps, SiO2 is de-
tected. Continuous TiO2 scale formation is observed at
1100 and 1300 �C. The structure of the TiO2 grains
exhibits a rather sharply edged structure. In this context,
the relatively wide spacing of the TiO2 grain boundaries
at very high temperatures (see Fig. 3 (top right)) needs to
be mentioned. It is assumed that the oxygen readily per-
meates through this open structure.

Based on the oxidized alloy cross-section after oxida-
tion exposure at 1100 �C for 100 h given in Figure 3 (top
middle), the oxide morphology can be subdivided into
three major regions. (i) The outermost layer at the oxide/
air interface consists of a single-phase and continuous
TiO2 scale exhibiting an average thickness of 4–8 lm at
1100 �C after 100 h. (ii) Below the titania layer, a duplex
layer containing SiO2 as well as TiO2 is observed. Since
TiO2 exists as discontinuous and embedded particles with-
in this scale, continuous SiO2 is considered as thematrix or
skeleton phase of this layer. (iii) At the duplex-layer/sub-
strate interface, internal oxidation of Si is observed, but
the presence of Ti was not confirmed. The SiO2 particles
are embedded within a Mo-rich matrix. EDS analyses
underline the depletion of Ti within the internal oxidation
zone. At 1300 �C, the oxide morphology cross-section is
rather similar to the one found for 1100 �C, although the
TiO2 layer exhibits an average thickness of 80 lm. At the
lower temperatures of 750 and 820 �C, the oxide layers
are comparably thinner, exhibiting an identical morpho-
logical structure.The externalTiO2 scale possesses anaver-
age thickness of 200 nm, whereas the thickness of the
duplex layer lies in the 500 nm range. The internal
oxidation depth after 100 h is in the range of 1–2 lm.

In the following, the main factors determining
oxidation kinetics are discussed briefly. The mechanisms

homogenization treatment in Ar atmosphere at 1600 �C
for 100 h, yielding the microstructure given in Figure 1.
The alloy is (nearly) single-phase and comprises a Mo-
rich (Mo,Ti)5Si3 phase with traces of Ti-rich Ti(Mo)5Si3,
possibly due to fact that thermodynamic equilibrium
was not achieved completely during the homogenization
treatment.

The oxidation kinetics was studied under isothermal
testing conditions by using continuous thermogravimet-
ric analysis (TGA) in static laboratory air. The tailor-
made system comprises a Rubotherm high-resolution
magnetic suspension balance (10�5 g) equipped with
automatic electronic drift compensation. Surface and
cross-sectional scanning electron microscopy (SEM) in
secondary-electron (SE) and backscattered-electron
(BSE) mode was applied using a Helios Nanolab 600
FE-SEM (FEI) as well as energy-dispersive X-ray spec-
troscopy (EDS) to qualitatively determine the elements
present in the scale with an Apollo XL silicon drift
detector (EDAX) ensuring high count rates even for
lightweight elements, e.g. O. Oxidation samples having
the dimensions 10 � 4 � 3 mm3 were machined using a
slow-cutting diamond saw. Prior to oxidation, the sam-
ples were ground and polished with SiC paper down to
1200 grit and ultrasonically cleaned in ethanol. For
kinetics examination, TGA measurements were carried
out up to 100 h with the samples hanging on an alumina
hook connected contactlessly to the microbalance via a
permanent magnet at the reaction chamber side as well
as an electromagnet at the microbalance side. Oxidation
experiments were performed in the temperature range
750–1300 �C.

The specific weight change vs. time for the alloy
(Mo,Ti)5Si3 at 750, 820, 1100 and 1300 �C is shown in
Figure 2. At all temperatures, continuous weight gaining
kinetics with the oxidation rate increasing dispropor-
tionally with temperature is observed. At 1100 and
1300 �C, a strong linear oxidation relationship domi-
nates the oxidation kinetics within the first hour of oxi-
dation. This is in good agreement with the oxidation



are also summarized schematically in Figure 3 (bottom).
It is assumed that external growth of the TiO2 layer orig-
inates from the substrate surface, since Ti diffusion be-
comes oxidation rate controlling at temperatures
beyond 900 �C [9]. The SiO2–TiO2 duplex layer under-
neath is believed to grow mainly by inward diffusion
of oxygen as confirmed by Melsheimer et al. using Pt
marker experiments [10]. With increasing time and/or
temperature, rapid outward diffusion of Ti leads to its
depletion within the internal oxidation zone.

The continuous oxidation experiments (see Fig. 2)
show good oxidation resistance for the (Mo,Ti)5Si3 phase
in the temperature range of 750–1300 �C through protec-
tive oxide scale formation. Extensive EDS analyses at the
titania scale/air as well as at the titania/duplex scale inter-
face did not confirm the presence of Mo, and hence it is
assumed that volatile MoO3 formation is not an issue
for this alloy during long-term oxidation. The oxygen
partial pressure at the duplex-scale/substrate interface
is concluded to be below the dissociation pressure of
any Mo-oxide formation. However, a combined oxida-
tion behaviour of evaporation of MoO3 (weight loss)
and formation of silica and titania (weight gain) during
the initial stage of oxidation cannot be excluded entirely,
although the typical condensed Mo-oxide-rich reaction
products which are usually located at the reaction cham-
ber walls of the TGA system as a consequence of an evap-
oration–condensation reaction were not observed.

The advantage of the (Mo,Ti)5Si3 is most clearly
understood by directly comparing its oxidation charac-
teristics with those of single-phase Mo5Si3 and Ti5Si3.
Mo5Si3 exhibits no oxidation resistance at temperatures
below 1400 �C due to the formation of a highly porous
SiO2 scale which allows oxygen to permeate readily
through the scale [6,11,12]. The (Mo,Ti)5Si3 phase is

superior to Mo5Si3 with regard to oxidation resistance,
and moreover it exhibits a lower density. Furthermore,
the (Mo,Ti)5Si3 phase shows far better oxidation resis-
tance as compared to stoichiometric Ti5Si3. Breakaway
oxidation, which was observed for this phase at temper-
atures beyond 1000 �C [13,14], is not observed if Mo is
present in the alloy. For stoichiometric Ti5Si3, Williams
and Akinc assume almost identical Gibbs free energy
values for silica and titania, allowing SiO2 as well as
TiO2 nuclei to form simultaneously on the surface in
the initial oxidation stage. With increasing oxidation
time, the oxidation behaviour shifts to a breakaway
behaviour [7]. The reason is believed to lie in atmo-
spheric nitrogen allowing the formation of a metastable
TiN transient layer at the substrate interface, facilitating

Figure 4. Calculated values of the parabolic oxidation rate constant

kp
0 of the alloy Mo–37Si–40Ti at temperatures of 700–1300 �C

compared to the available literature data for Ti5Si3.2 [10–12].

Figure 3. SEM microstructures of (Mo,Ti)5Si3 oxidized in air for 100 h at 750 �C (top left, surface, SE mode), 1100 �C (top middle, cross-section,

BSE mode) and 1300 �C (top right, surface, BSE mode), and proposed oxidation schematic in cross-section view (bottom).



with regard to oxidation resistance compared to both
monolithic Mo5Si3 and monolithic Ti5Si3. Additional
studies on the stability of the oxide scales during cyclic
oxidation are necessary to provide further clarification
of the applicability of the observed oxide scale formation
mechanism to severe service conditions.
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research unit 727 “Beyond Ni-Base Superalloys”.
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[4] P. Jéhanno, M. Heilmaier, H. Kestler, Intermetallics 12
(2004) 1005.

[5] M.G. Mendiratta, T.A. Parthasarathy, D.M. Dimiduk,
Intermetallics 10 (2002) 225.

[6] J.B. Berkowitz-Mattuck, R.R. Dils, J. Electrochem. Soc.
112 (1965) 583.

[7] J.J. Williams, M. Akinc, Oxid. Met. 58 (2002) 57.
[8] R. Mitra, V.V.R. Rao, Metall. Mater. Trans. A 29 (1998)

1665.
[9] O. Kubaschweski, Oxidation of Metals and Alloys, second

ed., Butterworths, London, 1967.
[10] S. Melsheimer, M. Fietzek, V. Kolarik, A. Rahmel, M.

Schütze, Oxid. Met. 47 (1997) 139.
[11] M. Meyer, M. Kramer, M. Akinc, Adv. Mater. 8 (1996)

85.
[12] R.W. Bartlett, J.W. McCamont, P.R. Gage, J. Am.

Ceram. Soc. 48 (1965) 551.
[13] S. Taniguchi, T. Minamida, T. Shibata, Mater. Sci.

Forum 251–254 (1997) 227.
[14] Z. Tang, J.J. Williams, A.J. Thom, M. Akinc, Interme-

tallics 16 (2008) 1118.

continuous formation of TiO2 [14]. The formation of
TiN may additionally be enhanced by high diffusivities
of nitrogen in TiO2 [9]. A durable improvement of the
oxidation behaviour of Ti5Si3 was achieved by adding
small amounts of C to the alloy system. It is thought
that C reduces oxygen diffusion in the interstitial lattice.

The same effect was achieved by shifting the chemical
composition of the alloy to an excess of Si (Ti5Si3.2).
Both strategies result in the formation of a SiO2–TiO2

duplex layer with SiO2 as matrix phase, which is also
the case for the (Mo,Ti)5Si3 phase as presented in this
work. If the duplex-layer exhibits a TiO2 matrix, which
is the case for the conventional Ti5Si3 phase, breakaway
oxidation is observed [7].

Figure 4 shows the calculated values of the weight

change based parabolic oxidation rate constant kp’ for
the alloy composition Mo–37Si–40Ti compared to the
available literature data of the Ti5Si3.2 phase, which also
oxidizes according to a parabolic relationship. The cal-

culated values of kp
0 are similar to the literature values,

although kp
0 for the (Mo,Ti)5Si3 phase at 1300 �C is al-

most one order of magnitude lower than the reference
values, underlining its superior oxidation resistance
especially at ultra-high temperatures.

The aim of the present investigation was to gain an ini-
tial understanding of the oxidation behaviour of the bulk
monolithic (Mo,Ti)5Si3 phase. The main conclusions can
be summarized as follows. Study of the alloy with compo-
sition Mo–37Si–40Ti shows that beneath a superficial
TiO2 scale a duplex layer containing a mixture of SiO2

and TiO2 is formed. It appears to be very important that
SiO2 forms the matrix of this SiO2–TiO2 duplex layer. As
a consequence an effective oxidation barrier which re-
duces the continuous growth of an outer TiO2 layer and
inhibits the formation and evaporation of volatile Mo
oxide exists. Hence, the intermetallic phase is superior







Effect of Yttrium Alloying on Intermediate to High-Temperature
Oxidation Behavior of Mo-Si-B Alloys

S. MAJUMDAR, D. SCHLIEPHAKE, B. GORR, H.-J. CHRIST, and M. HEILMAIER

The oxidation behavior of 0.2 Y-alloyed Mo-9Si-8B (at. pct) was investigated in a wide
temperature range from 923 K to 1673 K (650 �C to 1400 �C). Formation of a thin yttrium-
silicate scale at the outer layer along with the thick silica-rich inner layer containing Y-rich oxide
inclusions was detected beyond 1573 K (1300 �C). A substantial improvement in the oxidation
resistance of the alloy could be realized at 1073 K to 1273 K (800 �C to 1000 �C) with the
addition of yttrium. The formation of a viscous silica-rich protective scale could prevent the
permeation of MoO3 at the initial stages of oxidation at this temperature regime. The growth of
the internal oxidation zone followed a parabolic rate at 1273 K to 1673 K (1000 �C to 1400 �C),
and the activation energy values calculated for both the outer oxide scale and internal oxidation
zone formation indicated the inward diffusion of oxygen as the dominant rate controlling
mechanism. The microstructural and kinetic data obtained for internal and external oxidation
indicate that yttrium-silicate scale reduces the inward diffusion of oxygen, thereby improving the
oxidation resistance of the alloy at high temperatures in any oxidizing environment.
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I. INTRODUCTION

DESIGN and development of new materials suitable
for service for application temperatures beyond those of
nickel-based super alloys (>1423 K) have been the key
focus of interest for energy and aero-space industries.
Molybdenum and niobium silicide-based composites are
considered among the most promising candidates due to
their favorable mechanical properties and oxidation resis-
tance at higher temperatures.[1–6] The key technological
challenge is to design a material which possesses good
creep properties, adequate oxidation resistance beyond
1473 K (1200 �C), and improved manufacturability.
Alloys within the ternary Mo-Si-B system have shown
attractive properties with respect to high-temperature
creep and oxidation resistance.[7–11] A suitable alloy is
composed of a tough and potentially ductile molybdenum
solid solution (Moss) matrix with uniform distribution of
Mo5SiB2 (T2) and Mo3Si (A15) intermediate phases. The
volume fraction of these three phases depends upon the
alloy composition, and Mo-9Si-8B (at. pct) shows a
reasonable combination of phases, leading to balanced
mechanical and oxidation properties.[7,8] The detailed
oxidation behavior of Mo-Si-B alloys in different

temperature regimes has been studied and is well docu-
mented in the literature.[12–17] The alloy possesses excellent
oxidation resistance in the range of 1373 K to 1573 K
(1100 �C to 1300 �C) due to the formation of an amor-
phous and low viscosity borosilicate, which flows over the
surface producing a protective scale. However, the alloy
shows an inferior oxidation behavior at intermediate
temperatures starting from 923 K to 1223 K (650 �C to
950 �C). During the oxidation of Mo-Si-B in 923 K to
1023 K (650 �C to 750 �C), a porous scale forms and
MoO3 vapor flows out through the pores/channels of the
oxide layer. Beyond 1073 K (800 �C), the viscosity of the
developed oxide scale is reduced and it is composed of Si-
B-Mo-O. An optimum concentration of B2O3 is required
to produce a protective borosilicate scale.[13] The B2O3 to
SiO2 ratio is high until 1223 K (950 �C), and a low
viscosity scale is formed in this intermediate temperature
regime. The B-rich low viscosity scale allows MoO3 to
permeate by bubbling through the scale and inward
diffusion of oxygen is enhanced, which leads to the faster
growth of the silica scale at 1073 K to 1223 K (800 �C to
950 �C).[13] Beyond 1373 K (1100 �C), the evaporation
rate of boron is increased and the required B2O3 to SiO2

ratio is reached to form a higher viscosity scale sufficient to
cover the surface and to prevent MoO3 bubbling, provid-
ing protection against oxidation.[13,15]

It has been already established that microalloying
addition of Y drastically improves the oxidation behav-
ior of NiCoCrAlY and MCrAlY alloy coatings.[18–27]

This element segregates along the alloy grain/phase
boundaries[24] and oxidizes simultaneously along with
the major alloying element (Al) forming the oxide
(Y2O3) inclusions in the protective scale (Al2O3). The
parabolic growth rate constant of the protective scale is
reduced[23] and, in some cases, these rare earth oxides
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diffraction (EBSD) to evaluate the compositions, micro-
structures, and phase formations. For oxidation tests,
the specimens of dimensions 5 mm 9 4 mm 9 3 mm
were prepared from the sintered alloy using diamond
wheel cutting. The specimens were ground and polished
with SiC paper up to 500 grit and ultrasonically cleaned
in ethanol. The oxidation behavior was studied under
isothermal conditions by continuous thermogravimetric
analysis (TGA) and also discontinuous weight change
measurement. TGA was carried out in static laboratory
air at temperatures from 923 K to 1673 K (650 �C to
1400 �C) for up to 100 hours using a Rubotherm tailor-
made magnetic suspension balance with a resolution of
1 lg and automatic electronic drift compensation. The
specimens were hung up by a platinum wire on an
alumina hook in a reaction chamber and connected
without contact via a permanent magnet to the micro-
balance located inside a separated measuring chamber.
The reaction chamber of the TGA was comprised of an
alumina tube of 50 mm diameter with the sample
hanging in the middle and the distance between the
specimen and inner wall of the tube sufficiently high to
avoid Mo-oxide contamination through condensation
directly affecting the TGA measurements.
For studying the kinetics of growth of the outer oxide

layers and also the internal oxidation zone, separate
oxidation experiments were conducted inside the resis-
tance heating muffle-type furnaces in static air. Speci-
mens of the same dimensions were placed in the alumina
trays, which were subsequently placed on magnesia
bricks inside the furnace. These experiments were
conducted at four different temperatures between
1373 K and 1673 K (1100 �C and 1400 �C) with differ-
ent exposure times of 2, 5, 25, and 50 hours. The
specimens obtained from the oxidation tests at each time
interval at the particular temperature were analyzed for
their weight change, and cross-sectional SEM analysis
was conducted for measuring the thickness of the oxide
scale as well as the internal oxidation zone very
accurately.
The surface of the oxidized specimens was character-

ized using XRD, SEM, and EDS. The cross section of
the oxide scale was analyzed using SE and BSE imaging
coupled with EDS measurements and also EBSD for
identifying the distribution of phases, especially at the
oxide/metal interface. For EBSD measurement, the
samples were prepared by metallographic polishing
followed by electro-polishing using the electrolyte com-
prised of 12.5 vol pct methanol-87.5 vol pct H2SO4.
Electro-polishing was carried out using LectroPol 5
(Struers), maintaining a bath temperature of 275 K
(2 �C) with the applied potential of 20 V for 20 seconds.
Suitable cross-sectional specimens for EBSD were also
prepared by focused ion beam (FIB) milling in a duel
beam SEM of type Helios Nanolab 600 FE-SEM (FEI).
FIB was also used for preparing thin specimens suitable
for transmission electron microscopic (TEM) observa-
tion taken from the metal/oxide interface of the oxidized
specimens. Finally, the TEM analysis of the specimens
obtained from FIB milling was carried out using a
Hitachi (Model-8100) microscope equipped with LaB6

cathode.

improve the spallation resistance of the scale, while
cooled from high temperature by developing protrusions
(also called pegs) along the metal/oxide interface.[25] The
change in microstructure[26] and improvement of adhe-
sion[27] of the oxide scale are observed with the addition
of these reactive elements.

Silicon-based ceramic (SiC) composite materials are
being developed for high-temperature structural com-
ponents in aeronautic application, which forms a
protective silica scale on high-temperature oxidation in
dry air. However, in moist atmosphere, the material
suffers from a high rate of recession due to active
oxidation of silica by forming a more volatile compound

Si(OH)4 beyond 1473 K (1200 �C).[28,29] Due to the
superior oxidation resistance in both dry and wet
atmosphere, yttrium silicates (Y2SiO5 and Y2Si2O7) are
used as coatings on these SiC composites.[30–33] The
effect of Y on the properties of the borosilicate scale
formed during oxidation of Mo-Si-B alloys has not been
reported earlier. Therefore, in the current approach, a
detailed investigation has been carried out to study the
oxidation behavior of Mo-9Si-8B alloy with the addition
of 0.2 at. pct yttrium. Isothermal oxidation kinetics was
studied in a wide temperature range from 923 K to

1673 K (650 �C to 1400 �C). The oxidation mechanisms
at different temperature regimes were interpreted from
the observations using XRD, SEM, EDS, EBSD,
FIB-SEM, and TEM.

II. EXPERIMENTAL

The alloy composition comprising of Mo-9Si-8B-0.2Y
(at. pct) was produced using mechanical alloying of the
elemental powder mixtures of Mo, Si, B, and Y of 99.95,
99.9, 99.6, and 99.9 pct purity, respectively. At the initial
stage, the proper quantities of Mo, Si, B, and Y powder
were manually mixed inside a glove box containing
argon atmosphere. The powder mix along with the
tungsten carbide (WC) balls was filled in the WC-lined
stainless steel pots followed by tightening of the top
cover with the pots using rubber gaskets inside the glove
box. The ball to powder weight ratio (BPR) was
maintained at 12:1, and planetary ball milling (Retsch
PM 400) was conducted for 10 hours. The mechanically
alloyed powder was subsequently consolidated using
field assisted sintering (FAST). The temperature of the
powder compact was initially increased to 1373 K

(1100 �C) at a heating rate of 100 K/minutes (100 �C/
minutes) and the compact was kept at this temperature
for 15 minutes for removing gaseous species trapped
inside the compact. The final sintering was conducted at

1873 K (1600 �C) for 0.25 hours applying a pressure of
50 MPa through graphite rods. The sintered material
was cooled to room temperature at a very fast rate
(150 K/minutes), and a final stage of grinding treat-
ment was given to remove the carbon layers from the
surfaces.

The as-consolidated alloys were characterized using
density measurement, X-ray diffraction (XRD), scan-
ning electron microscopy (SEM), energy dispersive
spectrometry (EDS), and electron back-scattered



III. RESULTS AND DISCUSSION

A. Alloy Microstructure

Figure 1 represents the electro-polished microstruc-
tures of a 0.2 at. pct Y-alloyed Mo-9Si-8B specimen
prepared by field assisted sintering. The presence of
three distinct phases Moss, Mo5SiB2 (T2), and Mo3Si
(A15) along with very fine bright precipitates is clearly
visible (Figure 1(a)). EDS analysis revealed that these
precipitates are enriched with Y. The composition of
these fine particles (<100 nm) could not be detected
accurately using EDS; however, the oxygen concentra-
tion of these precipitates was found to be higher
compared to the surrounding matrix, which could be
due to the minor amount of oxygen pick-up by the
particles during the electro-polishing stage. Mo-Y

binary phase diagram[34] suggests that the solubility of
Y in Mo is very low, being of the order of 0.03 to 0.065
at. pct at 1723 K (1450 �C). The formation of the Y-rich
precipitates in the alloy (Figure 1(a)) indicated that the
solubility of Y was also very low in T2 and A15 phases.
The bright appearance of the precipitates in the back-
scattered electron image (Figure 1(a)) and EDS analysis
indicates that the precipitates mainly consist of elemen-
tal yttrium. A partial oxidation of Y during the milling
stage could not be avoided, and the oxide particles of
Y2O3 could also be present (black particles) in the
microstructure. As the density of the sintered Mo-9Si-
8B-0.2Y specimens was of the order of 91 to 92 pct of
theoretic value (qth = 9.6 g/cc), very fine pores were
observed along the grain/phase boundaries (Figure 1(a)).
EBSD maps obtained from the same electro-polished

Fig. 1—Microstructures of an electro-polished surface of the sintered Mo-9Si-8B-0.2Y alloy; (a) BSE image, (b) EBSD map indicating orienta-
tion image with inverse pole figures (inset), and (c) corresponding phase map showing three color codes for three phases.



Y through the borosilicate scale leads to increase in the
thickness of the yttrium-silicate layer as shown in
Figure 5. The thickness of the yttrium-silicate layer
was found to be about 6-8 lm after 2 hours of oxidation
at 1673 K (1400 �C) (Figure 5). Localized Y-enrich-
ments in the inner borosilicate layer closer to the outer
layer (Figure 5) indicate the outwardly diffusion of Y.
Formation of such a thin yttrium-silicate scale could

further improve the oxidation resistance of Mo-Si-B
alloy in the atmosphere containing moisture. This outer
scale could prevent the active oxidation of silica scale in
the moisture environment at services beyond 1523 K
(1250 �C).[31] Yttrium silicate was also reported to have
good erosion resistance and less permeability for oxygen
diffusion.[38] Therefore, a proper quantity of Y addition
in Mo-Si-B could improve the oxidation resistance of
the alloy in both dry and wet environments during
exposure at high temperatures.

C. Oxidation at 1273 K to 1473 K (1000 �C to 1200 �C)

The results obtained from the isothermal oxidation
tests conducted in laboratory static air at 1273 K to
1473 K (1000 �C to 1200 �C) are presented in Figure 6.
The kinetic data obtained from Mo-9Si-8B-0.2Y alloy
specimens were compared with those observed for the
reference Mo-9Si-8B alloy also prepared by field assisted
sintering. Isothermal weight change data indicate that
both the reference and 0.2 at. pct Y-alloyed materials
had similar oxidation behavior at 1373 K and 1473 K
(1100 �C and 1200 �C). Both the materials show a
transient weight loss at initial stages, followed by loss of
weight at a much slower and steady rate. Figure 7 shows
the surface morphology (Figure 7(a)) and cross-
sectional (Figure 7(b)) SEM images obtained from a
representative specimen oxidized at 1473 K (1200 �C).
The oxidized surface is comprised of a continuous silica-
rich phase with some localized increase in concentration
of Y2O3-SiO2 (Figure 7(a)). All the specimens oxidized
between 1273 K and 1473 K (1000 �C and 1200 �C)
showed similar surface morphology. No separate
yttrium silicate layer was observed in this temperature
regime. Instead, the Y2O3-SiO2 type of precipitates
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Fig. 2—TGA plots showing the isothermal oxidation behavior of
Mo-9Si-8B-0.2Y alloy at 1573 K and 1673 K (1300 �C and 1400 �C).

Mo-9Si-8B-0.2Y alloy specimen are presented in
Figures 1(b) and (c). Grain size distribution combined
with grain orientation (Figure 1(b)) and phase (Fig-
ure 1(c)) mapping was done for Moss, T2, and A15
phases. The fine size Y-rich particles were not indexed
during mapping. However, the disturbances stemming
from these particles during the electron beam scanning
could be observed in the grain orientation map
(Figure 1(b)) showing the small dots present throughout
the microstructure. The presence of the three-phase
Moss-T2-A15 microstructure with the continuous Moss
phase is visible in Figure 1(c). The average grain size of
these phases was calculated to vary between 400 and
600 nm. The EBSD analysis gives the area fractions of
54.8 pct Moss, 26 pct T2, and 19.2 pct A15, which are
very close to the reported values.[35] The presence of fine
precipitates and the application of a relatively lower
sintering temperature (1873 K) are the main reasons
for the formation of such fine-grained structure in
molybdenum-based alloys.[36,37]

B. Oxidation at High Temperatures: 1573 K to 1673 K

(1300 �C to 1400 �C)

The isothermal oxidation kinetic data for Mo-9Si-8B-
0.2Y alloy obtained from thermo-gravimetric experi-

ments conducted at 1573 K and 1673 K (1300 �C and
1400 �C) are presented in Figure 2. The experimental
data were compared with the reported data[13] for a
reference Mo-12Si-12B alloy. The alloy showed an
initial transient weight loss due to the higher evapora-
tion rate of MoO3 and subsequent slower rate of weight
loss with increasing time. The hump observed in the
TGA curve 1 in Figure 2 could be due to the formation
of some localized cracks through which evaporation loss
was detected at 87 hours; however, the steady state was
again reached after 90 hours. The kinetic behavior
during the isothermal oxidation of Mo-9Si-8B-0.2Y
alloy in static air was found to be very similar to that
reported for the reference alloy.[13] However, a different
type of oxide scale formation was detected for 0.2 at. pct
Y-alloyed specimens during oxidation in this high-
temperature regime. Figure 3 shows the surface mor-

phology of the specimen oxidized at 1573 K (1300 �C)
for 100 hours. Formation of a viscous layer enriched
with Y (Figure 3, Y L map) was detected. XRD analysis
identified the presence of yttrium-silicate (Y2Si2O7)
phase on the oxidized surface. The cross-sectional image
of the same specimen with EDS maps is presented in
Figure 4, which indicates that a thin outer oxide layer
rich in Y (Figure 4 YL map) was formed during

oxidation at 1573 K (1300 �C). Therefore, the outer
oxide layer mainly consists of yttrium-silicate phase,
whereas the inner oxide layer is composed of amorphous
borosilicate compound. The presence of a thick internal
oxidation zone (IOZ) was observed between the alloy
substrate and the oxide scale. A very thin layer rich in
Mo along with its oxide (MoO2) was also present
between the borosilicate scale and IOZ. Thin yttrium-
silicate scale formation at the outer layer of the oxide
scale was observed even at shorter times of oxidation at

1673 K(1400 �C). The continuous outward diffusion of



the loss of B increases with increasing time. This has a
significant effect on the oxidation behavior of the
reference material (Mo-9Si-8B) at 1273 K (1000 �C).
Therefore, the Y-enrichment at the silica scale improves
the oxidation resistance at 1273 K (1000 �C), especially
at the early stages.
An attempt was made to prepare a TEM specimen

using focused ion beam milling and subsequent thinning
to study the structure of the interface between the
substrate and the oxide scale formed at 1273 K
(1000 �C) for 100 hours. As presented in Figure 9(a), a
thin slice was cut perpendicular to the cross section
revealing the substrate and the oxide scale. A pore could
be detected inside the oxide scale. The magnified image
(Figure 9(b)) captured from the surface of the thin
specimen indicates the formation of a very thin (~2 lm)
internal oxidation zone penetrating the substrate fol-
lowed by a layer rich in Mo, and the subsequent outer
layer is formed by MoO2 and a borosilicate scale.
Clearly, the fine grain structure could be identified in the
substrate (Figure 9(b)), and a preferential oxidation
along some of the grains was observed in the internal
oxidation zone. After lift out and final thinning, the
TEM investigation was carried out. Figure 10(a) shows
the microstructure obtained from the bulk material
indicating the presence of a fine grain (400 to 500 nm)
structure. The grain size of the A15 grains was found to
be the smallest and Y-rich fine particles were also
detected. Figure 10(b) represents a micrograph obtained

Fig. 3—SE image of Mo-9Si-8B-0.2Y alloy surface oxidized at 1573 K (1300 �C) for 100 h and the corresponding EDS maps indicating
Y-enrichment in the silicate scale.

are present as second-phase inclusions in the continu-
ous borosilicate phase. The cross-sectional image
(Figure 7(b)) indicates the formation of a continuous
and adherent borosilicate scale forming the outer layer,
and also the presence of an internal oxidation zone near
the substrate. The small yttrium-rich oxide precipitates
were also observed along the cross section of the oxide
scale.

At 1273 K (1000 �C), a superior oxidation behavior
was noted for the Mo-9Si-8B-0.2Y alloy compared to the
reference Mo-9Si-8B material; compare curves 1 and 2 in
Figure 6. The cross-sectional SEM micrograph and EDS
maps for the elements along the cross section of the oxide
scale formed on Mo-9Si-8B-0.2Y alloy oxidized at 1273
K (1000 �C) for 100 hours are presented in Figure 8. The
enrichment of Y was detected beneath the outer oxide
layer (Figure 8, Y L map) at the interface between the
outer oxide scale and the substrate. The localized
enrichment of Y was also detected along the cross section
of the silica-rich oxide scale as observed at 1473 K (1200
�C). These observations indicate that Y ions diffuse
outward and get simultaneously oxidized with Si and B.
However, the scale formation at 1273 K (1000 �C)
suggests that the presence of Y in the scale increases the
viscosity to such an extent that the scale becomes
protective in nature. The segregation of Y at the scale/
metal interface could reduce the diffusion of oxygen
further. Compared to 1473 K (1200 �C), the rate of
evaporation of B is still low at 1273 K (1000 �C) and



tric rings (inset in Figure 10(b)). These diffraction
patterns can be interpreted as stemming from molybde-
num solid solution. Amorphous diffraction spot pat-
terns were also observed for the borosilicate oxide scale.

Fig. 4—Cross-sectional micrograph and elemental distribution maps for Mo-9Si-8B-0.2Y specimen oxidized at 1573 K (1300 �C) for 100 h.

near the interface between the oxide scale and the
substrate. The presence of very fine (nanosize) precip-
itates was detected inside the oxide matrix. The selected
area diffraction analysis produced a number of concen-



This finding indicated that the thin layer formed just
above the internal oxidation zone (marked as Mo-rich
layer in Figure 9(b)) actually comprises a very fine Mo
grain structure inside the amorphous silicate scale.

D. Oxidation at Intermediate Temperatures:
923 K to 1173 K (650 �C to 900 �C)

Although Mo-Si-B alloys have proven good oxidation

resistance beyond 1373 K (1100 �C) due to the forma-
tion of the protective borosilicate scale,[13–15,17] the
alloys usually show inferior oxidation behavior in the
intermediate temperature 923 K to 1173 K (650 �C to
900 �C) regime. This is due to the formation and easy
evaporation of MoO3 through the porous and non-
protective oxide scale[39] with the rate of vaporization
increasing with increasing temperature. At 923 K to
1023 K (650 �C to 750 �C), the viscous scale does not
form, and MoO3 evaporates out through the porous
oxide scale. The melting point of MoO3 is 1068 K
(795 �C),[40] and a low viscosity B-rich scale is formed
above this temperature. However, the scale is still non-
protective up to 1173 K to 1223 K (900 �C to 950 �C)
due to the lower evaporation rate of boron. The
intermediate temperature regime can therefore be split
into two regimes, i.e., oxidation (1) at 1073 K to 1173 K
(800 �C to 900 �C) and (2) at 923 K to 1023 K (650 �C
to 750 �C). The detailed oxidation behavior observed
for Y-alloyed Mo-Si-B in these two regimes is presented
in the following sections.

1. At 1073 K to 1173 K (800 �C to 900 �C)
The isothermal oxidation kinetic results obtained

from Mo-9Si-8B-0.2Y alloy oxidized at 1073 K,
1093 K, and 1173 K (800 �C, 820 �C, 900 �C) are
plotted in Figure 11. The results were compared with
those obtained on the reference alloy without Y
reported in the literature.[13,17] It can be clearly seen
from Figure 11 (curves 4 and 5) that the reference alloys
show a continuous higher rate of weight loss with
increasing time of oxidation at 1073 K and 1173 K
(800 �C and 900 �C). In other words, the 0.2 at. pct
Y-alloyed Mo-Si-B alloys exhibit an improved oxidation
resistance in this temperature regime. Even a gradual
weight gain at the initial periods of oxidation was noted
for all three tested temperatures (curves 1, 2, and 3 in
Figure 11). At 1073 K (800 �C) (curve 1, Figure 11), the
gain in weight continued until about 60 hours of
oxidation, followed by a gradual loss of weight for
some time and a subsequent low rate of weight loss.

Fig. 5—Cross-sectional BSE image of Mo-9Si-8B-0.2Y alloy oxidized
at 1673 K (1400 �C) for 2 h showing the formation of an outer
yttrium-silicate layer.
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Fig. 6—TGA plots showing isothermal oxidation kinetics of the
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Fig. 7—Mo-9Si-8B-0.2Y alloy oxidized at 1473 K (1200 �C) for 100 h; (a) surface morphology and (b) cross-sectional image.



the case of the reference material (Mo-Si-B). However,
with increasing time, the scale gets enriched with boron,
and oxygen ions can penetrate continuously through the
defects formed in such a complex oxide (Si-B-Mo-Y-O)
structure. Hence, the formation of molybdenum oxides
takes place continuously and a time is reached when the
vapor pressure of MoO3 is high enough to bubble
through the low viscosity scale by forming cracks. The
presence of bigger size pores could be observed at the
outer scale and Mo-oxide interface after 48 hours of
oxidation at 1073 K (800 �C) (Figure 12). These pores
grew to a larger size with increasing time, generating
stresses on the outer layer and finally leading to the
formation of cracks in the outer scale. The loss of weight
of the specimens observed (Figure 11) at a higher time
was due to the evaporation of MoO3 through these
cracks formed in the scale. However, the scale has the
tendency of self-healing once the internal stress is
reduced after escape of the MoO3 formed at the earlier
stages. The zigzag shape of the curves 2 and 3 in
Figure 11 could be due to simultaneous crack formation
and self-healing of the scale. This self-healing nature of
the silicate scale can also be deduced from the reduced
rate of loss of weight observed in TGA curves at higher
time periods (Figure 11).

2. At 923 K to 1023 K (650 �C to 750 �C)
Figure 14 shows the isothermal oxidation kinetics of

the specimens at 1023 K (750 �C). Mo-9Si-8B-0.2Y
alloy exhibited a very similar oxidation behavior as
observed for the reference samples reported in the
literatures.[13,17] The 0.2 at. pct Y-alloyed specimen
experienced (curve 1 in Figure 14) a drastic weight loss
with the increase in time of oxidation. The scale was
found to be porous and 0.2 at. pct Y could not play any
major role in enhancing the growth of the silica scale
formation. Evaporation of MoO3 along the porous scale

Fig. 8—Cross-sectional SEM image and elemental distribution maps obtained from a specimen oxidized at 1273 K (1000 �C) for 100 h.

A similar trend in change of weight was observed at

1093 K and 1173 K (820 �C and 900 �C) (curves 2 and
3, Figure 11) with the difference of the initiation of
weight loss toward the lower time of oxidation as the
temperature was increased. For identifying possible
reasons for the improved oxidation behavior of the
alloy in this temperature regime, cross sections of oxide
layers were studied by oxidizing the specimens for

different time intervals at 1073 K (800 �C). Figure 12
represents the cross section of the oxide layers formed at

1, 4, 24, and 48 hours of oxidation at 1073 K (800 �C).
The presence of a continuous silicate scale was observed
in all the specimens. A separate MoO2 layer was present
between the outer silicate scale and the substrate. The
presence of some MoO3 whiskers was also detected in
this layer. The thickness of both the layers increased
with increasing time. The growth kinetics of the outer
silicate scale and the inner MoO2 layer is presented in
Figure 13. Although the outer scale shows a transition
from linear to parabolic growth, the thickness of the
inner MoO2 layer increases linearly. Therefore, the
linear weight gain observed in the TGA plots (curve 1,
Figure 11) was mainly due to the simultaneous oxida-
tion of Mo and Si and also other elements such as B and
Y. EDS analysis indicated that the elemental Y concen-
tration corresponding to 2.2 mol pct Y2O3 was present
in the silicate scale formed after 1 hour of oxidation at

1073 K (800 �C). The concentration of Y2O3 would
increase with time of oxidation as more amount of Y
diffuses toward the oxide scale. The presence of a
reactive element like Y reduces the rate of formation of
MoO3 at the initial stages leading to the formation of a
silica and B-rich oxide. The Y2O3 inclusions act as the
nucleation sites for silica and thereby increase the rate of
nucleation of silica. The incorporation of Y2O3 in the
B-rich silica scale could also increase the viscosity of the
scale, preventing the MoO3 bubbling, as observed, in



An attempt was made to study the oxidation behavior
of Mo-9Si-8B-0.2Y alloy at 1023 K (750 �C) after giving
pre-oxidation treatment at higher temperatures. Figure 16
shows the weight change behavior obtained from
thermogravimetric analysis carried out by designing a
cyclic heat treatment schedule. Firstly, the alloy speci-
men was isothermally oxidized at 1273 K (1000 �C) for
3 hours. An initial weight loss was followed by a steady
state scale formation. The specimen was subsequently
heated to 1573 K (1300 �C) at a very fast rate followed
by isothermal oxidation at 1573 K (1300 �C) for
9 hours. This duration was selected to reach the steady
state scale formation stage after the initial transient
evaporation stage. The pre-oxidized specimen was
cooled to 1023 K (750 �C) and an isothermal oxidation
test was carried out at 1023 K (750 �C). The isothermal
oxidation plot at 1023 K (750 �C) shows marginal
continuous weight gain with increasing time. Therefore,
the oxide scale formed during the two-stage pre-oxida-
tion treatments was capable of preventing evaporation
loss of MoO3 from the alloy at 1023 K (750 �C).
However, the scale could remain protective for a definite
period of time because more amount of B diffusion in
the scale from the substrate with increasing time would
reduce its viscosity, thereby making it non-protective.

E. Internal Oxidation

The selective oxidation of solute elements of an alloy
due to the reaction between the inwardly diffusing
oxidizing species and the alloying elements of the
material is termed ‘‘internal oxidation.’’ The classical
model of internal oxidation of binary alloys was
developed by Wagner,[41] who assumed the solubility
product of the internal oxide (BOm) to be very small so
that the concentrations of oxygen and solute atom (B) at
the oxidation front may be neglected. This model leads
to an analytical expression for the parabolic rate
constant of internal oxidation. However, the oxidation
mechanisms for ternary system like Mo-Si-B are more
complex as compared to binary systems such as
Ni-Al,[42] Ag-Cd,[43] etc., studied as model systems for
predicting the kinetic phenomenon of internal oxida-
tion. The occurrence of an internal oxidation zone in
Mo-9Si-8B-0.2Y alloy oxidized at 1273 K to 1673 K
(1000 �C to 1400 �C) has been presented earlier
(Figures 4, 5, 7, 9). The separate layer of internal
oxidation zone forms below the outer protective silicate
scale. Figure 17 shows the cross-sectional image of
electrolytically polished surface presenting the interface
between the internal oxidation zone (IOZ) and Mo-9Si-
8B-0.2Y substrate oxidized at 1373 K (1100 �C) for
100 hours. The microstructure of the IOZ looked
entirely different from that of the substrate (Figure 17).
Both T2 and A15 phases reacted with the oxygen and
formed oxides. The presence of porosities, oxide parti-
cles, and unreacted molybdenum grains could be seen in
the IOZ. For identifying the structures formed in IOZ,
the attempt was made to prepare the interface by
polishing with focused ion beam (FIB) and running the
EBSD measurements subsequently. Figure 18 shows the
result of this analysis. The most interesting result

Fig. 9—(a) Thin specimen cut perpendicular to the cross section at
the metal/oxide interface (from Mo-9Si-8B-0.2Y specimen oxidized
at 1273 K (1000 �C) for 100 h) using focused ion beam (FIB) milling
and (b) SE image showing the microstructure of the thin specimen
along the perpendicular direction.

led to catastrophic oxidation. The alloy specimen was
completely oxidized, leaving powder residue after
40 hours.

The oxidation behavior of 0.2 at. pct Y-alloyed
material was found to be similar to the behavior of the
unalloyed Mo-Si-B alloys at 923 K (650 �C) presented in
Figure 15. The continuous loss of weight was observed
with increasing time after a small initial weight gain. At
this low temperature, MoO3 begins to evapo-rate, and
the silicate scale growth rate is very low, forming a
powdery scale. However, the rate of evapo-ration loss
was found to be much lower at this temperature.



obtained from this analysis is the identification of very
fine-sized (nanograins) molybdenum grains in the IOZ
(Figure 18(a)). The area near and beneath the IOZ was
completely transformed to molybdenum phase as indi-
cated by the phase map (Figure 18(c)) obtained from the
specimen. The possible oxidation reactions occurring in
the IOZ can therefore be written as

2Mo5SiB2 þ 5O2 ¼ 10Mo þ 2SiO2 þ 2B2O3 ½1�

Mo3Si + O2 = 3Mo + SiO2 ½2�

increase in size of the preexisting Mo grains could be
identified near the IOZ (Figure 18(a)). Therefore, the
internal oxidation zone is composed of Mo grains and
the oxide particles such as SiO2, B2O3, and also Y2O3.
A small amount of MoO2 could also be present as the
subsequent layer beneath the borosilica scale consists
mainly of MoO2.
According to Wagner’s theory of internal oxidation,

the rate of penetration of the internal oxide front
into the alloy is a parabolic function of time. To
understand the penetration rate of the internal oxidation
front in Mo-9Si-8B-0.2Y alloy, a series of oxidation tests
was conducted in furnace air at 1373 K, 1473 K,
1573 K, and 1673 K (1100 �C, 1200 �C, 1300 �C,
1400 �C) for different time intervals such as 2, 5, 25,
and 50 hours. As there is a formation of thick silicate
scale in the outer layer at all the selected temperatures,
the change in the thickness (h) of the IOZ with time at
different temperatures was measured using cross-
sectional SEM imaging. Applying Wagner’s theory,
the kinetic equation for growth of the internal oxidation
zone may be written as the following:

h ¼ 2cðD0tÞ
1=2 ½3�

where D0 is the diffusivity of oxygen in the base material
and c is a dimensionless parameter dependent on the
relative contribution of the diffusion of the components
(O, Si, B, etc.) involved in the formation of the internal
oxidation zone. The thickness data for the IOZ formed
during oxidation of Mo-9Si-8B-0.2Y alloy are plotted
against time (in logarithmic scale) in Figure 19(a) for the
four different temperatures studied. The growth rate
exponents (n) at different temperatures were calculated
by fitting linear plots for ln(h) vs ln(t) data points. It can
be seen from Figure 19(a) that the growth of the IOZ
followed a parabolic (n � 0.5) relationship with time, as
predicted by Eq. [3]. A slightly higher value for n (~0.68)
was calculated at 1473 K (1200 �C). The most signifi-
cant result from Figure 19(a) is that the thickness of
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Fig. 11—TGA plots showing isothermal oxidation kinetics of the
Y-alloyed and the reference alloy at 1073 K to 1173 K (800 �C
to 900 �C).

Fig. 10—TEM micrographs; (a) substrate and (b) at the oxide scale/substrate interface indicating the presence of nanosized particles of molybde-
num inside the amorphous oxide scale; inset: SAD ring patterns for Mo (110), (200), (211), and (220) diffractions correspondingly from lower to
higher diameter rings.

The presence of Mo nanoparticles in the oxide scale
near the scale/substrate interface formed at 1273 K
(1000 �C) was also detected by means of the TEM
examination. With increasing temperature, the particles
grew near the substrate (IOZ) and they were also
consumed by the preexisting molybdenum grains. The



IOZ formed at 1573 K and 1673 K (1300 �C and
1400 �C) was almost identical. This behavior indicates
that the effect of temperature activation was nullified by
the occurrence of some other mechanism at 1673 K
(1400 �C).

FromWagner’s analysis, the expression for the kinetic
parameter c in Eq. [3] can be expressed as

c ¼
N

ðsÞ
O

2mN
ðoÞ
B

 !1=2

½4�

where NO
(s) and NB

(o) are the atomic fractions of dissolved
oxygen at the alloy (AB) surface and the initial
concentration of B in the bulk alloy, respectively.
Equation [4] is valid when the solute atom (B) diffuses
out at a much slower rate compared to the inward
diffusing species oxygen and when the solubility of
oxygen is very small with respect to the solutes’ content
of the alloy. However, in the case of the Mo-Si-B
system, the solute atoms (Si and B) oxidize both
externally and internally, which was observed by the
simultaneous increase in thickness of the outer oxide
scale and of the IOZ with time at the same oxidation
temperature. Therefore, the fraction of oxygen atoms
diffusing through the external oxide scale contributes to
the internal oxide formation.

c ¼
N

ðsÞ
O

2mðN
oð Þ
B �N

0

BÞ

!1=2

½5�

where N
0

B is the finite solute atom fraction at the inter-
nal oxidation front. A comparison of Eqs. [4] and [5]
shows that a greater growth rate of the IOZ is pre-
dicted by Böhm and Kahlweit compared to Wagner’s
model. Böhm and Kahlweit were also able to calculate
the number density (ƒN) of the oxide precipitates with
spherical morphology at a finite diffusion distance (Xi).
They were able to arrive at the following relationship
for a continuous nucleation and growth process.

fN Xið Þ ¼ ConstantpnO2
½6�

Therefore, as per Eq. [6], the number of oxides formed
in the IOZ is directly proportional to the atom fraction
of oxygen ((NO

(s))m) or the partial pressure of oxygen
beneath the external oxide scale, where the exponents n
and m are dependent upon the stoichiometry of the
oxide. Now, the kinetic data for internal oxidation for
the Mo-9Si-8B-0.2Y alloy at 1573 K and 1673 K
(1300 �C and 1400 �C) (Figure 19(a)) revealed that the
thickness of the IOZ does not increase from 1573 K to
1673 K (1300 �C to 1400 �C) for the same oxidation
times. The cross-sectional analysis of the oxidized
specimen (Figure 5) indicated that a thin yttrium silicate
layer forms at 1673 K (1400 �C) within a shorter
oxidation time. This yttrium silicate layer could reduce
the diffusivity of oxygen, thereby reducing the fraction
of oxygen atoms below the silicate scale. Reduced
oxygen partial pressure (N

ðsÞ
O or pnO2

) at the scale/IOZ
interface would lead to the reduction in rate of forma-

Fig. 12—Cross-sectional microstructures of Mo-9Si-8B-0.2Y specimens oxidized at 1073 K (800 �C) for different time intervals.

Bö hm and Kahlweit[43] proposed that internal oxide
(BOm) precipitation does not occur along a well-defined
front (as proposed by Wagner), but rather within a region
of small but finite width where the concentration profiles
of oxygen and solute atom change with time as new oxide
particles nucleate and grow. The expression for the
kinetic parameter derived by analyzing this model was
found to be
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Fig. 17—SEM image showing the interface between the substrate
and internal oxidation zone (IOZ) formed during oxidation of
Mo-9Si-8B-0.2Y alloy at 1373 K (1100 �C) for 100 h.

Fig. 14—TGA plots showing isothermal oxidation kinetics at 1023 K
(750 �C).



IV. SUMMARY AND CONCLUSIONS

The detailed oxidation studies conducted with 0.2
at. pct Y-alloyed Mo-9Si-8B in the wide temperature
range from 923 K to 1673 K (650 �C to 1400 �C)
indicated that Y plays a key role in the formation of
the oxide scale. Beyond 1573 K (1300 �C), formation of
two separate oxide layers was identified. The outer thin
layer was composed of an yttrium-silicate phase, and the
inner thick layer was composed of borosilica. At 1273 K
to 1473 K (1000 �C to 1200 �C), the scale consisted of
only one layer of silica-rich oxide, and fine particles of
Y-rich oxides were distributed inside the scale. The
oxidation resistance of Y-alloyed material was found to
be comparable with that of the reference (Mo-9Si-8B)
material at 1373 K to 1673 K (1100 �C to 1400 �C).
An improvement in the oxidation resistance of the
Y-alloyed material was detected at 1273 K (1000 �C).
In the intermediate temperature regime 923 K to

1173 K (650 �C to 900 �C), the 0.2 at. pct Y-alloyed
material showed a much more different and improved
oxidation behavior compared to the reference alloy
(Mo-Si-B), especially at 1073 K to 1173 K (800 �C to
900 �C). Based on the compositional analysis of the
oxide scale, it could be revealed that the formation of a
silica-rich scale containing some quantities of Y2O3-SiO2

as dispersed particles is capable of preventing the
permeation of MoO3 for a sufficiently long time. The
isothermal oxidation data showed a systematic gain in
weight at the initial stages of oxidation of Y-alloyed
material, whereas the unalloyed reference material
shows a drastic weight loss during this period. At
923 K to 1023 K (650 �C to 750 �C), no major differ-
ence in the oxidation behavior between the reference

Fig. 18—EBSD maps showing interface between the IOZ and the substrate (Mo-9Si-8B-0.2Y) oxidized at 1373 K (1100 �C) for 2 h. Specimen
was prepared using focused ion beam milling and polishing. (a) Orientation map, (b) image quality map, and (c) phase map.

tion of the internal oxidation zone or the fraction of
internal oxides as predicted by Eqs. [4] through [6].

Figure 19(b) shows the Arrhenius plot for the
thickness data against temperature for both the outer
borosilicate oxide scale and the IOZ formed during
oxidation of Mo-9Si-8B-0.2Y alloy. The data obtained
for the IOZ were plotted for 1273 K to 1573 K (1000 �C
to 1300 �C) because the thickness data for 1573 K and
1673 K (1300 �C and 1400 �C) were identical. For the
outer borosilicate-rich oxide scale, the data points were
plotted for 1273 K to 1673 K (1000 �C to 1400 �C). The
thickness of the thin yttrium-silicate layer formed at the
outer surface at 1573 K and 1673 K (1300 �C and 1400
�C) was not considered for these calculations. The linear
plots obtained for the IOZ at different times were almost
parallel, which indicated that there should be no
significant change in mechanism for the IOZ formation
with increasing time. The activation energy for the IOZ
formation was calculated to be 248 kJ/mol. This value
gives a qualitative indication for thermal activation
required for diffusion of oxygen along the interphase
boundaries between Mo, and T2 and A15. The linear
plot obtained for the outer borosilicate scale formed after
100 hours of oxidation at different temperatures showed
a much shallower slope (Figure 19(b)) com-pared to that
for the IOZ. The activation energy for the growth of the
silicate scale was found to be 118.6 kJ/mol (28.4 kcal/
mol), which is very close to the reported value (29 kcal/
mol)[44] of activation energy for diffusion of oxygen in
fused silica at 1373 K to 1523 K (1100 �C to 1250 �C).
This result confirms that yttrium-silicate slows the
oxygen diffusion at higher temperatures.



inner oxidation layer formed at 1573 K and 1673 K
(1300 �C and 1400 �C) were found to be identical. This
phenomenon was attributed to the formation of an
outer layer comprising yttrium-silicate phase, which
reduces the inward diffusion rate of oxygen.
Further investigations are being carried out to study

the oxidation behavior of Mo-Si-B with varying con-
centrations of Y. The results of these investigations will
be presented later. One major limitation of this work is
that the fraction of B2O3 present in the oxide scale could
not be measured accurately using EDS analysis. The
interaction of B2O3 with Y2O3-SiO2 and the possible
effect on the scale structure needs to be understood.
Finally, a suitable silicide-based coating has to be
designed for Mo-Si-B-Y system for its final application
as structural components.
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Abstract The oxidation behavior of Co-17Re-xCr-2Si alloys containing 23, 25, 27

and 30 at.% chromium at 1,000 and 1,100 �C were investigated. Alloy Co–17Re–

23Cr–2Si showed a poor oxidation resistance during exposure to laboratory air

forming a two-layer external scale and a very thin discontinuous Cr2O3 layer at the

oxide/substrate interface. The outer layer of the oxide scale consisted of CoO,

whereas the inner layer was a porous mixture of CoCr2O4 spinel particles in a CoO

matrix. The oxide scale was found to be non-protective in nature as the vaporization

of Re-oxide took place during oxidation. An increase of chromium content from 23

at.% to 25 at.% improved significantly the alloy oxidation resistance; a compact

protective Cr2O3-scale formed and prevented the rhenium oxide evaporation. The

oxidation behavior of alloys containing 27 at.% and 30 at.% chromium were quite

similar to that of Co–17Re–25Cr–2Si. The oxidation mechanism for Co–17Re–

25Cr–2Si alloy was established and the subsurface microstructural changes were

investigated by means of EBSD characterization.
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Introduction

Alloys used for high-temperature applications such as power plants, gas turbines

etc., require to possess both superior high-temperature corrosion resistance and

excellent high-temperature mechanical properties. Nowadays, Ni-based superalloys

are the dominating class of materials for applications in the hot section of gas

turbines. However, their application is increasingly restricted if substrate material

temperature exceeds 1,000 �C, since the strengthening c’-phase in Ni-based alloys

begins to dissolve at these temperatures [1]. Moreover, the melting point around

1,300 �C of this alloy system is also restricting its further development at extreme

high temperature. Therefore, a new class of alloys, namely Co–Re-base model

alloys, has been recently developed for high-temperature applications beyond

1,100 �C [2]. Because of the high melting point of Re (3,182 �C), the addition of Re

in cobalt increases the melting point and the strength of the material while forming a

continuous solid solution with Co.

Regarding the aspect of oxidation resistance, alloys used for high-temperature

usually need to form a slow growing protective oxide scale, which aremostly chromia,

alumina, or silica scales. The first generation of chromium containing Co–Re-base

alloys for the high-temperature oxidation study has been developed by Rösler et al. [3]

in order to form aCr2O3-scale for intermediate temperature applications.However, the

firstly studied Co-17Re-base alloys, which contained 23 at.% and 30 at.% chromium

showed rather poor oxidation resistance after exposure to laboratory air. The porous

and non-protective nature of the formed oxide scale resulted in a heavy mass loss due

to evaporation of Re-oxide during oxidation. Gorr et al. [4] reported that Co–17Re–

xCr alloys normally contain two phases at room temperature if the Cr-content is

exceeded 20 at.%. One is the Cr–Re-rich sigma phase and the other one is the

hexagonal closed packed (hcp) Co solid solutionmatrix. They also pointed out that the

sigma phase fraction is increased with increasing Cr-content. The detailed

microstructure of Co–Re–Cr alloys was reported by Depka et al. [5] elsewhere.

Further, the brittle behavior of the sigma phase and its negative effect on the

mechanical properties are well-known and were reported by many authors [6, 7].

There are numerous studies indicating that a silicon addition can significantly

improve the oxidation resistance of Co-Cr-base alloys [8–10]. It was found by Gorr

et al. [11] that the oxidation resistance of Co–17Re–23Cr can be enhanced by

increasing the Si-content from 1 at.% to 3 at.%. A quasi-continuous chromia layer

was formed on Co–17Re–23Cr–3Si after exposure to air at 1,100 �C for 7 h.

However, this layer was still insufficient to avoid the evaporation of Re-oxide. On

the other hand, higher silicon content strongly reduces the melting point of the

alloys, which restricts their applications at elevated temperatures. For this reason,

the Si-content in the Co–Re–Cr-alloys has been fixed to 2 at.%. Thus, there are two

contradictory requirements: (i) a relatively high Cr-concentration is needed to

facilitate the formation of a compact Cr2O3-scale; (ii) the high Cr-content should be

avoided to restrict the volume fraction of the sigma phase, which is detrimental for

the mechanical properties. Therefore, the aim of this work is to optimize the

Cr-content in the Co–17Re–xCr–2Si alloy system to achieve favorable mechanical

properties and superior oxidation resistance.



Materials and Experimental Procedures

A series of Co–Re-base alloys containing 2 at.% Si and different concentrations of

Cr were studied in this work, see Table 1. High purity metals were used as raw

materials for alloying by means of arc-melting. Alloys were then homogenized by a

three-step heat treatment (1,350 �C/5 h, 1,400 �C/5 h, 1,450 �C/5 h) followed by

argon quenching in a vacuum furnace.

A typical microstructure of the homogenized Co–17Re–25Cr–2Si sample is

shown in Fig. 1a showing the Cr–Re-rich sigma phase (bright) and the hcp matrix

(dark). The volume fraction of the sigma phase for each alloy was measured using

automated image analysis applying software Image J�, see Fig. 1b. Five micro-

structure images were taken from different areas of each sample in order to obtain

the average volume fraction; the results are listed in Table 1.

Oxidation samples of approximate dimension of 10 9 10 9 2 mm3 were cut

from the homogenized alloys. Their surface were ground using SiC paper down to

1,200 grit and ultrasonically cleaned in acetone and ethanol immediately before use.

Discontinuous isothermal oxidation tests were carried out at 1,000 and 1,100 �C in

laboratory air for different times to study the scale growth mechanism. Specimens

were directly taken out from the furnace after isothermal oxidation and cooled in air.

Continuous thermogravimetric analysis (TGA) was also carried out to determine

isothermal oxidation kinetics of alloys.

Table 1 Chemical

compositions of the alloys

studied (in at.%)

Model alloy Co Re Cr Si Volume fraction of

sigma phase (%)

Co–17Re–23Cr–2Si bal. 17 23 2 14.0

Co–17Re–25Cr–2Si bal. 17 25 2 25.5

Co–17Re–27Cr–2Si bal. 17 27 2 36.6

Co–17Re–30Cr–2Si bal. 17 30 2 43.6

Fig. 1 a Back-scattered electron image of polished Co–17Re–25Cr–2Si alloy, b adjusted image by

program IMAGE J for phase volume fraction calculation
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Fig. 2 a Thermogravimetric data from oxidation tests conducted in air at 1,000 �C on Co–17Re–xCr–

2Si alloys containing different Cr-content, b thickness of Cr2O3-scale formed on Co–17Re–25Cr–2Si as a

function of exposure time in laboratory air at 1,100 �C

X-ray diffractometry (XRD) was used to identify the phases of untreated

specimens as well as the oxide scale formed after oxidation tests. The surfaces and

cross-section of oxidized samples were examined by scanning electron microscopy

(SEM) in combination with energy dispersive X-ray spectroscopy (EDS). For cross-

sectional studies, oxidized specimens were firstly coated with Nickel by electro

deposition and then prepared using standard metallographic techniques. Electron

back-scattered diffraction (EBSD) measurements were also carried out to study the

microstructural changes of the alloy subsurface during oxidation.

Results

Kinetics

The thermogravimetric curves shown in Fig. 2a indicate two distinct types of

oxidation behavior of the alloys as the Cr-content was varied from 23 at.% to 27

at.%. A weight gain was observed for Co–17Re–25Cr–2Si and Co–17Re–27Cr–2Si

following a parabolic manner. On the contrary, a relative heavy mass loss was

observed for Co–17Re–23Cr–2Si alloy. Moreover, the thickness of Cr2O3-scale

formed on Co–17Re–25Cr–2Si as a function of exposure time at 1,100 �C shown in

Fig. 2b follows a parabolic growth manner as well.

Oxide Scale Morphology

The oxide scale that forms on Co–17Re–23Cr–2Si at 1,000 �C, shown in Fig. 3a, can

be essentially identified as a 3 layer structure. With the aid of XRD and EDS

analysis, the outer layer was identified as pure coarse-grained CoO layer; the middle

layer is a mixture of spinel CoCr2O4 and CoO, which is very porous and is also the

thickest of all the layers. At the scale/alloy interface, a thin and discontinuous Cr2O3

layer is formed. Besides these 3 oxide layers, SiO2was observed as internal



Fig. 3 Back-scattered electron images of cross-sections of alloys after exposure in air at 1,000 �C for

100 h: a Co–17Re–23Cr–2Si, b Co–17Re–25Cr–2Si (combined with surface view on the top)

precipitates. The scales grown on Co–17Re–25Cr–2Si, Co–17Re–27Cr–2Si and

Co–17Re–30Cr–2Si are all rather similar. A typical cross-section in combination

with the surface morphology of Co–17Re–25Cr–2Si is shown in Fig. 3b. A thick

compact protective Cr2O3 oxide layer is formed under an extreme thin outer oxide

layer, which is identified as a mixture of CoO and CoCr2O4 by means of XRD and

EDS analysis. Underneath the Cr2O3 layer, SiO2 inner oxides were formed and

mostly distributed at the location where the primary sigma phase has been

dissolved.

Discontinuous oxidation tests were carried out in order to study the scale growth

mechanism. Figure 4a–c shows the surface morphology of oxide scales formed on

Co–17Re–25Cr–2Si oxidized at 1,100 �C for 1, 5 and 72 h, respectively. Figure 4e–f

shows the corresponding cross-sections. At the early stage of oxidation, different

kinds of oxide products form on the two different bulk phases. The outer coarse

oxide formed on the sigma phase shown in Fig. 4a was identified as CoO, whereas

the one formed on the hcp solid solution matrix was found to be Cr2O3 covered by

an extreme thin layer of the CoCr2O4 spinel phase. From the cross-sectional image,

Fig. 4d, it is seen that a relatively thick compact Cr2O3-layer forms on both the

sigma phase and the solid solution matrix, despite the fact that the outer oxide layers

differ. It is noteworthy that the outer oxide layer can hardly be observed in the cross-

sectional image even after 72 h of oxidation (Fig. 4f) while the thickness of the

Cr2O3-scale has significantly grown with extending exposure period (from about

2 lm after 1 h to about 13 lm after 72 h). The detailed growth kinetics of Cr2O3-

scale is shown in Fig. 2b.

Alloy Microstructure Changes

As mentioned above, part of the primary sigma phase in the subsurface region was

dissolved after the exposure of the alloy Co–17Re–25Cr–2Si in air at 1,000 �C for

100 h. The reason of this phenomenon is suggested to be the consumption of

chromium in this region, which had stabilized the primary sigma phase before. This

phenomenon can be more clearly observed in the alloy oxidized at 1,100 �C.



Fig. 4 Surface (a–c) and cross-section (e–f) back-scattered electron microscopy images of Co–17Re–

25Cr–2Si alloy after exposing at 1,100 �C for different times, a 1 h, b 5 h, c 72 h, d 1 h, e 5 h, f 72 h

Fig. 5 The element distribution maps of cross-section of Co–17Re–25Cr–2Si alloy after exposure in air

at 1,100 �C for 72 h

Figure 5 shows an EDS mapping of an alloy cross-section from a sample oxidized at

1,100 �C. The elemental distribution of chromium indicates an approximately

50 lm deep Cr depletion zone underneath the Cr2O3-layer. The primary sigma

phase in this zone is completely dissolved, forming a relatively Re-rich subsurface.

The enrichment of Re at the subsurface also implies the protective nature of the

scales avoiding the formation and evaporation of rhenium oxide. Moreover, the



diffusion of Co from the original hcp matrix into the region of dissolved sigma

phase at the subsurface is observed.

Besides the dissolution of the primary sigma phase below the surface of the

Co–17Re–25Cr–2Si alloy, SiO2 particles distributed as network-like structure was

formed both at 1,000 and 1,100 �C. However, the distributions of these oxides were

different. For samples oxidized at 1,000 �C for 72 h, SiO2 mostly forms in the

region where the primary sigma phase dissolved and quite few of them are formed

in the hcp matrix (Fig. 3b). The same SiO2 distribution is also observed in

Co–17Re–25Cr–2Si oxidized at 1,100 �C for a short period (Fig. 4e). However,

after a long exposure period at 1,100 �C, the SiO2 particles are homogeneously

distributed underneath the Cr2O3-scale, as shown in Fig. 4f.

Figure 6 shows the EBSD maps of the subsurface cross-section of the Co–17Re–

25Cr–2Si alloy oxidized at 1,000 �C for 26 h. The formed oxide layer in the

measured area was completely removed before sample was coated by Nickel.

Figure 6a represents the grain distribution and grain orientations. Obviously many

small grains with a mean size of about 3 lm have formed in the region where an

original sigma particle has almost completely dissolved during oxidation. The phase

map shown in Fig. 6b confirms that the newly formed fine grains are of the hcp

phase, the same as the original matrix. This is not surprising, since the sigma phase

stabilizer, Cr, in the original sigma phase is consumed due to the growth of Cr2O3-

scale during oxidation. However, it is important to point out that after such an

oxidation period almost all of the formed SiO2 particles concentrates in the original

sigma phase region and are mainly located at the grain boundaries. This can be seen

in the image quality map shown in Fig. 6c. The dark black particles in the former

sigma region represent SiO2, because of its weak diffraction behavior. This has also

been confirmed by EDS analysis.

SiO2

(a) Ni (c)(b)Ni Ni

Fig. 6 Subsurface cross-sectional EBSD map of Co–17Re–25Cr–2Si oxidized in air at 1,000 �C for

26 h, a orientation map, b phase map, c image quality map



0 10 20 30 40
0,0

0,2

0,4

0,6

0,8

1,0

p
h

as
e 

fr
ac

ti
o

n

Cr-concentration [at.%]

FCC

HCP
σ

Fig. 7 Phase distribution in the

Co–17Re–xCr system

depending on Cr-concentration

calculated by the commercial

software FactSage� [4]

Discussion

Wright and Wood [12] studied in detail the oxidation behavior of Co-Cr binary

alloys with different amount of Cr content (0–30 wt%, 0–32.7 at.%) at 1,000 �C.

The morphology and composition of the oxide scale in the alloy Co–17Re–23Cr–

2Si are quite similar to that in the Co-Cr binary alloy with 20–30 wt% Cr. The

formed Cr2O3 layers at the alloy/scale interface in their study are all discontinuous

and therefore did not protect the alloy from further oxidation in almost all cases.

However, the Cr2O3 layer became more continuous with increasing Cr content in

the base metal. Gorr et al. [11] recently also mentioned that a continuous and

protective Cr2O3 layer was obtained on Co–17Re–30Cr–2Si after exposure of this

alloy to laboratory air for 100 h at 1,000 and 1,100 �C.

The increase of Cr in the Co–Re alloy system raises the amount of the sigma

phase. The volume fraction of the sigma phase in the alloys Co–17Re–xCr–2Si

containing 23 at.%, 25 at.%, 27 at.% and 30 at.% Cr has been determined

experimentally based on the SEM image analysis. The results are listed in Table 1

and show that the sigma phase volume fraction increases significantly from 14 % in

Co–17Re–23Cr–2Si to 43.6 % in Co–17Re–30Cr–2Si. This agrees reasonably to the

thermodynamic calculation for the Co–17Re–xCr alloy system at 1,000 �C [4], see

Fig. 7. It is important to point out that regarding the high-temperature oxidation

resistance both alloys, namely Co–17Re–25Cr–2Si and Co–17Re–30Cr–2Si form a

continuous protective Cr2O3-scale, while the volume fraction of the sigma phase in

Co–17Re–25Cr–2Si is almost half of that in Cr–17Re–30Cr–2Si. This sigma phase

reduction is certainly beneficial in terms of mechanical properties.

As the results shown above document, the increase of the chromium content from

23 at.% to 25 at.% has significantly improved the oxidation behavior of the alloy by

the formation of a dense and protective Cr2O3 layer both at 1,000 and 1,100 �C. The

parabolic mass gain kinetics of the oxidation of Co–17Re–25Cr–2Si at 1,000 �C

shown in Fig. 2a as well as the parabolic growth manner of the Cr2O3-scale on Co–

17Re–25Cr–2Si oxidized at 1,100 �C shown in Fig. 2b suggests that the oxidation

proceeds through solid state diffusion.

The oxidation kinetics of Co–17Re–25Cr–2Si and Co–17Re–27Cr–2Si at

1,000 �C can be described by a parabolic rate equation:



Dm

A

� �2

¼ 2kpt ð1Þ

where Dm represents the mass change, A is the total surface area of the specimen, kp
is the parabolic rate constant and t is the oxidation time.

The calculated parabolic oxidation rates of these two alloys oxidized at 1,000 �C

in air are compared with the literature data reported by Gorr et al. [4] in Table 2.

The calculated parabolic constants of Co–17Re–25Cr–2Si and Co–17Re–27Cr–2Si

in air are in a good agreement with that of Co–17Re–30Cr obtained under low

oxygen partial pressure, where only Cr is oxidized by selective oxidation. This

result also indicates the good oxidation resistance of Co–17Re–25Cr–2Si and

Co–17Re–27Cr–2Si, since the oxidation rates of them are dominated by the growth

of the protective Cr2O3-scales.

A comparison of the oxidation results of the Co–17Re–xCr–2Si alloys with

different Cr-content shows that there are two different oxidation mechanisms both at

1,000 �C and 1,100 �C. As a result, two different kinds of oxide scale morphology

were observed, which are schematically presented in Fig. 8. The porous non-

protective scales formed on Co–17Re–23Cr–2Si allows fast transport of oxygen

from the gas phase to the scale/metal interface, bringing about rhenium oxidation

and its evaporation at such high temperature, as shown in Fig. 8a.

According to the oxide scale morphology and the EBSD in combination with

EDS analysis of subsurface microstructural changes, the oxidation mechanism of

Co–17Re–25Cr–2Si, Co–17Re–27Cr–2Si and Co–17Re–30Cr–2Si at both 1,000

and 1,100 �C in laboratory air can be considered to take place in the following steps:

(i) at the very early oxidation stage, a mixture of all oxides is formed on the fresh

Table 2 Comparison of the measured values of the parabolic rate constant kp with literature data

Alloy Oxidation condition kp (g
2/cm4/s1)

Co–17Re–25Cr–2Si 1,000 �C, laboratory air 2.04 9 10-12

Co–17Re–27Cr–2Si 1,000 �C, laboratory air 2.72 9 10-12

Co–17Re–30Cr [4] 1,000 �C, p(O2) = 1 9 10-16 bar 4.70 9 10-12

Fig. 8 Schematic illustration of oxidation mechanism for the alloy conducted in air at 1,000 and

1,100 �C, a Co–17Re–23Cr–2Si, b Co–17Re–25/27/30Cr–2Si



alloy surface; (ii) the synergetic effects between Cr and Si as well as the sufficient

Cr-content of the base alloy leads to a reduction of the transient oxidation period

and results in a rapid formation of a protective Cr2O3-scale. The oxidation rate of

the alloys is then controlled by the growth of the Cr2O3-layer; (iii) the growth of the

Cr2O3-layer can be attributed to the predominant outward diffusion of Cr. As the

consequence of Cr consumption in the subsurface, the Cr-stabilized sigma phase

becomes thermodynamically unstable. Nucleation and growth of new hcp phase

takes place within the sigma phase and therefore increases local grain boundary

density in the former sigma phase region, which accelerates the outwards diffusion

of Cr by grain boundary diffusion and further promotes the formation a protective

Cr2O3-scale; (iv) once a continuous Cr2O3-scale covers the surface of the alloy, it

can be assumed that local equilibrium is achieved at the interface between Cr2O3

and the alloy. From a thermodynamic point of view, Si is the only element that can

be oxidized underneath the compact Cr2O3-layer. SiO2-precipitates as small

separate particles were observed after short exposure time. As oxidation period

extends, the SiO2-precipitatation zone grows inwards and laterally until the particles

eventually link up to establish a nearly continuous network that act as a partial

barrier to metal outward diffusion, as shown in Fig. 8b. A detailed study of the inner

SiO2 growth and the accompanying alloy subsurface microstructural changes is

currently in progress. Supplementary experiments and their results will be published

in a separate paper.

It is also important to point out that even though a significant improvement of the

isothermal oxidation behavior has been achieved by increasing the Cr concentration

from 23 to 25 at.%, the relatively massive spallation of formed Cr2O3-scale during

cooling of Co–17Re–25Cr–2Si (Fig. 4c) had to be observed. Hence, accompanied Cr

consumption at the subsurface might lead to a reduction in stability of the protective

chromia layer under cyclic oxidation condition. Thus, a closer consideration of the

Cr2O3-scale adhesion behavior is required in the future investigation.

Conclusions

Experiments were carried out in order to investigate the influence of Cr-content on

the oxidation behavior of Co–17Re–xCr–2Si alloys. Results indicate that 23 at.%

Cr-content is insufficient for the alloy to form a protective Cr2O3-scale in air at

1,000 and 1,100 �C, but an increase of the Cr-content from 23 at.% to 25 at.%

significantly enhances the oxidation resistance by the formation of a compact and

protective Cr2O3-scale. The volume fraction of the sigma phase in Co–17Re–25Cr–

2Si alloy is 25.5 %, which is almost half of that in Co–17Re–30Cr–2Si. The

oxidation kinetics of Co–17Re–25Cr–2Si both at 1,000 and 1,100 �C followed a

parabolic rate law. Cr diffusion towards the oxide/gas interface causes the

dissolution of the sigma phase and the formation of a Re-rich zone underneath the

Cr2O3-scale.
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Abstract The aim of the present investigation was to gain an initial understanding

of the effect of (macro-) alloying with Ti on the oxidation behavior of Mo–Si–B

alloys in the ternary phase region of Mo_ss–Mo3Si–Mo5SiB2 at 820–1,300 �C.

Motivated by recent studies and thermodynamic calculations, the alloy composi-

tions Mo–9Si–8B–29Ti (at.%) and Mo–12.5Si–8.5B–27.5Ti (at.%) were selected

and synthesized by arc-melting. Compared to the reference alloy Mo–9Si–8B,

superior initial oxidation rates at 1,100–1,300 �C as well as a significant density

reduction by nearly 18 % were observed. Due to enhanced initial evaporation of
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MoO3 and mainly inward diffusion of oxygen, a borosilicate-rutile duplex scale

with a continuous TiO2 phase had formed. Detailed investigations of the oxidation

mechanism by SEM, EDX, XRD and confocal micro-Raman spectroscopy indicated

that Ti alloying is promising with regard to further improvement of the oxidation

resistance as well as the strength-to-weight ratio of Mo–Si–B alloys.

Keywords Ultra-high temperature materials � Mo–Si–B alloys � Titania � Silica

Introduction

Considering increasing energy prices and globalization as well as scarcity of

resources at the same time, it is necessary to improve the turbine propulsion

efficiency by the design of materials with properties exceeding those of Ni-base

superalloys. Mo–Si–B-based multiphase alloys in the ternary phase region of

Mo_ss–Mo3Si–Mo5SiB2 (T2) are promising with regard to structural applications in

ultra high-temperature environments due to their melting point of the order of

2,000 �C and their attractive combination of mechanical properties as well as good

oxidation resistance [1]. While the ductile body centered cubic Mo in solid solution

(Mo_ss) provides high fracture toughness, the brittle intermetallic compounds

Mo3Si (chrystal structure A15) as well as Mo5SiB2 (T2) are responsible for the

oxidation resistance and strength durability. Showing a promising balance between

mechanical properties and oxidation resistance due to an appropriate volume

fraction of intermetallic compounds and the a-Mo solid solution phase [1], Mo–9Si–

8B was selected to serve as starting point for further improvement of the oxidation

behavior and strength to weight ratio [2].

Taking into consideration the valence electron concentration and atomic size

factor, Sakidja et al. [3] showed that Ti acts as stabilizer for the BCC, T2 and

Mo5Si3 phase with the D88—crystal structure in Mo–Si–B alloys. Yang et al. [4]

observed that Ti partially substitutes Mo in the intermetallic phases and leaves the

metalloid concentrations of Si and B, needed for the formation of a protective

borosilicate layer, unaffected. Due to a density of 4.50 g cm-3 Ti has the potential

of a significant increase of the strength to weight ratio. Supplementary thermody-

namic calculations indicated that (macro-) alloying with Ti stabilizes the Si-rich and

therefore more oxidation resistant (Mo,Ti)5Si3-phase by suppressing the A15-phase

[5]. As a result, the alloy composition comprises the phases Mo_ss, (Mo,Ti)5Si3 and

T2 [5].

Why the stabilization of these phases is advantageous can be deducted from

several investigations carried out at elevated temperatures. Yoshimi et al. [6]

showed that T2-phase based alloys revealed passive oxidation after sealing the

substrate with SiO2-glass. It is well-known, that B, as a constituent of the T2-phase,

facilitates the formation of a protective borosilicate layer by decreasing its viscosity

[2]. On the other hand, both binary single phases Mo3Si and Mo5Si3 (T1) are

oxidation resistant at temperatures only beyond 1,600 �C. Below 1,600 �C they

develop a highly porous silica scale which is attributed to the evaporation of MoO3

and the lack of B [7–9]. However, investigations on the oxidation behavior of



Mo–37Si–40Ti at temperatures ranging from 750 to 1,300 � C revealed excellent

oxidation resistance especially at intermediate temperatures at which the reference

alloy Mo–9Si–8B tends to catastrophic oxidation [2]. As Mo–37Si–40Ti consists of

nearly single-phase (Mo,Ti)5Si3, it is apparent, that Ti addition can improve the

oxidation resistance drastically. Investigations on quaternary Mo–Si–B–Ti alloys

started with thermogravimetric analyses on Mo–9Si–8B–35Ti [8], comprising

Mo_ss, Ti_ss (11.21 vol%) and T2 (27.3 vol%), and indicated passivation at

1,100–1,300 �C. However, the evaporation rates were much higher than those for

the reference alloy. This is in agreement with the investigations on Ti–Si–B-

systems, indicating increasing oxidation rates with increasing content of Ti_ss [10].

It is obvious that the oxidation resistance of quaternary Mo–Si–B–Ti alloys can

drastically be improved by stabilizing the (Mo,Ti)5Si3 phase and suppressing Ti_ss.

Thus, in the present study we continued to analyze the oxidation behavior of

Mo–9Si–8B–29Ti as well as Mo–12.5Si–8.5B–27.5Ti in order to reveal the

underlying oxidation mechanisms in comparison to Mo–37Si–40Ti.

Experimental Procedures

Two quaternary Mo–Si–B–Ti alloys with the compositions Mo–9Si–8B–29Ti and

Mo–12.5Si–8.5B–27.5Ti were arc-melted in Oak Ridge National Laboratory

(ORNL) in &0.7 atm of argon from the same elemental powder mixtures as used

by Yang et al. [5] and heat-treated at 1,600 �C for 150 h in vacuum. Oxidation

specimens with dimensions of 10 9 4 9 3 mm were machined using a slow-cutting

diamond saw. Afterwards, the samples were ground and polished with SiC paper

down to 1,200 grit and ultrasonically cleaned in ethanol.

The oxidation behavior was studied under isothermal conditions by continuous

thermogravimetric analysis (TGA) and discontinuous weight change measurement.

The last one aimed at avoiding measuring faults attributed to accumulations of the

cooled and condensed evaporated molybdenum oxide on the span wire below 1,000 �

C and analyzing the microstructure at different exposure times. TGA were carried

out in static laboratory air at temperatures from 1,100 to 1,300 �C for 100 h using a

Rubotherm tailor made magnetic suspension balance with a resolution of 10-6 g and

automatic electronic drift compensation. The specimens were hanged up by a

platinum wire on an alumina hook in a reaction chamber and connected contactless

via permanent magnet to the microbalance located inside a separated measuring

chamber. At 820 and 1,000 �C discontinuous oxidation experiments were conducted

using a box furnace. For short-term (5 min, 15 min, 1 h, 5 h) and long-term

discontinuous tests (100 h) carried out to study the oxide microstructure at different

states of oxidation, the specimens were placed on platinum wires fixed on alumina

crucibles in such a way that there was no contact with the alumina. The oxidation

temperatures were selected according to the oxidation isotherms estimated by Burk

for the reference alloy [2]. No oxidation testing was carried out below the

sublimation point of MoO3 (795 � C) as fully degradation of the substrate was

expected [2]. To determine the relevant diffusion mechanisms marker experiments

were carried out. For not to influence the diffusion process during the oxidation, the



Alloy composition Mo_SS Mo3Si Mo5SiB2 (Ti,Mo)5Si3 Density (g cm-3)

Mo–9Si–8B–29Ti 63.3 ± 2.9 – 27.7 ± 2.3 9.1 ± 1.2 7.71

Mo–12.5Si–8.5B–27.5Ti 39.8 ± 1.9 24.5 ± 3.1 27.3 ± 1.4 7.1 ± 1.9 7.78

samples were sputtered with a porous, 300 nm thin Pt layer. All compositions are

denoted in at.%.

Crystalline corrosion products were examined by X-ray diffraction (XRD) with

Cu-Ka radiation. Surface and cross-sectional scanning electron microscopy (SEM)

in secondary-electron (SE) and backscattered-electron (BSE) mode was conducted

by a Helios Nanolab 600 FE-SEM (FEI). The relevant elements as well as their

distribution were determined qualitatively using energy-dispersive X-ray spectros-

copy (EDX) with an Apollo X silicon drift detector (EDAX) that enables high count

rates even for lightweight elements. Upon oxidation Raman spectra were collected

by a confocal Raman microspectrometer with laser excitation of 532 nm and

500 mW from a diode pumped solid state (DPSS) laser to identify the modifications

of molybdenum oxide. After filtering by band-pass filter, images were recorded with

a step resolution of 1 lm using a motorized scanning stage.

Results

Using XRD and SEM it could be determined that both investigated alloys consist of

Mo_ss, T2 and the Ti-rich, hexagonal (Ti,Mo)5Si3 phase. Mo–12.5Si–8.5B–27.5Ti

contains an additional forth phase—cubic Mo3Si—resulting in a fine-grained

structure. Table 1 lists the different phases of the investigated alloy compositions as

identified via EDX and XRD, the volume fractions calculated using an image

processing program and the densities. Ti addition lowers the density of both alloys

by nearly 18 % in comparison to the reference alloy. In the contrary to the

thermodynamic calculations carried out by Yang et al. [5] no (Mo,Ti)5Si3 could be

detected in both alloys received from ORNL. As the elemental bulk material

composition was the same and the Ti5Si3 phase is stabilized first during the sintering

process it can be assumed that no (Mo,Ti)5Si3-phase precipitates due to insufficient

diffusion kinetics.

Isothermal oxidation weight change curves for selected temperatures between

820 and 1,300 �C are summarized in Fig. 1. In this context it should be noted that

discontinuously determined curves are highlighted with dotted lines and symbols at

the discrete data points. For a better overview of the obtained data, a scale break

from -270 to -150 and -280 and -70 is applied for the weight change axis in

Fig. 1a and b, respectively. Above 1,000 �C the oxidation isotherms reveal

increasing evaporation rates with increasing temperature as well as decreasing

weight loss with a higher volume fraction of intermetallic phases. At 1,100 �C the

absolute mass loss after 100 h exposure time can be decreased from &23.5 to

20.6 mg cm-2 compared to the reference alloy. Below 1,000 �C linear weight loss

Table 1 Approximate volume fractions of the phases in the investigated alloy compositions



leads to fully sample degradation. Thus, at 1,000 �C the substrate is completely

oxidized after 18 h (resp. 26 h) with an absolute mass loss of 331.78 and

381.87 mg cm-2 at 1,000 �C for the alloys with 29 at.% and 27.5 at.% Ti,

respectively.

Both alloys oxidized in air at 820 �C reveal enhanced evaporation of MoO3

during the first 30 min and a similar surface structure. Figure 2a shows the SE

image for Mo–9Si–8B–29Ti oxidized in air for 5 min. Using EDX and XRD the

bright blobs on the surface were determined as Mo oxide. Underneath, a scale

mainly consisting of rutile (TiO2) was identified in agreement with the SiO2–TiO2

phase diagram. As SiO2 transforms from a- to b-quartz at 573 �C in atmospheric air

pressure [11], b-quartz with semi-crystalline structure was also detected on the

surface. One peak at the position 42.3� indicates the presence of TiN. Figure 2b

shows that after 15 min only rutile and weak MoO3 peaks appear indicating that the

sample surface is completely covered with TiO2. After prolonged time, a rough,

fissured and porous surface as well as a high volume expansion is observed visually

for both alloys. The substrate is completely transformed to TiO2 and B2O3�SiO2 as

represented by the oxidation isotherms. The samples oxidized for 100 h at 1,000 �C

Fig. 1 Specific weight change versus time for the alloy compositions a Mo–9Si–8B–29Ti and

b Mo–12.5Si–8.5B–27.5Ti oxidized in air at 820–1,300 �C

Fig. 2 Secondary electron image of the surface of Mo–9Si–8B–29Ti oxidized in air at 820 �C a for

5 min and b X-ray pattern after 15 min exposure time



Fig. 3 Scanning electron microscopy images of the surfaces of a an intermediate area of Mo–9Si–8B–

29Ti for 100 h at 1,000 �C, b an edge area of Mo–9Si–8B–29Ti oxidized for 100 h in air at 1,100 �C and

c Mo–9Si–8B–29Ti oxidized at 1,200 �C

reveal the same rough and highly fissured surface with dense circular particles with

diameters up to 2 lm in places surrounded by a highly porous silica layer.

In the initial states of oxidation (\15 min) the specimens of both the alloys

oxidized at 1,100 �C exhibit a dark grey surface with silvery sparkling dots. SEM

images of Mo–9Si–8B–29Ti evince the different phases densely covered with round

rutile particles with diameters up to 1 lm within a borosilicate layer. XRD analyses

show no distinct SiO2 peak besides a weak one for tetragonal a-cristobalite at the

angular position of 22.00�. As the instable high-temperature phase, b-cristobalite,

easily converts to a-cristobalite at lower temperatures, this feature agrees to the

SiO2–TiO2 phase diagram calculated by Ricker and Hummel [12]. Significantly

higher intensities for rutile and only small peaks for the Mo oxides as well as a very

weak a-cristobalite peak can be observed after 100 h. Only at this temperature and

composition, spheres with diameters of 5-200 lm appear at the boundary areas

(Fig. 3b). In these regions the rutile particles are dense and sharp-edged with lengths

of 4–20 lm whereby in further distance of the boundary areas the grains become

smaller with lengths of 1–10 lm and rounded down (Fig. 3a). Near those spheres

with diameters[100 lm cracks emerge.

At 1,200 �C the surface reveals a similar morphology with the difference of

increasing porosity within and between the rutile particles (Fig. 3c) attributed to

accelerated evaporation of MoO3. All rutile grains are rounded down with the size

of 0.5–20 lm and the rutile diffraction peaks have a higher intensity.

At 1,300 �C no silica can be observed between the rutile grains after 100 h. As

the surface is covered with a dense rutile layer, XRD reveal only rutile peaks. The

rutile grains are of the order of 2–20 lm.

The alloy Mo–12.5Si–8.5B–27.5Ti shows a similar surface appearance with the

difference of smaller rutile grain formation indicating a reduced growth rate of

TiO2.

Backscattered electron images of the investigated alloys reveal different

oxidation resistance for the different existing phases. Looking at Fig. 4a which

shows the cross section of Mo–9Si–8B–29Ti oxidized in air for 5 min at 1,100 �C,

it becomes obvious that (Ti,Mo)5Si3 oxidizes first while the T2 phase remains

unoxidized. Figure 4b in combination with EDX mapping confirms that the oxide

morphology, formed gradually, can be subdivided into the following major regions:



(i) an outermost, predominantly continuous TiO2 layer at the oxide/air interface

with less amounts of borosilicate filling the space between the rutile particles

(Fig. 4c). (ii) Below this titania scale, a layer comprising amorphous silica and rutile

is formed. In the contrary to the nearly single phase (Mo,Ti)5Si3 alloy, B2O3�SiO2

particles are embedded in a continuous TiO2 matrix with numerous pores growing

with increasing exposure time and temperature. Figure 4c shows that Pt markers are

observed at the titania/duplex layer interface. (iii) Underneath the oxide scale, a

zone of inner oxidation is observed after 100 h exposure time. (iv) Due to enhanced

inward diffusion of oxygen through numerous pores and channels of the duplex

scale, another interlayer mainly consisting of MoO2 as well as less amounts of Ti

emerges beneath the duplex layer (Fig. 4b) and reaches a thickness up to 50 lm at

1,300 �C. In this MoO2-intermediate layer the amount of Ti increases with the

increasing distance from the inner oxidation zone.

By means of Raman spectroscopy it was possible to identify corrosion products

formed during oxidation, as the qualitative distribution of MoO3, MoO2 and TiO2

could be analyzed. As shown in Fig. 5, sharp Raman bands at the wavenumbers

609, 819 and 739 cm-1 could be found indicating the presence of TiO2, MoO3 but

also MoO2 [13]. The Raman band at 996 cm-1 is attributed to the hygroscopic

behavior of MoO3 (Fig. 5).

A detailed overview of the measured average oxide scale thickness versus

temperature for both the alloys is given in Fig. 6a. This representation indicates

minor oxide scale thicknesses for the alloy with the composition Mo–12.5Si–8.5B–

27.5Ti. Cross sectional analyses of Mo–12.5Si–8.5B–27.5Ti show that even at

Fig. 4 Backscattered electron images of a Mo–9Si–8B–29Ti oxidized at 1,100 �C for 5 min, b

Mo–12.5Si–8.5B–27.5Ti oxidized for 100 h at 1,300 �C and c Mo–9Si–8B–29Ti with sputtered Pt

markers after 100 h exposure time at 1,100 �C

Fig. 5 Representative Raman spectra of a MoO3, b rutile superposed with MoO3�2H20 and c MoO2 with

MoO3 excited at 532 nm on the cross-section of Mo–9Si–8B–29Ti after oxidation for 100 h at 1,100 �C



Fig. 6 a Average oxide scale thicknesses for the investigated alloys and b backscattered electron image

of the cross section of Mo–9Si–8B–29Ti after exposure time of 100 h and 1,100 �C

Fig. 7 Raman-spectroscopy images (size 512 9 512 lm) after broad-band subtraction of background

emission by MATLAB� of a MoO3, b MoO3�2H2O and c MoO2 (Color figure online)

1,300 �C no Mo oxide interlayer is formed due to a more protective duplex scale

attributed to the higher content of intermetallic phases.

Based on results gained by EDX analyses of the cross section of a sphere,

illustrated in Fig. 6b, it can be assumed that the spheres comprise amorphous silica

and rutile surrounded by a homogeneous dense borosilicate layer. Under this silica-

titania duplex layer a clear enrichment of O, Mo, B and depletion of Si and Ti are

observed. Raman images in Fig. 7 show the integrated intensities at the center

positions 819, 739, 996 cm-1 with ±30 cm-1 indicating the presence of MoO3,

MoO2 and MoO3�2H2O beneath and in the spheres after broad band background

subtraction by MATLAB� performed on the basis of [14]. In addition small
particles oozing out of the spheres can be observed and via EDX identified as TiO2

(Fig. 3b).

Discussion

Regarding the oxidation kinetics, a significant reduction of the initial evaporation

rates of MoO3 was observed for both investigated alloys beyond 1,000 �C compared

to the reference alloy Mo–9Si–8B studied by Burk [2]. That makes apparent, that

passivation occurs immediately. However, due to the volatilization of B2O3 at



Fig. 8 Proposed oxidation schematic for a Mo–12.5Si–8.5B–27.5Ti and b Mo–9Si–8B–29Ti above

1,000 �C

higher temperatures [15] and evaporation of MoO3 through numerous pores, mass

loss was observed for all temperatures.

By comparison with Mo–9Si–8B–35Ti, a better oxidation behavior was found

even for Mo–9Si–8B–29Ti due to the absence of Ti_ss. A further decrease of Ti-

concentration and simultaneous increase of Si- and B-content, implemented in Mo–

12.5Si–8.5B–27.5Ti, stabilizes the Mo3Si phase at the expense of Mo_ss and the

intermetallic compound Ti5Si3, resulting in a fine grain structure and a better

oxidation resistance. Attributed to a higher volume fraction of intermetallic phases

and therefore shorter diffusion paths, a better oxidation behavior is observed at

1,100–1,300 � C for Mo–12.5Si–8.5–27.5Ti compared to Mo–9Si–8B–29Ti. For

stoichiometric Ti5Si3, mass gain and poor corrosion resistance above 850 �C were

reported due to the formation of nitride subscales beneath the SiO2–TiO2 oxide layer

and the inability to establish a protective, continuous silica layer [16]. For the samples

of the investigated alloys oxidized at 820 and 1,100 �C, sharp XRD peaks indicating

TiN were only observed during the first 15 min. With increasing exposure time ([1 h)

and increasing temperature the TiN peaks disappear as a denser rutile layer is formed.

Derived from the experimental results, the relevant oxidation mechanisms are

summarized schematically in Fig. 8. The oxidation starts with accelerated evaporation

of MoO3. As Mo has an unlimited solubility for Ti, i.e. Ti substitutes Mo, Mo_ss/

Mo3Si/Mo5SiB2 comprise up to 24.5/29.9/29 at.% Ti [5]. Thus rutile nuclei form all

over the surface, especially above the Ti-rich (Ti,Mo)5Si3 phase. While the TiO2

particles grow fast and in all directions, borosilicate forms due to volatilization of

MoO3 out of Mo3Si and T2. However, its viscosity is insufficient to fill all the gaps

between the fast and inhomogeneous growing Ti grains. This leads to an unavoidable

volatilization of MoO3, since the sealing of the surface by an effective oxidation

barrier becomes impossible.

Pt markers which were originally located at the surface are shifted inside the

interface rutile/duplex layer (Fig. 4b) indicating that inward diffusion of oxygen is the

dominant diffusion mechanism. Indeed, the diffusion of O in TiO2 at 1,100 �C is

significantly faster than through SiO2 [15, 17]. With increasing exposure time and

temperature the outermost rutile layer is also growing, though to a minor degree,

pointing out outward diffusion of Ti. After oxidation for 5 min at temperatures

beyond 1,100 � C, different oxidation resistance for the different phases becomes

obvious. Ti-rich (Ti,Mo)5Si3 oxidizes much faster than T2 or Mo3Si because of



accelerated diffusion of O into the phase. The accelerated growing rate of TiO2, the

high volume fraction of Ti and the different thermal expansion coefficients for TiO2

and SiO2 are the reason for the development of a highly porous duplex layer mainly

consisting of rutile. That is the main difference to the oxide scale with SiO2 as

matrix phase observed on Mo–37Si–40Ti [2]. As the protective borosilicate layer

only fills the space between the inhomogeneous growing rutile particles, an

effective barrier to oxidation cannot be formed. That affirms the assumption

established by Burk that a duplex scale with a continuous B2O3�SiO2 layer is

required for good oxidation resistance [2]. Due to outward diffusion of Ti indicated

by a depletion of Ti at the interface duplex layer/inner oxidation zone and the

growth of a rutile layer above the platinum marker from &1 lm (1 h) up to &9 lm
(100 h) a dense outermost TiO2 layer is formed.

At higher temperatures, the diffusion increases drastically and the duplex layer

becomes thicker and more porous. Because of proceeding inward diffusion of O

through TiO2, an interlayer mainly comprising MoO2 and boron oxides is formed

beneath the duplex layer. MoO3 can only evaporate through pores, but neither

through TiO2 nor B2O3�SiO2. That feature induces high volume expansion and

therefore internal stresses indicated by the red arrows in Fig. 8b. After exceeding a

critical limit these growth stresses cause local spalling above the internal oxidation

zone and thick continuous cracks appear, as clearly shown in Fig. 4c. This effect

does not occur for Mo–12.5Si–8.5B–27.5 Ti as the higher amount of intermetallic

phases and the fine-grained structure provide shorter diffusion paths and facilitates

the formation of borosilicate. The higher amount of B2O3�SiO2 within the duplex

layer forms a better barrier to further oxidation.

At temperatures below 1,000 �C the formation of B2O3�SiO2 on both the

investigated alloys is too slow to protect them from further oxidation resulting in

linear mass loss. XRD results show that even after 15 min the surfaces of both alloy

compositions are completely covered with rutile. The accelerated inward oxide

growth and the different thermal expansion coefficients of SiO2 and TiO2 cause a

very thick and porous oxide layer. In other words, a protective oxidation barrier

cannot be formed as the penetration of O to the substrate is facilitated by numerous

pores and channels in the silica-rutile layer resulting in fully consumption of the

material after few hours.

The mechanism proposed before for the oxidation behavior can be confirmed by

analyzing the spheres in detail. The enrichment of O, Mo, B and the depletion of Si

and Ti underneath the duplex layer not only affirm the duplex layer being a barrier

to Mo as well as boron oxides, but also indicate that at the edges of the specimen

initially enhanced inward diffusion of oxygen takes place and therefore accelerates

the formation of Mo, Si and B oxides. The determination of Raman bands around

819 and 739 cm-1 indicating MoO3 and MoO2 [13], respectively, prove the

presence of both Mo oxides within the duplex layer. The depletion of Si and Ti

beneath the duplex scale confirms enhanced outward diffusion of Si and Ti which

oxidize to amorphous SiO2 and rutile. In those regions, where T2 lies on the surface,

a continuous viscous borosilicate layer could develop initially (see Fig. 3b). Due to

inward diffusion of oxygen through the less protective rutile in near vicinity of those

regions covered with a protective B2O3�SiO2, diverse oxides are built. That results
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in a high volume expansion beneath the protective oxide layer and is the reason for

the cracks in the oxide scale, which are observed in those regions, where the internal

stresses are stronger indicated by bigger and frequent spheres. Owing to a sufficient

viscosity the borosilicate layer could withstand this high external compression

strength. A compromise could be found in the spheres structure, as spheres have a

maximum volume and a minimum surface at the same time. With increasing

exposure time and thus increasing evaporation of B2O3 the viscosity of the

borosilicate layer is increased and micropores as well as fissures develop on the

layer. At these places rutile structures appear on the homogeneous protective oxide

layer and the spheres crack (Fig. 3b).

Conclusions

The intention of the present investigation was to gain a detailed understanding of the

oxidation behavior of Mo–9Si–8B–29Ti as well as Mo–12.5Si–8.5B–27.5Ti and

reveal the underlying oxidation mechanisms in comparison to Mo–37Si–40Ti. From

the results described above it can be concluded that the rutile-silica duplex layer

exhibits an effective oxidation barrier only, when B2O3�SiO2 is the matrix phase. It

was proved that the B2O3�SiO2–TiO2 duplex layer formed on the investigated alloys

mainly grows by inward diffusion of oxygen through rutile. Thus, a thick and

porous duplex layer with rutile as matrix phase is formed, which is the reason for the

declined oxidation resistance in contrary to Mo–37Si–40Ti. Due to volatilization of

B2O3 and evaporation of MoO3 the samples experience mass loss. For a deeper

understanding of the oxidation mechanism and the oxidation components oxidation

tests in different atmospheres and TEM analyses are needed.

This study provides the significant conclusion that the stabilization of (Mo,Ti)5Si3
is required for the development of a protective oxide layer, as (Ti,Mo)5Si3 oxidized

too fast not giving the borosilicate layer the possibility to seal the surface. If the

stabilization of the Moss ? T1 ? T2 phase field becomes possible, not only the

oxidation behavior, but also the strength to weight ratio will be improved

significantly with regard to the reference alloy of the ternary phase region of Mo_ss–

Mo3Si–Mo5SiB2.
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a b s t r a c t

The experimental Co–Re-based alloys are being developed for high-temperature applications for service

temperatures beyond 1100 �C. One of the main tasks of this research is to find the optimal chemical

composition. Thermodynamic calculations are very helpful for composition selection and optimization.

In this study, thermodynamic calculations were used to identify potential alloying elements and to deter-

mine suitable concentration ranges to improve properties, such as strength and oxidation resistance that

are essential for high-temperature structural materials. The calculated ternary phase diagram of the

Co–Re–Cr system was used to design the reference model alloy. Corrosion products formed under

different atmospheric conditions were reliably predicted for a number of model Co–Re-based alloys.

Pre-oxidation treatment, a common method used to improve the oxidation resistance of alloys in aggres-

sive atmosphere, was successfully designed based on thermodynamic considerations.

� 2013 Elsevier B.V. All rights reserved.

1. Introduction

Ni-based superalloys are the most widely used materials for

high-temperature applications such as in gas turbines. In order to

achieve higher efficiency of gas turbines, the gas inlet temperature

needs to be increased. However, the use of Ni-based alloys is

increasingly restricted if service temperature exceeds 1000 �C,

since these temperatures are very close to the melting point of

these alloys. Therefore, for substantial improvement of thermody-

namic efficiency, novel metallic materials with higher melting

points, increased intrinsic strength, and good high-temperature

corrosion resistance are needed [1,2]. Rösler et al. [3] first pointed

out that Re addition to Co increases the melting point in Co alloys

due to the high melting temperature of Re (the third highest

amongst all elements in the periodic table). Moreover, Re dissolves

readily in the Co-matrix and has a complete miscibility with Co, in

contrast to the Ni-based alloys, where brittle phases start to form

on addition of Re in high amounts. It is therefore possible to con-

tinuously increase the melting temperature of binary Co–Re alloys

with the addition of Re, opening the unique possibility to steadily

elevate the melting range in the Co–Re system, changing the char-

acter of the material from that of a contemporary Co-based alloy to

that of a high-temperature material [4].

In addition to the high melting point, materials used in the hot

section of gas turbine must provide good mechanical and creep

strength at high temperature as well as maintain high-temperature

corrosion resistance in the aggressive environment. Frequently,

these both requirements yield a contradiction in terms. The con-

flicting property requirements are also observed in nickel-based

superalloys and the solution for this complex problem is provided

by a corrosion-resistant coating on Ni superalloys with an alloy

composition optimized for high-temperature strength [5]. It seems

to be very probable that such coatings are also to be developed in

Co–Re-based alloys.

In the case of Co–Re-based alloys, chromium additions are det-

rimental to their creep properties at the levels required to enable

chromia scale formation in order to protect the base alloy when

exposed to high-temperatures in air. Furthermore, the refractory

metal Re suffers from severe oxidation due to the formation of vol-

atile Re oxides [6]. However, in Co–Re-based alloys, Re also takes

the important role of a solid–solution strengthening element and

it is worth to note that Re is well-known as a potential solid solu-

tion hardener in several alloys [7]. Therefore, it is important to find

a suitable balance in the alloy compositions of Co–Re-based alloys

considering the need for strength, toughness, ductility, and corro-

sion resistance.

In 2007, the Co–Re-based alloy system was firstly proposed, and

subsequently development started within the framework of the re-

search group ‘‘Beyond Ni-base Superalloys’’ supported by the Ger-

man Research Foundation (DFG). The aim was to develop a new

generation of high-temperature alloys for the use at 100 �C above

the service temperature of present single-crystal Ni-superalloys.

A trial-and-error development of new alloys is not only quite

expensive but also a time-consuming process. Since Co–Re-based
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3. Thermochemical software

Thermodynamic calculations presented in this study were car-

ried out using the software FactSage (V5.4.1) in conjunction with

a commercial database which includes the following elements:

Co, Re, Cr, C, Si, O. The thermochemical software FactSage permits

the calculation of stoichiometric reactions, complex equilibria and

phase diagrams. In addition, the behaviour of different phases, i.e.

phase amounts and phase internal composition as well as species

activities can be calculated. The essential theoretical background,

practical assignments as well as guided instruction are given in

FactSage-Teach [10].

4. Development strategy – strengthening mechanisms

For the Co–Re-based alloys three hardening mechanisms are

considered to be promising:

– Solid solution strengthening through large Re atoms.

– Composite strengthening by the particles of the second phase.

– Precipitate strengthening by carbides.

The ternary Co–Re–Cr system was selected to explore the po-

tential of both solid–solution hardening through Re atoms and a

composite strengthening through the second hard phase, namely

r phase. Each element in this ternary alloy system plays the fol-

lowing role. Co represents the main component and provides for

the ductile matrix. Re is a very effective solid–solution strength-

ener due to its atomic size. Further, in addition to the very high

melting temperature mentioned above (see also Fig. 1(d)), it is a

major constituent of the hardening r-phase having the stoichiom-

etry Cr2Re3. Cr has multiple roles: (i) it serves as a solid–solution

strengthener, (ii) it is involved in the r phase formation, (iii) it

forms carbides in alloys which contain C, and (iv) it plays a signif-

icant role in oxidation resistance by forming the protective Cr2O3

scale.

Re is a potential solid–solution strengthening element even in

Ni-based superalloys. However, brittle topologically closed packed

(TCP) phases occur after long exposure time if Re content exceeds

about 6 wt.%. In contrast, the Re solubility in Co is unlimited and a

rather high Re-amount may be added to the Co matrix in order to

raise the high-temperature strength. For example, the hardness of

the binary Co–Re alloys is increased from about 320HV to 360HV if

the Re-concentration is enhanced from 17 at.% to 25 at.%, which

indicates clearly the solid–solution strengthening by Re [11]. How-

ever, Re in association with Cr forms r phase in Co–Re–Cr alloys. It

has been reported previously how r-phase in Co–Re–Cr–Ni alloys

can be exploited for alloy strengthening [12]. Also it should be

noted that high Re content is critical, since Re yields poor oxidation

resistance as well as it possesses a very high density.

Fig. 2(a and b) reveal that the r phase becomes stable in the

Co–17Re–Cr system if the Cr content exceeds 20 at.%. According

to the thermodynamic calculations, the amount of the r-phase

in the ternary Co–17Re–Cr system increases significantly with

increasing Cr content above 20 at.% (Fig. 2(b)). Microstructure anal-

ysis of two ternary Co–Re–Cr alloys, namely Co–17Re–23Cr and

Co–17Re–30Cr, confirms this tendency (Fig. 3(a–d)). The hard r
phase appears as a bright phase in the hcp matrix. Using the

program Image J, it was possible to use the contrast differences

between the Co matrix (hcp) and the r phase and in order to quan-

tify the volume fraction of the r phase in the two alloys of different

Cr content. Results show that the r phase volume fraction in-

creases from 3.7% and 30.5% with the increase in Cr-content from

23 at.% to 30 at.%. The corresponding values obtained from the

thermodynamic calculations are 12 vol.% and 43 vol.% for the alloys

Co–17Re–23Cr and Co–17Re–30Cr, respectively. The volume frac-

tion estimated from microscopic images is truly the area fraction

and only if the particles are randomly distributed, the area fraction

is equivalent to the volume fraction. Further, the alloys studied

may not be in the equilibrium conditions. Considering these fac-

tors, the difference in the calculated and measured r-phase vol-
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alloys represent a completely novel material class, it was consid-

ered indispensable to combine theoretical evaluations by means

of thermodynamic calculations with detailed analysis of experi-

mentally gained knowledge in order to design potential technical

alloys which will fulfil all the above requirements. One of the lim-

itations of the equilibrium thermodynamic calculations results

from the fact that they take into account only phases in thermody-

namic equilibrium. A second limitation is due to the available data-

base and this is particularly the case for the Co–Re system where

only limited data exist. Therefore, large deviation of the calculated

phase compositions from the reality is anticipated in materials that

are far from the thermodynamic equilibrium [8]. However, the reli-

ability of the thermodynamic calculations can considerably be im-

proved if it is accompanied by experimental methods [9].

This paper explores the potential of thermodynamic calcula-

tions for alloy design and composition optimization of high-

temperature corrosion-resistant Co–Re-based alloys. In the first

part of this study, the basic features of thermochemical software

FactSage will be introduced. In the second part, alloy development

strategy regarding mechanical properties, particularly the main

hardening mechanisms, will be discussed. The capability of the

combination of thermodynamic calculations and microstructure

analyse will be illustrated by means of examples. The third part

will focus on the development effort aiming at an improvement

of the high-temperature oxidation behaviour of Co–Re-based

alloys.

2. Experimental

The Co–Re-based alloys were melted in a vacuum arc furnace using elementary

substances with high purity (>99.98%) and subsequently cast in bar form. The cast

Co–Re, Co–Re–Cr, Co–Re–Cr–C, and Co–Re–Cr–Si alloys were solution heat treated

in three steps (1350 �C/5 h, 1400 �C/5 h, 1450 �C/5 h in a vacuum furnace. All of

the heat treated specimens were directly quenched by argon flow within the vac-

uum furnace.

For oxidation tests, the Co–Re-based alloy specimens of dimension of approxi-

mately 10 mm � 10 mm � 2 mm were cut from the heat-treated bar and polished

up to 1200 grit. All specimens were ultrasonically cleaned in ethanol directly before

testing. The morphology and composition of the substrate materials as well as the

corrosion products were analysed by means of standard experimental techniques

such as XRD, SEM, EDS, and TEM.
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ume fraction is reasonable. The microstructure in Fig. 3(e) was ta-

ken from the substrate of the alloy Co–17Re–23Cr after an oxida-

tion test and reveals the formation of new small particles of the

r-phase, the so-called secondary r phase, which strengthens the

assumption of the metastable state in the alloys. Finely dispersed

secondary r phase particles were also reported in the alloys Co–

17Re–23Cr and Co–17Re–23Cr–2.6C after creep tests at 1100 �C

[13].

The r phase particles in Co–Re–Cr alloys have a very high hard-

ness (�1500HV) that increases the strength of these alloys, but

they are also very brittle, which can adversely affect the mechani-

cal behaviour [4]. The detrimental effect of the r phase on the

mechanical properties of Ni- and Fe-based alloys as a consequence

of their high brittleness is well-known and has been reported in

the literature [14]. Mukherji et al. reported that large r phase par-

ticles in Co–17Re–23Cr alloy develop cracks on deformation [4].

However, the r phase particles in this alloy are isolated and the

cracks do not propagate through the Co matrix suggesting that

Co–Re-based alloys are not inherently brittle due to the presence

of the r phase. Mukherji et al. further showed that when the r
phase particles are finely dispersed, as in Co–17Re–23Cr–15Ni,

they are no longer brittle [12]. Nevertheless, a very high Cr concen-

tration is unfavourable in most Co–Re–Cr alloys due to the pres-

ence of a high volume fraction of r phase and should be avoided.

Although, a sufficiently high Cr content (>25 at.%) can provide an

improved oxidation resistance [15].

A suitable balance in the chemical composition of the ternary

Co–Re–Cr system needs to be found, which will fulfil the following

requirements: (i) the concentration of Cr and Re should allow the

formation of the r phase but not in large volume fraction, (ii)

the Re content should not be too high, and (iii) the Cr concentration

should only slightly exceed the concentration needed to facilitate

the formation of the Cr2O3 scale. Analysing the ternary phase dia-

gram (Fig. 2(a)) and putting above considerations together, the ref-

erence alloy with the composition Co–17Re–23Cr (indicated as red

dot in Fig. 2(a)) has been selected as the base alloy for further

development.

Similar to the conventional Co-based alloys, the strength of the

Co–Re-based alloys may be significantly improved by carbide pre-

cipitations due to Cr and C additions. Thermodynamic calculations

shown in Fig. 4(a) reveal that, in addition to fcc and hcp phase,

M23C6 carbide may form in the quaternary Co–17Re–Cr–2.6C alloy

at 1000 �C. In fact, M23C6 type was detected by microstructure

analysis [14]. Mukherji et al. carried out a study on the high-tem-
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perature stability of the M23C6 type chromium carbides in the alloy

Co–17Re–23Cr–2.6C. In this alloy, fine lamellae in the Co matrix

with a thickness of the order of 40 nm and an inter-plate distance

varying between 200 and 500 nm were identified in TEM as Cr23C6

carbides in solution treated condition [16]. Blocky carbides were

also found in the grain interior. In addition, eutectic-like structure
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5. Development strategy – oxidation

The oxidation resistance of high-temperature materials is lar-

gely based on the formation of a protective oxide scale. The forma-

tion of a compact, dense, and slow-growing oxide scale can be

provided by (i) the alloying with suitable elements such as Cr

and/or (ii) the application of appropriate pre-treatment methods.

Both paths are promising for providing oxidation resistance to

Co–Re-based alloys and were explored in this study.

With respect to the improvement of the high-temperature oxi-

dation resistance, on the one hand, thermodynamic analysis aims

at the prediction of the identity of corrosion products. On the other

hand, diffusion investigations seek to determine the mass transfer

in the alloy and oxide scales, therefore enabling an assessment of

the material life. The diffusion-controlled scale growth can be

accurately calculated by the well-known Wagner theory when cer-

tain conditions are fulfilled [20]. Unfortunately, the Wagner theory

can hardly be applied to scales grown on alloys of practical inter-

est. In his outstanding work, Young [21] states that the rates of al-

loy consumption for most high-temperature alloys are so slow as

to be seldom of any concern in the case of structural components,

excepting they are alloy foils. More important, high-temperature

alloys should be designed in such a way that the rapid formation

of the desired slow-growing scales and their continuous stability

is ensured.

In the case of the binary Co–17Re alloy, two cobalt oxides, CoO

and Co3O4, can be formed depending on the temperature and the

oxygen partial pressure (see Fig. 5(a)). At 1000 �C, the CoO is the

only stable oxide during oxidation in air. This was experimentally

confirmed by means of the XRD-measurements. However, CoO

grows too fast to be effective as protective scale. The CoO layer

shown in Fig. 5(b) is about 600 lm thick after 72 h of exposure

to air at 1000 �C. In addition, the CoO scale contains porosity and

microchannels which permit inward transport of oxygen as well

as outward transport of volatile Re oxides.

For the reasons discussed above, Co–Re-based alloys need addi-

tional elements to form a slow-growing oxide, such as Cr2O3, SiO2,

or Al2O3. For this reason, Cr was added to the binary Co–17Re alloy

to promote the formation of a protective Cr2O3 scale. Thermody-

namic calculations shown in Fig. 6(a) reveal that Cr2O3 is the most

stable oxide among all oxides that can be formed in the Co–17Re–

Cr–O system at 1000 �C. Moreover, Cr2O3 can exist even at a very

low Cr content in this alloy system. However, from the thermody-

namic calculations along it is impossible to state whether Cr2O3

forms as an external oxide scale or as internal precipitates in the

Co solid–solution matrix. Furthermore, no conclusions regarding

the oxide scale density and its compactness can be drawn from

the thermodynamic analysis. The SEM micrograph in Fig. 6(b)

shows the oxide scale formed on the Co–17Re–23Cr alloy after

exposure to air at 1000 �C. From the composition determined by

energy dispersive X-ray spectroscopic (EDS) analysis (and from

the morphology of the scale) became evident that the scale con-

sists of three layers: an outermost CoO scale, a porous CoCr2O4

layer and a very thin, discontinuous Cr2O3 film adhering to the base

metal. It should be noted that the arrangement of the layered

structure in the oxide scale basically reflects the sequence of the

oxide stability as a function of the oxygen partial pressure shown

in the corresponding phase diagram (Fig. 6(a)). Consequently, ther-

modynamic calculations can be successfully applied not only to

determine the corrosion products, but also predict their possible

location. However, the later point may be viewed critically, as ki-

Fig. 7. Partial pressure of Re oxides as a function of oxygen partial pressure at

1000 �C and a total pressure of 1 atm.
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of M23C6 carbides can also be seen at the grain boundaries

(see Fig. 4(b)). However, the carbides present in the alloy after the

solu-tion heat treatment are unstable at high temperatures and

start to dissolve or coarsen on exposure at temperatures above

1000 � C. Recent investigations showed that not all the M23C6

carbides dis-solve completely, only a partial dissolution of M23C6

carbides was detected [17]. This was also supported by the

microstructural investigations using SEM on long-term annealed

samples [18]. Fur-ther, thermodynamic calculation show that Cr is

the main partici-pant in the formation of the M23C6 carbides

(see Fig. 4(c)). This knowledge is also important because it

documents which elements is dissolved in the matrix if the

dissolution of M23C6 carbides oc-curs. The measurements by

means of neutron diffraction clearly showed that the M23C6

carbides dissolution leads to the precipita-tion of r phase [17].

This is not surprising since the formation of

the r phase is very sensitive to the Cr concentration (see Fig. 2(b)).

The experimental results document that the proper ratio of Cr

and Re addition to produce the r phase of the right amount to

achieve optimal mechanical properties at high-temperatures could

be identified by thermodynamic calculations. Also, the formation of

carbides can be predicted by means of thermodynamic analysis. An

alternative strategy for further alloy development is to add ele-

ments like Ta to promote MC-type carbide formation, which are

more stable at high temperatures than the Cr23C6 carbides. Depka

et al. experimentally proved that the addition of Ta results in the

formation of homogeneously distributed globular precipitates of

type TaC [19].



netic considerations must be taken into account also. In the initial

stage of oxidation, the oxidation of alloy components will follow

the behaviour predicted by thermodynamic stability of the respec-

tive oxides. The subsequent development of scale morphology de-

pends on the competition between fast growing, but less stable

oxides such as CoO and CoCr2O4 and slow growing, but more stable
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sure aims at the selective oxidation of only the highly reactive ele-

ment in the alloy, namely Cr, but not the oxidation of Co and Re. In

this respect, the knowledge of the equilibrium partial pressure

p(O2) of the corresponding oxides at given temperature is needed.

Fig. 10(a) shows the dependence of the equilibrium oxygen pres-

sure on the temperature of the oxide formation. From the thermo-

dynamic point of view, all considered oxides are stable in the

reaction of the alloy with air (p(O2) = 0.21 bar) at high-tempera-

tures. At low oxygen partial pressure (e.g., p(O2) = 10�16 bar at

1000 �C), Cr2O3 is the only oxide that can be formed in the

Co–Re–Cr alloys, while the oxidation of Co and Re is inhibited.

The dependence of the equilibrium partial pressure p(O2) of pure

oxides on the metal activity of Co and Cr is shown in Fig. 10(b).

The relatively small slope at given temperature (which is simply

determined by the ratio of the stoichiometric coefficients) allows

the use of a partial pressure value at which the oxidation of Co

and Re does not occur but the formation of Cr2O3 is possible, even

if depletion of the element (Cr in this case) takes place in the alloy

near the surface. The sole formation of a Cr2O3 scale on four model

Co–Re–Cr alloys at 1000 �C as a consequence of exposure to an

atmosphere with the oxygen partial pressure of about 10�16 bar

was successfully verified by corresponding oxidation experiments

[22]. The formation of Cr2O3 scale on the top of the alloy

Co–17Re–30Cr is shown in Fig. 11.

6. Conclusions

In this paper, the use of computational thermodynamics for re-

search/development of Co–Re-based alloys regarding the improve-

ment of high-temperature strength and corrosion resistance was

presented. In view of high-temperature strength, the search for

optimal compositions of Co–Re-based alloys was directed applying

the following criteria: (i) solid–solution hardening by large Re-

atoms, (ii) precipitate strengthening by fine dispersions of car-

bides, and (iii) composite strengthening through a hard second

phase, i.e. the r phase. The phase diagram of the ternary

Co–Re–Cr system was calculated and used to choose the reference

model alloy Co–17Re–23Cr. The role of the additions of 17 at.% Re,

23 at.% Cr, and 2.6 at.% C to the main element Co is discussed in de-

tail in this contribution with respect to the improvement of high-

temperature strength. In addition, the assessment of the phase

fractions and phase element fractions enhances the understanding

of materials chemistry and heterogeneous equilibria.

In the present stage of alloy development, a major effort of the

research activities is directed towards the improvement of oxida-

Fig. 11. The sole formation of Cr2O3 scale on the model alloy Co–17Re–30Cr alloys

after exposure to an atmosphere with low oxygen partial pressure (p(O2) = 10�16 -

bar) at 1000 �C for 100 h.

ones such as Cr2O3. While thermodynamic analysis supports

the determination of oxidation mechanisms and basically

contributes to the alloy development, alloy design in general and

the expecta-tion regarding high-temperature oxidation behaviour

in particular should be supplemented by empirical knowledge

gained from experiments. The high-temperature oxidation

behaviour of several model Co–Re-based alloys in air and at low

oxygen partial pressure was investigated and the corresponding

results are available in lit-erature (see Refs. [18,22] for details).

Mass loss due to the evaporation of Re oxides was observed

during exposure of Co–Re-based alloys at high-temperatures in

air [18]. Experimentally, it is difficult to determine the nature of

gaseous species (in this case, the particular Re oxides), but thermo-

dynamic calculations can provide a plausible answer. The calcu-

lated partial pressure of various Re-oxides as a function of

oxygen partial pressure at 1000 �C is represented in Fig. 7 indicat-

ing that the loss of Re most probably occurs by the formation of the

gaseous rhenium oxide of the type Re2O7. This type of oxide is not

predicted for the total equilibrium condition at low oxygen partial

pressures, where the solid Re oxides ReO3 and ReO2 prevail (see

Fig. 6(a)). Re2O7 may however form by the reaction of ReO3 with

oxygen. The result of thermodynamic calculations for the system

ReO3–O2, as shown in Fig. 7, thus represents a first approach in pre-

dicting the local situation at the gas/ReO3 interface. Re2O7 is clearly

the oxide with the highest partial pressure among all gaseous Re-

oxides that can be formed.

As mentioned above, during the exposure of Co–Re–Cr alloys to

high-temperatures at around 1000 �C in air, a non-protective semi-

continuous Cr2O3 scale forms on the oxide/alloy interface (see also

Fig. 6(b)), which allows continuous oxidation of Re in the base me-

tal and the evaporation of Re oxides. Depletion of the heavy metal

Re from the alloy through oxidation results in a significant mass

loss and this was observed in experiments [18]. Furthermore, it

is well-known that Cr2O3 also evaporates at temperatures above

1000 �C [e.g. 23]. In the literature, several useful methods have

been proposed to evaluate evaporation rates of Cr2O3 in dry air

[24] and in flowing gases containing water vapour [25]. Despite

the evaporation of chromia at temperatures above 1000 �C, chro-

mium plays a very important role for Co–Re-based alloys in terms

of high-temperature oxidation protection at moderate

temperatures.
Si was added to the Co–Re–Cr alloys in order to facilitate the

formation of a protective SiO2 scale. However, silica can also

decompose into gaseous oxide, namely SiO. Fig. 8 shows the calcu-

lated partial pressures of CrO3 above Cr2O3 and SiO above SiO2 at

different temperatures. It is seen that the partial pressure of SiO

is significantly lower compared to the partial pressure of gaseous

CrO3 in the whole temperature range. The presented comparison,

i.e., thermodynamic stability of chromia and silica, explains the at-

tempts to replace Cr2O3 by SiO2 in Co–Re-based alloys, which were

developed for service temperatures beyond 1100 �C. Thermody-

namic calculations shown in Fig. 9(a) reveal that the volume frac-

tion of SiO2 clearly increases with increasing Si content. However,

SiO2 was only found as internal precipitates in Co–17Re–23Cr–xSi

alloys using EDS analysis in TEM (see Fig. 9(b and c)). Experimental

investigations confirm that the volume fraction of internal precip-

itates of SiO2 increases with increasing Si content. In the alloy

Co–17Re–23Cr–3Si, SiO2 precipitates as a semi-continuous net,

which definitely retards the outward diffusion of metallic constit-

uents as well as inward oxygen flux, improving the oxidation

behaviour of Co–Re-based alloys significantly (see Fig. 9(c)).

Literature survey shows that a pre-oxidation treatment is

widely applied to improve the oxidation behaviour in many

high-temperature alloys [e.g. 26]. In most cases, this is accom-

plished by the formation of a slow-growing protective oxide layer.

The pre-oxidation of Co–Re–Cr alloys at low oxygen partial pres-



tion resistance of Co–Re-based alloys, concentrating on finding

suitable concentrations of elements such as Cr and Si, which facil-

itate the thermal growth of protective oxide scales on the metallic

substrate. The volatilisation phenomenon of Cr2O3 and SiO2 was

discussed. It was concluded that the partial pressure of SiO is neg-

ligible in comparison with the partial pressure of CrO3 at high tem-

peratures. Therefore, SiO2 is more protective compared to Cr2O3 at

very high temperatures and this fact explains the efforts to facili-

tate the formation of a SiO2 scale.

Pre-oxidation treatment, as a common method used to improve

the oxidation resistance of alloys used in aggressive atmosphere,

was applied on several Co–Re–Cr alloys. Equilibrium oxygen partial

pressures for the expected Co, Cr, and Re oxides were calculated.

The dependence of the oxygen partial pressure on temperature

and metal activity for the oxides considered and its relevance for

the respective alloy chemical compositions and atmospheric con-

ditions was discussed in this study.

Using Co–Re-based alloys as an example of a newly developed

alloy system, it was shown that the combination of the thermody-

namic calculations and experimental investigations has enormous

benefits in alloy design.
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and MARTIN HEILMAIER

Multiphase alloys in the Mo-Si-B system are potential high-temperature structural materials due
to their good oxidation and creep resistance. Since they suffer from relatively high densities, the
current study focuses on the influence of density-reducing Ti additions on creep and oxidation
behavior at temperatures above 1273 K (1000 �C). Two alloys with compositions of
Mo-12.5Si-8.5B-27.5Ti and Mo-9Si-8B-29Ti (in at. pct) were synthesized by arc melting and
then homogenized by annealing in vacuum for 150 hours at 1873 K (1600 �C). Both alloys show
similar creep behavior at stresses of 100 to 300 MPa and temperatures of 1473 K and 1573 K
(1200 �C and 1300 �C), although they possess different intermetallic volume fractions. They
exhibit superior creep resistance and lower density than a state-of-the-art Ni-base superalloy
(single-crystalline CMSX-4) as well as other Mo-Si-B alloys. Solid solution strengthening due to
Ti was confirmed by Vickers hardness measurements and is believed to be the reason for the
significant increase in creep resistance compared to Mo-Si-B alloys without Ti, but with com-
parable microstructural length scales. The addition of Ti degrades oxidation resistance relative
to a Mo-9Si-8B reference alloy due to the formation of a relatively porous duplex layer with
titania matrix enabling easy inward diffusion of oxygen.
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I. INTRODUCTION

INCREASING the efficiency of turbines for aero-
space and power generation applications by operating
them at higher temperatures has been of interest in both
academia and industry over the past several decades.
Currently used Ni-base superalloys are capable of
functioning at temperatures approaching 1423 K
(1150 �C). As this temperature is close to their melting
point, it limits their further development.[1]

At present, several other metallic systems (e.g.,
c¢-strengthened Co-based superalloys,[2] multiphase Nb-
Si alloys[3,4]) have the potential of operating at temper-
atures higher than Ni-base superalloys. Three-phaseMo-
Si-B alloys, consisting of Mo solid solution (bcc) and the
intermetallic phases Mo3Si (A15) and Mo5SiB2 (T2), are
also of interest as new high-temperature structural

materials because of their favorable combination of
properties such as good oxidation resistance, excellent
creep resistance, and strength at ultrahigh tempera-
tures.[1,5–8] However, for application in aero-engines,
current Mo-Si-B alloys suffer from one major problem
(besides their low room temperature fracture toughness),
namely, a relatively high density of around 9.5 g/cm3[9]

compared to Ni-base superalloys which typically have
densities <9 g/cm3.[10] This problem may be solved by
additions of light elements such as Ti. However, a high
concentration of titanium would be needed to lower the
density of Mo-Si-B alloys substantially. Also, its impact
on mechanical properties and oxidation resistance is
likely to be significant, since Ti is soluble in both Mo and
its several silicide phases.[11] As an example, Sakidja
et al.[12] prepared Mo-20Si-10B-50Ti and Mo-20Si-10B-
35Ti alloys (all concentrations in this paper are in at. pct if
not stated otherwise) by arc melting and confirmed that
densities were reduced to 6.5 and 7.6 g/cm3, respectively.
However, the mechanical and oxidation behaviors at
elevated temperatures of Mo-Si-B alloys containing high
levels of Ti have not yet been studied in detail.
Recently, Yang et al.[13] investigated the effect of Ti

content on the microstructure of a three-phase Mo-
12.5Si-8.5B alloy. For thermodynamic calculations, they
used the commercially available software package
Pandat�, which is based on the Calphad method, to
calculate phase stability at different Ti contents and
temperatures. The database for the Mo-Si-B-Ti system
was determined by Yang and colleagues[11,14,15] in
several previous investigations. In their studies, they
found that higher concentrations of titanium, e.g., 27 to
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29 at. pct in a Mo-12.5Si-8-5B base alloy, lead to the
substitution of the Mo3Si phase by Mo5Si3 (T1). From
the literature, it is known that Mo5Si3 shows superior
oxidation resistance compared to Mo3Si. Although the
oxidation resistance of these silicides is considered to be
still rather poor, it can be considerably improved by
alloying with boron.[16,17] Likewise, the high-tempera-
ture strength of Mo5Si3 is known to be superior to that
of Mo3Si.

[17,18] Hence, a three-phase Mo-Si-B alloy
consisting of Mo solid solution and the intermetallic
phases Mo5SiB2 and Mo5Si3 (instead of the Mo3Si
phase) may yield improved high-temperature perfor-
mance as compared to the above-mentioned alloys.[1,4–9]

Therefore, it was the goal of the present study to assess
the high-temperature behavior of quaternaryMo-Si-B-Ti
alloys for the first time. In particular, this work aims to
understand the effect of titanium on the creep and
oxidation behavior of two different Mo-Si-B alloy sys-
tems. The first is the Ti-containing Mo-12.5Si-8.5B-
27.5Ti alloy of Yang et al.[13] which was inspired by
investigations of Schneibel et al.[19] on a ternary alloy with
the same Si and B content, but without the Ti. As
indicated by the results of thermodynamic calculations
shown in Figure 1(a), the quaternary composition should
result in a four-phase alloy consisting of Mo solid
solution,Mo3Si,Mo5SiB2, andMo5Si3, plus a fifth phase,
namely, Ti5Si3, if the thermodynamic calculations of
Yang et al.[13] hold true. Utilizing the same database as
Yang et al.,[13] it was decided to synthesize a second alloy
based on the ternary composition Mo-9Si-8B pioneered
byBerczik.[6] In this case, the titanium content was chosen
to be 29 at. pct, which should result in a three-phase alloy
consisting ofMo solid solution, Mo5SiB2, andMo5Si3, as
shown by the thermodynamic calculations in Figure 1(b).

II. EXPERIMENTAL

Two alloys with compositions of Mo-12.5Si-8.5B-
27.5Ti and Mo-9Si-8B-29Ti (at. pct) were prepared

from elemental bulk materials by arc melting in
~0.7 atm argon. The initial shape and purities of the
starting materials are listed in Table I. Buttons with a
mass of ~50 g were arc melted in a water-chilled copper
hearth. To insure homogenization, the buttons were
turned over and remelted five times. Afterward, both
alloys were annealed at 1873 K (1600 �C) for 150 hours
in vacuum (10�3 Pa) to promote the formation of
equilibrium phases and thus facilitate comparison of
their microstructures with the thermodynamic predic-
tions (Figure 1). The densities of both alloys were
determined using the Archimedes principle.
Microstructures were investigated using X-ray dif-

fraction (XRD, Bruker D8) with Cu Ka radiation and
scanning electron microscopy (SEM) in the back-scat-
tered electron mode (BSE) in a DSM 962 (Zeiss).
Samples for SEM investigation were polished with oxide
polishing suspension (OPS) and colloidal silica suspen-
sion. The composition of each observed phase was
analyzed by wavelength-dispersive spectroscopy (WDS)
in a JEOL JXA 8530F. The accuracies of the measured
Mo, Si, and Ti contents lie typically within 0.2 at. pct.
Since B is a light element and its Ka peak interferes with
the Mo Mc peak, accurate determination of its concen-
tration is very difficult. Because of this, and its negligible
solubility in the Mo solid solution,[20] Mo(Ti)3Si, and
Ti(Mo)5Si3 phases,

[13] being less than 1 at. pct at 2073 K
(1800 �C),[21] the boron content was assumed to be zero
in these phases.

Fig. 1—Calculated mole fractions of phases in (a) Mo-12.5Si-8.5B (modified from Ref. [13]) and (b) Mo-9Si-8B as a function of Ti content at
1873 K (1600 �C).

Table I. Raw Materials Used for the Arc Melting

Element Form Purity (Wt Pct)

Mo plate 99.95
Si lump 99.999
B lump 99.5
Ti plate 99.95

Purities are based only on metallic impurities, i.e., non-metallics
such as C, S, P are not considered.



To investigate the high-temperature oxidation behav-
ior, samples with dimensions of 10 9 4 9 3 mm3 were
machined using a slow-cutting diamond saw. Oxidation
tests were carried out under isothermal conditions in
laboratory air by both continuous thermogravimetric
analysis and discontinuous weight change measure-
ments. A more detailed description of the experimental
setup is given elsewhere.[22,23]

Compressive creep behavior was determined using
electro-discharge machined specimens with dimensions
of 5 mm height and 3 9 3 mm2 cross section. Top and
bottom surfaces were ground and polished to insure
planar-parallel loading. All creep tests were carried out
under constant true stresses at temperatures of 1473 K
and 1573 K (1200 �C and 1300 �C) in a Zwick universal
testing device equipped with a Maytec vacuum furnace
(<10�4 Pa). Creep strain was continuously monitored
by a couple of inductive displacement transducers at the
upper and lower punch. This signal was converted into
true strain utilizing a self-written Matlab routine run-
ning on the personal computer used for data acquisition
assuming constant sample volume. Likewise, true stress
was calculated and kept constant through closed loop
control of the testing device. Vickers microhardness
measurements were made with a Q10A+ (Qness
GmbH) hardness tester using loads of 500 g and 1 kg.

III. RESULTS AND DISCUSSION

A. Microstructure and Density

Representative microstructures of the investigated
alloys are shown in Figure 2. Using XRD (Figure 3),
it was proven that both alloys consist of Mo solid
solution (Moss), Mo(Ti)5SiB2, and Ti(Mo)5Si3 (D88),
where the elements in parentheses partly substitute for
the preceding major phase constituent. However, the
Mo-12.5Si-8.5B-27.5Ti alloy contains an additional
Mo(Ti)3Si phase, which partially replaces the Mo solid
solution and, thus, increases both the volume fraction of
the intermetallic phases and the interface density

(Table II). Therefore, the microstructure of this alloy
was found to be finer than that of the Mo-9Si-8B-29Ti
alloy. Phase distributions before and after creep, as well
as interface density, were determined using the linear
intercept method in an image processing program
(Table II). The analyzed phase compositions are pre-
sented in Table III. Contrary to the investigations and
thermodynamic predictions of Yang et al.,[13] and our
own thermodynamic calculations, no tetragonal
Mo(Ti)5Si3 was found by either XRD (Figure 3) or
WDS analysis (not shown here). The reason for this is
not clear yet: Even the homogenization heat treatment
for 150 hours at 1873 K (1600 �C) did not lead to the
predicted formation of Mo(Ti)5Si3. This finding could
be due to the strong thermal stability of the hexagonal
Ti(Mo)5Si3 phase as confirmed by Figure 3 or due to
segregation effects. These aspects will be investigated in
future studies.
Sakidja et al.[12,24] determined the influence of differ-

ent alloying elements on phase formation and stability
in Mo-Si-B alloys. They classified titanium as a D88
stabilizer and niobium, tungsten, and tantalum as

Fig. 2—Microstructures of (a) Mo-12.5Si-8.5B-27.5Ti and (b) Mo-9Si-8B-29Ti in BSE contrast showing Mo solid solution (bright), Mo(Ti)3Si
(gray), Mo(Ti)5SiB2 (darker gray), and Ti(Mo)5Si3 (black).

Fig. 3—X-ray diffraction patterns showing the phases present after
annealing at 1873 K (1600 �C) for 150 h.



T1-stabilizing elements. W and Ta may be excluded from
consideration as alloying elements based on their high
densities. Similarly, taking into account the known poor
oxidation resistance of niobium, a Mo-Nb-Si-B alloy
containing high Nb levels might also not be suitable for
high-temperature applications without additional coat-
ing protection to improve oxidation resistance.[25] Also,
the density reduction due to niobium is not as marked as
it is for titanium.[12] The observed solubility of Ti in
every phase here leads to a density reduction of nearly
18 pct as compared to a reference Mo-Si-B alloy with
a density of 9.6 g/cm3.[9] At 7.7 and 7.8 g/cm3 for
Mo-12.5Si-8.5B-27.5Ti and Mo-9Si-8B-29Ti, respectively,
they are even lower than the densities of currently used
Re-containing Ni-base single-crystalline superalloys.[10]

B. Oxidation Behavior

alloys will be presented and finally compared with the
corresponding results of the reference alloy Mo-9Si-8B
consisting of the three phases Moss, Mo3Si, and
Mo5SiB2.

[23]

Figure 4(a) shows the specific weight change vs time
for the alloy Mo-12.5Si-8.5B-27.5Ti. For the sake of
illustration, Figure 4(b) presents the oxidation curves of
one of our Ti-containing alloys, Mo-9Si-8B-29Ti, and
those of the reference alloy without Ti, Mo-9Si-8B, at
1373 K to 1573 K (1100 �C to 1300 �C). To facilitate a
comparison, both figures are scaled in the same manner.
The heavy initial weight loss due to MoO3 evaporation
during the first few hours, which is typical of Mo-9Si-8B
at higher temperatures, was not observed for both Mo-
Si-B-Ti alloys studied at 1373 K (1100 �C), indicating
that passivation and, thus, diffusion-controlled oxida-
tion kinetics are operative from the beginning. However,
the TGA results of the Ti-containing alloys reveal
increasing weight loss with increasing temperature in
general accordance with the oxidation behavior of Mo-
9Si-8B. Specifically, the weight loss of the reference alloy
approaches zero for longer exposure times, while this
weight loss is still pronounced in the case of the Ti-
containing silicide alloys, indicating continuing evapo-
ration of MoO3. Furthermore, the comparison of the
TGA curves of the two Mo-Si-B-Ti alloys generally
shows a slightly reduced weight loss rate for Mo-12.5Si-
8.5B-27.5Ti which may be qualitatively rationalized by
the higher volume fraction of intermetallic phases
present due to the higher Si content (Table II). Below
1273 K (1000 �C) (not shown here), the investigated
Mo-Si-B-Ti alloys experience rapid linear weight loss
(‘‘pesting’’) which is typical of Mo-Si-B alloys.[22]

Figures 5(a) and (b) shows the SEM BSE cross
section and surface of Mo-9Si-8B-29Ti oxidized for
100 hours at 1373 K (1100 �C). For the sake of com-
parison, the cross section of Mo-9Si-8B after 72 hours
of oxidation at 1373 K (1100 �C) is shown in
Figure 5(d). The reasonable oxidation resistance of
Mo-9Si-8B at 1373 K (1100 �C) is a consequence of
the formation of an outer continuous and thus protec-
tive amorphous borosilicate layer with an average
thickness of �13 lm.[23] Underneath this layer, a zone
of internal oxidation consisting of silica precipitates
within a Moss matrix develops. Compared to the refer-
ence alloy, the oxide morphology of the Mo-Si-B-Ti
alloys is completely different. Considering the phase dia-
grams of Ti-Si-O,[26] B2O3-SiO2,

[27] and Mo-9Si-8B-O2
[28]

as well as the results of XRD investigations of the oxide
surface in conjunction with detailed cross-sectional

Table II. Phase Distributions Before and After Creep and Interface Densities of the Investigated Alloys (Standard Deviation in

Parentheses)

Alloy Composition Moss Mo(Ti)3Si Mo(Ti)5SiB2 Ti(Mo)5Si3 Interface Density (lm�1)

Before creep
Mo-12.5Si-8.5B-27.5Ti 37.9 (±2.8) 26.2 (±3.8) 27.6 (±1.7) 7.1 (±1.6) 0.353
Mo-9Si-8B-29Ti 61.1 (±3.1) — 29.2 (±2.3) 9.4 (±1.0) 0.175

After creep
Mo-12.5Si-8.5B-27.5Ti 36.6 (±1.1) 28.2(±0.6) 28.8 (±0.3) 6.3 (±0.4) 0.373
Mo-9Si-8B-29Ti 60.5 (±2.2) — 30.2 (±1.8) 8.6 (±1.2) 0.174

Table III. Compositions of the Phases Present in the Two

Alloys as Determined by WDS

Phase Components
Mo-12.5Si-8.5B-
27.5Ti (At. Pct)

Mo-9Si-8B-
29Ti (At. Pct)

Moss Mo 71.7 71.5
Si 2.5 2.27
B 0 0
Ti 25.76 26.11

Mo(Ti)3Si Mo 47.13 —
Si 22.98 —
B 0 —
Ti 29.86 —

Mo(Ti)5SiB2 Mo 34.17 33.52
Si 13.72 13.94
B 23.70 23.53
Ti 28.41 28.99

Ti(Mo)5Si3 Mo 16.91 13.96
Si 37.41 38
B 0 0
Ti 45.66 48.01

Ti additions are expected to have a strong influence on
the oxidation behavior of Mo-Si-B alloys as a conse-
quence of the presence of the hexagonal Ti(Mo)5Si3 phase
(Figure 3 as well as the corresponding explanation) and
because of the high Ti solubility of 26, 30, 28, and
48 at. pct in the phases Moss, Mo(Ti)3Si, Mo(Ti)5SiB2,
and Ti(Mo)5Si3, respectively (Table III). In order to
reveal the influence of Ti alloying on the oxidation
resistance of theMo-Si-B system, the oxidation kinetics as
well as oxide morphology of two quaternary Mo-Si-B-Ti



The outermost rutile layer possesses an average
thickness of 15 lm after 100 hours of oxidation at
1373 K (1100 �C) and is especially visible on the
magnified BSE cross section in picture-excerpt I in
Figure 5(a). The spaces between the rutile particles are
filled with small amounts of an amorphous phase, in

Fig. 4—Specific weight change vs time for the alloys (a) Mo-12.5Si-8.5B-27.5Ti and (b) Mo-9Si-8B-29Ti (indicated by continuous lines) along
with Mo-9Si-8B (indicated by broken lines with symbols) oxidized in air at temperatures ranging between 1373 K and 1573 K (1100 �C and
1300 �C).

Fig. 5—SEM images of (a) Mo-9Si-8B-29Ti oxidized for 100 h at 1373 K (1100 �C) with magnified sections of the rutile layer (Section I) and the
titania/silica-duplex scale (Section II), whereby rutile is displayed in bright gray and silica in dark gray BSE-phase contrast, (b) the oxidized sur-
face of Mo-9Si-8B-29Ti [1373 K (1100 �C), 100 h], (c) Mo-9Si-8B-29Ti oxidized for 100 h at 1573 K (1300 �C), (d) the reference alloy Mo-9Si-8B
oxidized at 1373 K (1100 �C) for 72 h (from Ref. [22]), and (e) Mo-9Si-8B-29Ti oxidized for 100 h at 1373 K (1100 �C) with Pt markers located
at the rutile/duplex layer interface.

analyses via SEM and EDX, the oxide scale can be
divided into two major regions as demonstrated in
Figure 5(a) using the example of Mo-9Si-8B-29Ti: (i) an
outermost, predominantly continuous rutile layer at the
oxide/air interface and (ii) a thick and porous duplex
layer, comprising titania and silica.



Underneath the duplex layer, an interlayer mainly
consisting of MoO2 is formed only on Mo-9Si-8B-29Ti
at 1573 K (1300 �C) presumably because of the inward
transport of oxygen (Figure 5(c)). No formation of a
MoO2 layer was observed after oxidation of the reference
alloy at 1573 K (1300 �C).[23] For Mo-9Si-8B-29Ti, this
interlayer yields local thicknesses of 50 lm after
100 hours of oxidation at 1573 K (1300 �C), and is
distinctly visible in Figure 5(c). At high temperatures, a
zone of internal oxidation forms beneath the oxide layer,
where Si and B in the intermetallic phases Mo(Ti)5SiB2

and Mo(Ti)3Si oxidize due to the high affinity to oxygen,
which diffuses through the entire oxide layer.
The analysis of the oxide morphology indicates that

the porous duplex layer, which mainly consists of TiO2,
does not serve as an effective barrier to oxidation. The
main reason of the insufficient protectiveness of the
oxide scale formed on Ti-containing Mo-Si-B alloys is
that (rapid) inward transport of oxygen can occur
through channels and pores in the scale. In the case of
the formation of a protective borosilicate layer during
the oxidation of Mo-9Si-8B above 1173 K (900 �C), the
growth of the oxide scale may only proceed through
solid-state diffusion through the oxide layer. In Ti-
containing Mo-Si-B alloys, oxygen can easily penetrate
through the rutile particles as the mobility of oxygen in
TiO2 is significantly higher than in SiO2.

[31] That, in
turn, results in an increasing volume fraction of TiO2

within the duplex layer with increasing time and/or
temperature, leading to an accelerated inward transport
of oxygen, the formation of new TiO2 particles, and
consequently pores through which oxygen can reach the
substrate easily, allowing the evaporation of gaseous
MoO3. At the same time, the outward transport of
cations increases, resulting in a thicker outermost rutile
layer as well as in a high amount of TiO2 in a duplex
layer. At temperatures below 1273 K (1000 �C), the
formation of B2O3ÆSiO2 is too slow and the viscosity of
the borosilicate layer is too high to seal the gaps between
the fast-growing TiO2 particles.
Recently, a study by some of the present authors of a

nearly single-phase (Mo,Ti)5Si3 model material revealed
excellent oxidation resistance in a broad temperature
range of 1023 K to 1573 K (750 �C to 1300 �C).[32] In that
case, an oxide layer forms that exhibits a continuous silica
matrix inwhich rutile particles are embedded. It should be
pointed out that the oxide composition of the duplex layer
seems to play a crucial role on the oxidation resistance of
Mo-Si-B-Ti alloys. Obviously, the scale morphology with
a continuous silica matrix and embedded rutile particles
served as an effective barrier to oxidation. Thus, the
existence of TiO2 does not necessarily preclude the
formation of an oxide layer that provides sufficient
oxidation protection. Rather, what is needed for a duplex
layer to serve as an effective oxidation barrier is that
borosilicate forms the matrix phase.

C. Compressive Creep Behavior

Figure 6 shows selected compressive creep curves of
the two investigated alloys as log strain rate vs true
strain. Minimum creep rates, marked by filled circles on

which Si, O, and small amounts of B can be detected via
EDX (Figure 5(b)). In the experimental part, the diffi-
culty of detecting B in the alloy composition investi-
gated was already mentioned. However, according to
thermodynamic calculations and the literature survey on
the oxidation behavior of Mo-Si-B alloys, it can be
stated that a certain amount of B2O3 is dissolved in SiO2

in the initial state of oxidation at high temperatures. It is
well known that B2O3 reduces the viscosity of silica
drastically,[29,30] facilitating the sealing of the substrate
in the initial period of oxidation by a protective oxide
layer[17] as long as the viscosity of the silica layer
remains above the glass transition (1013 Pa s), which is
only the case for very low B concentrations.[29] How-
ever, Yoshimi et al.[29] estimated in this context that the
concentration of B in the SiO2 glass scale formed on
Mo5SiB2 after 24 hours of oxidation at 1473 K
(1200 �C) is under a detectable limit of EPMA and
TEM-EDS, even though this phase has a (B/Si) ratio of
2. That confirmed that B2O3 evaporates at higher
temperatures. Extrapolating the data obtained from
Cofer and Economy,[30] Burk et al.[23] determined a
volatilization rate of B2O3 of 1 and 5 mg cm�2 h�1 at
1373 K and 1573 K (1100 �C and 1300 �C), respec-
tively. Thus, it can be assumed that the borosilicate is
partially depleted in B2O3 at 1373 K (1100 �C), whereas
it consists of nearly sole SiO2 above 1473 K (1200 �C).
Underneath the rutile scale, a thick, porous duplex layer
forms (see image section II in Figure 5(a)) that mainly
consists of rutile and amorphous silica with an expected
depletion of B due to the evaporation of B2O3 through
several pores and channels. Using the image processing
program ImageJ, it was possible to use the contrast
differences between the titania and silica in order to
quantify the volume fractions of both phases in the
duplex layer. The average value of 20 BSE micrographs
with a typical magnification as in Figure 5(a) was used
for this. After 100 hours of oxidation at 1373 K
(1100 �C), the volume fractions of titania and silica
are about 62 and 38 pct, respectively. After the same
exposure time and temperature, the amount of titania
and silica in the alloy Mo-12.5Si-8.5B-27.5Ti with a
higher amount of intermetallic phases is changed to 52
and 48 pct, respectively, in other words less titania and
more silica are present. It is noteworthy that at 1373 K
(1100 �C), the thickness of the duplex layer varies from
70 to 110 lm and is, thus, partially up to eight times
thicker than the protective borosilicate layer formed on
Mo-9Si-8B after 72 hours of exposure time (Figure 5(c)
and (d)). With prolonged oxidation time and/or increas-
ing temperature, the duplex layer formed on the Ti-
containing silicide alloys becomes thicker and more
porous. After 100 hours of oxidation at 1573 K
(1300 �C) (Figure 5(c)), the duplex layer on Mo-9Si-
8B-29Ti even reaches a thickness of 360 to 420 lm.
Samples sputtered with a porous, 300-nm thin Pt layer
before the oxidation revealed that the Pt marker is
located at the borderline between the outermost rutile
layer and the duplex layer (Figure 5(e)), indicating that
the rutile layer grows through the outward diffusion of
Ti cations, whereas the duplex layer expands through
enhanced inward diffusion of oxygen.



(measurable) strain rate of 10�9 s�1 for the most easily
deformed orientation ([021] with slip on [001](010)) at a
temperature of 1773 K (1500 �C) and a stress of
300 MPa. These experimental conditions (temperature
and stress) are much higher than the highest ones
investigated in the present study. Therefore, the
Mo(Ti)5SiB2 phase in the present alloys should not
deform during creep, particularly if there is additional
strengthening due to titanium in this phase compared to
the Ti-free T2 phase of Ito et al.[37]

The strain rate of monolithic Ti5Si3 at 1473 K
(1200 �C) was reported to be approximately 10�6 s�1

at 100 MPa and, assuming power law creep, the stress
exponent n = Dlog_e/Dlogr was found to be 3.[38] Hence,
the strain rate of pure Ti5Si3 is two orders of magnitude
higher than the strain rate of both alloys investigated
here. Therefore, the Ti(Mo)5Si3 phase is believed to
participate in the creep process.
In Figure 7(a), the stress exponent n was determined

to be between 3 and 3.5, indicating a dislocation climb-
controlling creep mechanism in both alloys. Taking this
observation and the above-discussed deformability of
Mo(Ti)3Si and Ti(Mo)5Si3 at these temperatures into
account, a plausible reason for why the two alloys show
comparable creep behavior can be inferred. For
Mo-12.5Si-8.5B-27.5Ti and Mo-9Si-8B-29Ti, the vol-
ume fractions of Mo solid solution are around 38 and
61 pct, respectively, while the volume fraction of
Ti(Mo)5Si3 is nearly identical in both alloys. Since the
Mo-12.5Si-8.5B-27.5Ti alloy also contains the Mo(Ti)3-
Si phase, the volume fractions of the deformable phases
at the creep temperatures, namely, Mo solid solution,
Mo(Ti)3Si, and Ti(Mo)5Si3, are virtually the same in
both alloys, as seen in Table II.
To verify the above-stated microstructural stability

during creep, the microstructures and respective phase
distributions were determined after creep and are
tabulated in Table II. Moreover, Figure 8 represents a
SEM micrograph of Mo-12.5Si-8.5B-27.5Ti after 15 pct
strain at 1573 K (1300 �C) and 300 MPa. There was no
evidence of significant microstructural coarsening or of
a change in the phase distribution confirming the

Fig. 6—Logarithmic strain rate vs true strain at 1573 K (1300 �C) for (a) Mo-12.5Si-8.5B-27.5Ti and (b) Mo-9Si-8B-29Ti. Filled circles indicate
the points at which the minimum strain rates were determined for further evaluation in Figs. 7 and 9.

the curves, were determined for each test condition and
are plotted as a function of the applied stresses in
Figure 7. Typically, minimum creep rates in Figure 6
were attained after a substantial drop in creep rate
during the primary transient at strains>0.02. Thereaf-
ter, only little strain rate acceleration (less than a factor
of two) takes place up to the maximum recorded strain
of about 5 pct. Especially when compared to single-
crystalline Nickel-base superalloys with their pro-
nounced microstructural changes during creep such as
rafting,[33] this indicates a relatively stable microstruc-
ture of the present alloys and close to steady-state creep
conditions.

Furthermore, both alloys show comparable creep
resistance at the two investigated temperatures of
1473 K and 1573 K (1200 �C and 1300 �C). This finding
was somewhat unexpected, since Mo-9Si-8B-29Ti has a
much lower content of intermetallic phases and only a
slightly coarser microstructure. Assuming power law
creep, the creep behavior of most metals is dominated by
the dislocation density established in the steady-state
creep regime, rather than by the grain size.[34] As the Mo
solid solution is known to be the phase with the lowest
creep resistance,[18,34,35] it is assumed to be the main
carrier of high-temperature plastic deformation. Thus,
one may expect the creep behavior to depend strongly
on the volume fraction of intermetallic phases, which is,
however, not the case here. Additionally, Meyer et al.[18]

reported that, at temperatures ranging from 1493 K to
1593 K (1220 �C to 1320 �C), Mo3Si shows a high
dislocation density as compared to the intermetallic
phases T1 and T2 in their investigated alloy. The
observed polygonization in Mo3Si was interpreted as
evidence for a dislocation climb-controlled deformation
mechanism. Rosales and Schneibel[36] measured the
0.2 pct offset yield strength of single-phase Mo3Si and
found it to be approximately 100 MPa at a temperature
of 1673 K (1400 �C) and strain rate of 10�5 s�1. For all
the above reasons, we believe that the Mo(Ti)3Si phase
also participates in the plastic deformation process.

The creep behavior of T2 single crystals was investi-
gated by Ito et al.[37] They reported a very low



T2 single crystal (740 kJ/mol[37]). However, the course of
the squared data points may alternatively suggest a
change in deformation mechanism at around 1523 K
(1250 �C) with a low temperature branch exhibiting
similar activation energy than that obtained for the
other alloy and a high-temperature branch for which
the slope would come close to the activation energy of
the T2 phase. Detailed future TEM investigations on
creep-deformed samples will be needed to shed light on
this open issue.
In Figure 9, the creep behavior of the Mo-9Si-8B-

29Ti alloy at 1473 K (1200 �C) is compared to differ-
ently processed two- and three-phase Mo-Si-B alloys
and a Ni-base single-crystalline superalloy CMSX-4. It
is noteworthy that CMSX-4 has inferior creep resistance
compared to all the Mo-Si-B alloys, but not surprising
because the chosen creep temperature of 1473 K
(1200 �C) is close to the solvus temperature of the c¢
phase in CMSX-4. Hence, a substantial decrease in the

Fig. 7—(a) Double logarithmic plot of minimum strain rate vs applied stress at 1473 K and 1573 K (1200 �C and 1300 �C) and (b) Arrhenius
plot at 200 MPa.

Fig. 9—Double logarithmic plot of minimum strain rate vs applied
stress at 1473 K (1200 �C) for Mo-9Si-8B-29Ti compared to other
Mo-Si-B alloys and the single-crystalline Ni-base superalloy
CMSX-4.

Fig. 8—SEM BSE micrograph of Mo-12.5Si.8.5B-27.5Ti after 15 pct
compressive creep strain at 1573 K (1300 �C) and 300 MPa.

assumption of microstructural stability due to sluggish
diffusion. This is also in accord with earlier findings of
Sakidja et al.[34] and Jéhanno et al.[39]

Finally, activation energies for creep were determined
at a stress of 200 MPa using the slope of the Arrhenius
plot, presented in Figure 7(b). Values of 549 ± 120 kJ/
mol for Mo-12.5Si-8.5B-27.5Ti (square symbols) and
348 ± 54 kJ/mol for Mo-9Si-8B-29Ti (triangles) were
obtained if a single deformation mechanism was
assumed to operate in the investigated temperature
region. The activation energy of Mo-9Si-8B-29Ti is not
that different from the activation energy for Mo self-
diffusion, Qsd = 405 kJ/mol,[40] indicating that bulk
diffusion of Mo atoms in the Mo solid solution matrix
might play the major role in creep deformation of this
alloy. A similar behavior was observed by Jéhanno
et al.[35] in an ultrafine grained Mo-Nb-Si-B alloy. The
high value for Mo-12.5Si-8.5B.27.5Ti may be consistent
with the assumption of multiphase deformation in this
four-phase alloy, because its activation energy, while
significantly exceeding the activation energy for Mo self-
diffusion (405 kJ/mol[40]), is much lower than that of a



alloy. Combined with the beneficial density reduction of
around 18 pct relative to the reference alloy without Ti,
to values even below those of Ni-base superalloys, the
high-temperature properties measured so far are encour-
aging and motivate further investigations into (i)
mechanical behavior, e.g., ambient temperature fracture
toughness and deformability, and (ii) oxidation resis-
tance at elevated temperatures if it is possible to
suppress the hexagonal Ti(Mo)5Si phase responsible
for the formation of a relatively porous duplex layer
with titania matrix.
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a b s t r a c t

High temperature oxidation behavior of a Mo–9Si–8B (at.%) alloy containing 0.2 and 2 at.% La was studied

between 750 and 1400 �C in static air. Isothermal thermogravimetric analysis for up to 72 h indicated a

significant improvement in the oxidation resistance of the 2La-alloyed material in the 750–1000 �C tem-

perature range. The oxide layers characterized by XRD, SEM, EDS, and FIB-TEM revealed the formation of

more stable lanthanum–molybdates (xLa2O3�yMoO3), which reduces the evaporation of MoO3 below

1000 �C. The thickness data obtained for the external scale and the inner oxidation layers indicated a

reduction of inward diffusion of oxygen with higher La concentrations.

� 2014 Elsevier Ltd. All rights reserved.

1. Introduction

The research activities for developing new materials suitable for

application temperatures (>1200 �C) beyond the capability limit of

nickel-based superalloys are pursued worldwide. The refractory

metal (Nb, Ta, Mo, W, and Re) based materials became the obvious

choice as these metals possess high melting temperatures, greater

than 2400 �C. However, the pure refractory metals suffer from

insufficient creep strength and catastrophic oxidation at high

temperatures. The efforts to improve the high temperature creep

properties and fracture toughness of the material led to the

development of alloys such as Nb–1Zr, Nb–1Zr–0.1C (PWC-11),

Nb–10Hf–1Ti (C-103), Mo–0.5Ti–0.1Zr–0.02C (TZM), Mo–30W,

Ta–10W and W–3Re [1–3]. These alloys exhibit favorable mechan-

ical properties, and good compatibility with acidic medium, alka-

line metals, and other liquid metals [1,4–7]. However, they have

very poor oxidation resistance at higher temperatures due the

non-protective nature of the oxide scales. Silicides of Nb and Mo

show the most attractive behavior with respect to high tempera-

ture oxidation resistance, and therefore, these materials are stud-

ied intensively [8–25]. Amongst these materials, the Mo–Si–B

alloy [12–25] is the most promising candidate comprising of a

three phase Moss (molybdenum solid solution) – Mo5SiB2 (T2) –

Mo3Si (A15) microstructure, which is stable up to temperatures

of about 1600 �C in non-oxidizing environment. The volume

fraction of the individual phase in the alloy is dependent on the

composition and hence the properties of interest. The Mo–9Si–8B

(at.%) alloy consists of about 55% Moss, 26% T2 and 19% A15 phases

and exhibits balanced mechanical and oxidation properties at high

temperatures [26,27].

The oxidation mechanisms of Mo–Si–B alloy at different tem-

perature regimes are well documented in the open literature

[28–32]. The alloy shows a good oxidation resistance beyond

1050 �C. A protective borosilica scale forms on the alloy surface

in this temperature regime, and the thermogravimetric analysis

indicate a transient weight loss in the initial period of oxidation

due to the spontaneous evaporation of MoO3 followed by a steady

state with marginal rate of weight loss [28–31]. The viscous sinter-

ing of the oxide scale closes the pores formed due to the evapora-

tion of MoO3 at the transient stage, and forms a passive layer. The

addition of a sufficient quantity of boron (B) in molybdenum sili-

cide leads to such a protective scale development. B-addition has

also been proved to eliminate catastrophic failure of molybdenum

silicides (Mo5Si3) due to pest oxidation at 800 �C [33]. In the case of

the Mo–9Si–8B alloy, the concentration of Si is much lower com-

pared to the stoichiometric Mo5Si3 and MoSi2 compounds. The

presence of boron is reported to enhance the growth kinetics of sil-

ica at the transient stage of oxidation at 1100 �C [32]. However, the

slower reaction kinetics for silica on the Mo–9Si–8B alloy leads to

the development of a boron (or B2O3)-rich silica scale formation,

which possesses a very low viscosity at 800–950 �C [28]. Conse-

quently, a higher permeation rate of oxygen causes the formation

and the volatilization of MoO3 by bubbling or channeling through

the low viscosity oxide scale. The oxidation resistance of the
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0010-938X/� 2014 Elsevier Ltd. All rights reserved.

⇑ Corresponding author at: Materials Processing Division, Bhabha Atomic

Research Centre, Trombay, Mumbai 400085, India.

E-mail addresses: sanjib@barc.gov.in, sanjib731@gmail.com (S. Majumdar).

Corrosion Science 88 (2014)

Contents lists available at ScienceDirect

Corrosion Science

journal homepage: www.elsevier .com/locate /corsc i



2. Experimental procedure

Two alloy compositions comprising of Mo–9Si–8B–0.2La and

Mo–9Si–8B–2La (at.%) were produced using mechanical alloying

of the elemental powder mixtures of Mo, Si, B, and La of 99.95%,

99.9%, 99.6% and 99.89% purity (Alfa Aesar make), respectively.

The initial manual mixing of the elemental powder was done inside

a glove box containing inert argon atmosphere. To minimize the

contamination from oxygen, the filling-up of the powder mix inside

the WC lined stainless steel pots, and the subsequent fixing of the

top cover of the pots were carried out inside the glove box. WC-ball

to powder weight ratio (BPR) was maintained at 12:1, and plane-

tary ball milling was conducted for 10 h using a Retsch PM 400

machine. Spark plasma sintering (SPS) schedule was optimized

for consolidation of the alloy powder to obtain a high density prod-

uct. The first step of heating of the alloy powder inside a graphite

die was carried out at 1100 �C applying a heating rate of 100 �C/

min, and the compact was soaked at this temperature for 15 min

to remove gaseous impurities. The final stage of sintering was con-

ducted at 1600 �C for 15 min applying a pressure of 50 MPa through

graphite rods. Sintered material was cooled to room temperature at

a very fast rate (150 �C/min), and a final stage of grinding treatment

was applied to remove the carbon layers from the surfaces.

The sintered alloys were characterized using density measure-

ment, X-ray diffraction (XRD), scanning electron microscopy

(SEM), energy dispersive spectrometry (EDS), and electron back

scattered diffraction (EBSD) to evaluate the compositions, the

microstructures, and the phase formation. The samples were pre-

pared by metallographic polishing followed by electro-polishing

using the electrolyte comprised of 12.5 vol% methanol–87.5 vol.%

H2SO4. Electro-polishing was carried out using LectroPol 5 (Struers)

maintaining a bath temperature of 1 �C with the applied potential

of 20 V for 20 s. For oxidation tests, the specimens of dimensions

5 mm � 3 mm � 2 mm were prepared using diamond wheel. The

specimens were ground to 500-grit size SiC embedded paper and

cleaned in ethanol. The oxidation behavior was studied under iso-

thermal conditions applying continuous thermogravimetric analy-

sis (TGA). TGA was carried out in static laboratory air at selected

temperatures between 750 and 1300 �C for up to 72 h using a Rubo-

therm tailor-made magnetic suspension balance with a resolution

of 1 lg and automatic electronic drift compensation. For confirming

the weight change data of TGA and characterizing the oxide scale at

intermediate exposure times, the separate isothermal oxidation

experiments were also conducted using the resistance heating muf-

fle type furnaces in static air at selected temperatures.

The surface of the oxidized specimens was characterized using

XRD, SEM and EDS. The cross-section of the oxide scale was studied

using SE and BSE imaging coupled with EDS analysis. Before observ-

ing the cross-section of the oxide layers, the samples were coated

with pure nickel using electrolytic deposition technique. The nickel

coating was provided to avoid the possible damage of the outer

oxide layers during metallographic grinding and polishing stages.

For understanding the oxidation mechanisms at the initial stages

of oxidation, suitable TEM samples were prepared from the oxidized

specimens using focused ion beam (FIB) milling in a dual beam SEM

of the type Helios Nanolab 600 FE-SEM (FEI). TEM (Hitachi 8100)

analysis of the FIB thinned specimens was carried out to observe

the interface between the oxide scale and the substrate alloy.

3. Results

3.1. Microstructures

Fig. 1(a) and (b) shows the SEM images obtained from the elec-

tro-polished surfaces of the sintered Mo–9Si–8B–0.2La and Mo–

9Si–8B–2La alloys. The faster heating and cooling rates applied in

SPS process produced fine-grained microstructures for both mate-

rials. The BSE microstructure (Fig. 1a) of Mo–9Si–8B–0.2La alloy

indicates the presence of Moss (bright contrast) grains along with

T2 (black contrast) and A15 (grey contrast) grains. The detailed

EBSD analysis with the different phase mapping is presented else-

where [49]. The average grain size varies between 0.6 and 0.7 lm.

The fine La-rich precipitates are distributed at the grain/phase

boundaries as well as in grain interiors. Fig. 1(b) represents the

BSE image of electro-polished Mo–9Si–8B–2La alloy surface. Coars-

ening of the lanthanum rich phase in the three phase Moss–T2–A15

microstructure is observed. The average grain size of this material

is found to be 1.5–2 lm. The size of the pores appeared as black

dots/areas is much higher for the 2La-alloyed materials (Fig. 1b)

as compared to the 0.2La-added alloy (Fig. 1a). Although, the elec-

trolytic polishing step could generate more pores at the inter-

phase boundaries near the existing pores, the density of 2La-

alloyed material was found to be lower compared to that of

0.2La alloy. For studying the microstructure of the 2La-alloyed

material more effectively, a thin specimen was milled out from

the mechanically polished surface using focused ion beam milling.

Fig. 1(c) shows the cross-section of the FIB milled surface, with the

deposited platinum on the top and copper grid at the bottom. The

magnified SE microstructure after a further ion beam polishing of

the sample is presented in Fig. 1(d). Moss grains have the highest

grain-size, whereas the A15 phase has the lowest grain size. A var-

iable size of the La-rich areas could be observed in Fig. 1(d). The

detailed EDS analysis indicates the presence of a higher amount

of oxygen in these La-rich areas. However, Mo and Si were not

found to be present in these regions. Therefore, these areas might

consist of La and La2O3 phases. La has a very low solubility

(�0.07 at.%) in Mo [50], and the segregation or partitioning of La-

rich phase indicates a low solubility limit of La in other two phases

(T2 and A15), too. The formation of complex oxides such as lantha-

num silicate could not be denied, which needs further investiga-

tions using advanced characterization techniques.

3.2. Isothermal oxidation

The oxidation tests were carried out under isothermal condi-

tions at five different temperatures between 750 and 1300 �C in

Mo–Si–B alloys is the worst at 650–750 �C, where the evaporation
of MoO3 is initiated and a silica layer does not yet form [16].

The alloying of reactive and rare earth elements such as Ti, Zr,

Hf, La, Ce and Y in proper quantities proves to enhance the oxida-

tion resistance of alumina scale forming alloys such as Fe–Al [34–

38] and Ni–Al [39–41]. These elements oxidize simultaneously

along with the base element (Al). As a consequence, the growth

rate of the protective alumina scale is reduced, and an improve-

ment in the scale adhesion is also reported [42]. The effect of these

elements on silica scale forming alloys is not well understood,

which could be due to the complex molecular structure of the ther-

mally grown amorphous silica layer. Niobium silicide based sys-

tems containing the elements like Ti, Hf are studied for their

mechanical behavior and oxidation performance [43–45]. The oxi-

dation behavior Ti alloyed Mo–Si–B was reported elsewhere

[46,47]. Our earlier studies [27,48] indicated that the addition of

Y could improve the oxidation resistance of Mo–Si–B at 750–

950 �C. Doping of La2O3 in Mo–Si–B showed encouraging results

with respect to the oxidation resistance in 800–1000 �C [46]. In

the present investigation, attempts were made to study the oxida-

tion behavior of the Mo–9Si–8B alloy with the addition of 0.2 and

2 at.% La at the selected temperatures between 750 and 1400 �C.

The oxide scales were characterized to understand the mecha-

nisms, supported by thermodynamic considerations.



static laboratory air. The isothermal weight change data plotted

from the TGA measurements are presented in Fig. 2. At 750 �C,

the 0.2La-alloyed material shows a drastic weight loss like the

reference alloy (Mo–9Si–8B) from the initial period of exposure.

However, the Mo–9Si–8B–2La alloy experiences a different kind

of oxidation behavior at 750 �C. The alloy shows a transient weight

loss for the initial 3 h (inset at 750 �C in Fig. 2) followed by a weight

gain until 27 h and a subsequent gradual loss of the weight (curve

2 at 750 �C). This result indicates that 2La-alloyed material pos-

sesses a much improved oxidation resistance at 750 �C for about

27 h. The transient weight loss is due to the spontaneous evapora-

tion of MoO3. The subsequent weight gain indicates that a protec-

tive silica-based oxide scale forms on the surface of the material,

which prevents the further loss of material. The weight gain behav-

ior of the rare earth element alloyed Mo–9Si–8B in 750–900 �C was

also observed earlier [27], which was caused by the linear growth

rate of the inner MoO2 layer. The gradual drop of the weight of the

2La-alloyed material at 750 �C after 27 h can be attributed to the

change in the outer scale structure (presented in the next section),

which leads to the permeation and evaporation of MoO3 through

the scale. At 900 �C, 0.2La-alloyed material (curve 1) shows a supe-

rior oxidation performance compared to the reference alloy (curve

3) for the initial 8 h, beyond which a gradual loss of weight is

observed. A drastic improvement in the weight change behavior

(curve 2) of 2La-alloyed Mo–9Si–8B is observed at 900 �C. The

weight change curve reaches the steady state after a transient

weight loss for the initial 4 h. This behavior indicates the formation

of a protective scale on the Mo–9Si–8B–2La alloy at 900 �C during

longer exposure times.

At 1000 �C, both 0.2La and 2La-alloyed materials experience

less amount of transient weight loss as compared to the reference

alloy. The TGA curves show a minimal weight loss rate of about

0.05 and 0.17 mg/cm2 h for 2La and 0.2La alloys, respectively, at

the steady state condition. Both the La-added materials indicate

superior oxidation resistance compared to the reference alloy at

1000 �C. The weight change behavior of 0.2La-alloyed material is

found to be identical with that of the reference material at

1100 �C. A transient weight loss due to MoO3 volatilization fol-

lowed a steady state oxidation for longer exposure times. Slightly

higher mass loss rate is observed for the 0.2La-alloyed material

compared to the reference material at steady state. The 2La-alloyed

material experiences a higher amount of weight loss compared to

the other two alloys after 72 h, although it exhibits less weight loss

for the initial 25 h of oxidation at this temperature (1100 �C). At

1300 �C, the TGA curve for 2La-alloyed material shows a drastic

drop in weight (curve 2, at 1300 �C in Fig. 2) from the initial stages.

This could be attributed to the presence of a higher porosity in the

as received sintered Mo–9Si–8B–2La alloy. However, the 0.2La-

alloyed material shows a transient weight loss (at 1300 �C) and

eventually a steady state behavior is reached as in observed for

the reference Mo–9Si–8B alloy. The amount of transient weight

loss for the 0.2La alloy is higher compared to that for the reference

alloy. However, both the materials show a comparable weight loss

rate (�0.1 mg/cm2 h) during the steady state at 1300 �C after 72 h.

3.3. Oxide scale

At 750 �C, no oxide scale formation was observed for the 0.2La-

alloyed material. Only powder oxide residue was obtained after

72 h of exposure of the material at this temperature. A similar oxi-

dation behavior was reported for the reference material [28,29].

Fig. 3(a) represents the image of the Mo–9Si–8B–2La alloy speci-

men after 72 h of exposure at 750 �C. The alloy specimen could

not retain the outer rectangular shape, and the visual observation

indicates that the scale formed at the outer surface had a very

low viscosity, which led to the run-over (like a liquid) of the top

oxide on the entire surface. The arrow in Fig. 3(a) indicates the

mark (line) left by the platinum wire, which was used to tie the

specimen before the test. The platinum wire seems to be

penetrated into the sample due to the formation of voluminous

Fig. 1. Back scattered electron images of electrolytically polished (a) Mo–9Si–8B–0.2La and (b) Mo–9Si–8B–2La samples showing three phase Moss–T2–A15 microstructure

with dispersed La-rich phase particles, (c) a lamella milled out from Mo–9Si–8B–2La sample surface using FIB and fixed on a Cu-grid, and (d) a magnified SE image of the ion

beam thinned specimen showing bright La-rich areas in the three phase alloy.



corrosion products inside and a low viscosity scale on the surface.

Other cavities observed on the surface (Fig. 3a) were probably gen-

erated during the removal of the platinum wire. EDS analysis

reveals that the outer scale consists primarily of silica based

composition. The distribution of many bright oxide particles

enriched with Mo (�48 at.%) and La (�22 at.%) was observed

(Fig. 3a, analyzed at higher magnification) on the silica surface.

The low viscosity scale flowed over the surface, which led to the

change in shape of the 0.2La alloyed material after 72 h of isother-

mal oxidation at 900 �C (Fig. 3b). The arrow in Fig. 3(b) indicates

the mark of the platinum wire trapped inside the scale. The corners

of the specimen got rounded off due the higher rate of evaporation

loss of MoO3 from these regions. 2La-alloyed Mo–9Si–8B shows a

drastic improvement at 900 �C even after 72 h of exposure in air.

The sample retains its original shape, and the cross-sectional BSE

image of the specimen is presented in Fig. 4(a). The discontinuous

outermost brighter phase marked as ‘1’ in Fig. 4(a) consists of a La

(�23 at.%) and Mo (35 at.%) based oxide. The subsequent continu-

ous layer (marked as ‘2’) is identified as a silica rich oxide, which is

mainly responsible for the superior oxidation resistance of the Mo–

9Si–8B–2La alloy at 900 �C. The innermost layer (marked as ‘3’) is

composed mainly of MoO2, which is further confirmed by the

XRD analysis. Presence of a Ni layer outside of the oxide layers

could be found in most of the cross-sectional micrographs. Fig. 5

shows the elemental distribution of Mo, Si, La, and O along the

cross-section of the 2La-alloyed specimen oxidized at 900 �C.

Presence of La could be observed in the outermost discontinuous

layer and also at the interface between the inner MoO2 layer near

and the SiO2 layer. La-rich oxide shows a needle-like structure

located near the interface between MoO2 and SiO2 (Fig. 5).

Fig. 2. TGA plots showing the isothermal weight change behavior of La-alloyed Mo–9Si–8B during oxidation in static air. The weight change data for reference Mo–9Si–8B

alloy are also plotted for comparisons [27].



Internally oxidized SiO2-rich particles are also observed in the

inner MoO2-rich layer.

Fig. 4(b) represents the cross-sectional BSE image of a

2La-alloyed Mo–9Si–8B specimen tested for oxidation at 1000 �C

for 72 h. A thin and continuous silica phase at the outer scale fol-

lowed by a thick MoO2 layer is detected. A separate layer marked

as the internal oxidation zone (IOZ) is also formed between the

alloy substrate and the MoO2 rich layer. The detailed elemental dif-

fusion obtained by EDS mapping along the interface is presented in

Fig. 6. The La ions mostly diffuse towards the interface between the

outer scale and the MoO2-rich layer. The fine size oxide precipi-

tates rich in La are present in the outer silica-rich scale. The LaLa
map in Fig. 6 clearly shows the distribution of La in the substrate

(Mo–9Si–8B–2La) alloy, too. Internally oxidized silica-rich particles

are found to be present in the MoO2 layer and IOZ (Figs. 4b and 6).

It should be noted here that the thickness of the silica-rich scale

formed at 1000 �C (Fig. 4b) is much thinner compared to that

observed at 900 �C (Fig. 4a) for the identical period of exposure

in air. This indicates a change in the mechanisms of oxidation

between 900 �C and 1000 �C, which is discussed in the next sec-

tion. The thicknesses of the different layers observed after oxida-

tion tests of the two alloys at selected temperatures are

presented in Table 1.

No protective scale is formed on the Mo–9Si–8B–0.2La alloy at

750 and 900 �C for longer exposure times in air. However, the alloy

shows a superior oxidation behavior beyond 1000 �C. Fig. 7(a) and

(b) shows the representative cross-sectional BSE images of 0.2La-

alloyed specimens oxidized at 1000 �C and 1300 �C. The outer

layer, consisting of a silica-rich scale and a thin MoO2 intermediate

layer followed by an IOZ, is observed at 1000–1300 �C. The

individual layer thicknesses are tabulated in Table 1. Although

the X-ray peaks for boron was observed, EDS analysis is unable

to detect the boron content of the outer scale accurately. It is

well-known that evaporation of boron starts from 950 �C [28].

Therefore, the amount of boron in the outer scale is reduced dras-

tically at higher temperatures. However, considering the presence

of boron in the outer layer, it is named as either silica-rich or boro-

silica. It could be noticed from Table 1 that the thickness of the

outer scale for the 0.2La-alloy is much higher than that of the

2La-alloy at 1000 and 1100 �C for 72 h of exposure in air. On the

contrary, the thicknesses of the subsequent inner layers are

reversed for these two materials. At 1300 �C, a thick (�100 lm)

outer silica-rich layer (Fig. 7b) is formed after 72 h of exposure,

and the thickness of the IOZ is also found to be relatively high.

The distribution of the elements near the outer scale of Mo–9Si–

8B–0.2La at 1300 �C is presented in Fig. 8, which shows an enrich-

ment of La-containing oxide particles at a very thin region of the

outer silica-rich layer. The consequence of La diffusion is also

detected at the interfaces of the IOZ/MoO2. Fig. 9 shows a represen-

tative SE image of the oxidized surface of Mo–9Si–8B–0.2La alloy

formed at 1000–1200 �C. The surface shows the formation of a

smooth silica layer with embedded La-rich dispersed oxide parti-

cles (bright). Fig. 10(a) shows the surface morphology of the oxides

formed on the Mo–9Si–8B–2La alloy at 900 �C after 72 h. EDS anal-

ysis reveals that the brighter phase is composed of a lanthanum–

molybdate phase and the darker matrix phase is silica-rich. This

discontinuous bright phase is also detected in the cross-sectional

analysis (Figs. 4a and 5). A similar surface morphological character-

istic is observed at 1300 �C (Fig. 10b) on the Mo–9Si–8B–0.2La

alloy. However, the brighter oxide formed at 1300 �C is identified

Fig. 3. (a) SE image showing the outlook of a Mo–9Si–8B–2La sample oxidized at 750 �C for 72 h, and (b) SE image showing the outlook of a Mo–9Si–8B–0.2La sample

oxidized at 900 �C for 72 h in static air. The arrows indicate the impression of the platinum wire moved inside the surface due to the formation of the low-viscosity boron-rich

oxides.

Fig. 4. Cross-sectional BSE image showing the interface of different oxide layers with the Mo–9Si–8B–2La alloy substrate isothermally oxidized at (a) 900 �C for 72 h and (b)

1000 �C for 72 h.



as a lanthanum–silicate phase. The darker phase consists of silica-

rich layer. The entirely different morphologies of the bright oxide

phases formed at 900 �C and 1300 �C (Fig. 10a and b) also indicate

the formation of two different oxides, namely lanthanum–molyb-

date and lanthanum–silicate, respectively. As shown above, the

alloy Mo–9Si–8B–2La suffers a drastic weight loss at 1300 �C.

Fig. 11(a) showing the surface morphology of a 2La alloy oxidized

at 1300 �C for 23 h indicates the formation of cracks and holes on

the oxide surface, which act as channels for the evaporation of

MoO3. A higher amount of Mo was detected in the bright oxide

phase floated on the surface (Fig. 11a). The cross-sectional micro-

structure of a Mo–9Si–8B–2La alloy oxidized at 1200 �C for 2 h is

presented in Fig. 11(b), which shows the presence of pores in the

outer oxide scale. The outer silica-rich (black) scale is not continu-

ous, and a partition or phase separation is observed between the

silica and the bright oxide phase consisting of Mo and La. The mis-

match of thermal expansion coefficient between these oxide

phases leads to the development of cracks during cooling. The

Mo–9Si–8B–0.2La alloy, however, shows a good oxidation resis-

tance in the high temperature regime. Formation of an outer sil-

ica-rich protective scale can be observed even at 1400 �C (Fig 12).

Fine lanthanum–silicate particles are present near the outer sur-

face of the silica scale, and the formation of a MoO2 inner layer

and the IOZ is also observed at this temperature.

4. Discussion

The oxidation mechanisms operating in the Mo–9Si–8B alloy in

different temperature regimes are understood to a significant

extent [17,18,27–33]. The T2 (Mo5SiB2) phase is mainly responsible

for the formation of a protective silica scale beyond 1050 �C, and it

also prevents pest oxidation of molybdenum silicide at intermedi-

ate temperatures of around 800 �C. The probable reactions which

could occur at the surface of the Mo–9Si–8B–La alloy during its

exposure in an oxidizing environment at high temperatures are

listed below.

Mo5SiB2 þ 10O2 ! 5MoO3 þ SiO2 þ B2O3 ð1Þ

2Mo5SiB2 þ 15O2 ! 10MoO2 þ 2SiO2 þ 2B2O3 ð2Þ

2Mo5SiB2 þ 5O2 ! 10Mo þ 2SiO2 þ 2B2O3 ð3Þ

2Mo3Si þ 11O2 ! 6MoO3 þ 2SiO2 ð4Þ

Mo þ O2 ! MoO2 ð5Þ

2MoO2 þ O2 ! 2MoO3 ð6Þ

4La þ 3O2 ! 2La2O3 ð7Þ

La2O3 þ SiO2 ! La2SiO5 ð8Þ

xLa2O3 þ yMoO3 ! xLa2O3:yMoO3 ð9Þ

La2O3 þ B2O3 ! 2LaBO3 ð10Þ

Fig. 5. SE image and the corresponding area X-ray (EDS) maps for different elements distributed along the cross-section of the Mo–9Si–8B–2La specimen oxidized at 900 �C

for 72 h.



The standard free energy change values for the formation of all the

elemental oxides at standard oxygen partial pressure are calculated

between 600 �C and 1400 �C using Factsage software and plotted in

Fig. 13. The values for the other rare earth (RE) element yttrium (Y)

are also presented for comparison. The oxide with higher to lower

thermodynamic stability is sequenced as Y2O3 > La2O3 > SiO2 > B2-

O3 > MoO2 > MoO3. However, the actual concentration of the ele-

ment in the alloy system as well as the diffusion aspects

determines the growth kinetics of the individual oxides. Due to

higher concentration of silicon and more favorable free energy of

formation, the silica phase is formed first. Subsequently, the contin-

uous diffusion of oxygen through the outer silica layer leads to the

formation of MoO2 inner layer as the activity of Mo is very high at

the interface. The partial pressure of oxygen is reduced further at

the interface between the substrate and the inner MoO2 layer. The

more active element silicon gets internally oxidized at the substrate

and MoO2 interface due to very low oxygen partial pressure,

thereby forming an internal oxidation zone (IOZ). Thermally grown

silica undergoes a structural transition between 950 and 975 �C

[51], and the growth kinetics of the silica scale is inherently slow

below this temperature. In the case of the Mo–9Si–8B alloy, a thin

silica layer is formed at the initial stage due to the presence of boron

oxide which is reported to enhance the growth rate of silica at 800–

900 �C. However, as the exposure time increases, the scale gets

Fig. 6. SE image and the corresponding area X-ray maps for different elements distributed along the cross-section of the Mo–9Si–8B–2La specimen oxidized at 1000 �C for

72 h.

Table 1

Experimentally measured thickness of different layers formed on the La-alloyed Mo–Si–B samples after isothermal oxidation at selected temperatures.

Alloy Temperature of oxidation (�C) Time (h) Thicknesses (in lm) of oxidation layers

Outer Silica based layer Inner MoO2 layer Inner oxidation zone (IOZ)

Mo–9Si–8B–2La 900 72 44 79.6 0.5

1000 72 2.4 61 11.7

1100 72 5 72.6 27

Mo–9Si–8B–0.2La 1000 72 20.5 12.6 5.2

1100 72 40.3 22.5 11.2

1300 72 101 24.1 86.3



enriched with more amount of boron oxide, thereby reducing the

viscosity of the scale to such an extent that the scale runs over

the surface. The inward diffusion of oxygen is also increased which

leads to the formation and evaporation of MoO3 (as per reactions 1,

4 and 6), which bubbles through the low viscosity scale. The spec-

imen loses its original shape and, after a longer time of exposure,

appears as shown in Fig. 3. The 0.2La-alloyed specimen shows an

improvement at the initial stages at 900 �C, however, the La

concentration could be too low (0.2 at.%) to cause any significant

improvement in the protective scale formation for a longer period

of oxidation. The 2La-alloyed material shows a drastic improvement

in oxidation resistance at 900 �C (TGA curve 2 at 900 �C in Fig. 2).

For a better understanding of the mechanism at the early stage of

oxidation, the Mo–9Si–8B–2La alloy specimen was oxidized at

900 �C for 15 min, and a thin sample was milled perpendicular to

the oxidized surface using FIB (Fig. 14a). The cross-sectional SEM

Fig. 7. Cross sectional BSE images obtained from Mo–9Si–8B–0.2La alloy oxidized isothermally at (a) 1000 �C for 72 h and (b) 1300 �C for 72 h.

Fig. 8. SE image near the outer oxide scale and the corresponding area X-ray maps for different elements distributed along the cross-section of the Mo–9Si–8B–0.2La

specimen oxidized at 1300 �C for 72 h.



image of the specimen after performing some stages of ion beam

polishing is presented in Fig. 14(b), which clearly indicates the for-

mation of a thin continuous scale on the top followed by an inner

oxidation area and the substrate grains. Fig. 15(a) shows a bright

field TEM micrograph of the overall cross-section. The outermost

layer appearing as bright phase was found to be composed of an

amorphous silica-rich phase. The area of the outer layer showing

fine particle (appearing dark) has been magnified (marked by

arrow) and presented in Fig. 15(b). The selected area diffraction pat-

tern obtained from the point marked as ‘1’ in Fig. 15(b) is presented

in Fig. 15(d). The big bright spot at the center of the diffraction pat-

tern indicates the presence of an amorphous matrix, whereas the

analysis of the other fine diffraction spots confirms the existence

of a cubic La6MoO12 (3La2O3�MoO3) oxide phase appearing as dark

particles in the silica matrix. The inner oxidation area is found to

be composed of the grains (or phases) with different contrasts

(Fig. 15a). The diffraction pattern (Fig. 15e) obtained from the fine

dark grains located at point ‘2’ in Fig. 15(a) indicate a hexagonal

La2O3 phase. The SAD pattern (Fig. 15f) at point ‘3’ (in Fig. 15a) con-

firms the formation of monoclinic MoO2 grains beneath the outer

silica-rich scale. Fig. 15(c) is a magnified area of Fig. 15(a), which

clearly shows the boundary line (marked by two arrows in

Fig. 15c) between the inner oxide (mainly MoO2) phase and the sub-

strate alloy grains of Moss–T2–A15. The boundary line (in Fig. 15c)

Fig. 9. SE image showing a typical oxidized surface observed on the Mo–9Si–8B–

0.2La alloy at 1000–1200 �C.

Fig. 10. SE images showing the different morphologies of the surface oxides formed (a) on the alloy Mo–9Si–8B–2La after 72 h oxidation at 900 �C, and (b) on the alloy Mo–

9Si–8B–0.2La alloy after 72 h oxidation at 1300 �C.

Fig. 11. (a) SE image showing the oxidized surface of a Mo–9Si–8B–2La specimen at 1300 �C for 23 h, and (b) cross-sectional BSE image indicating a porous oxide scale

formation on the same material at 1200 �C for 2 h of oxidation.

Fig. 12. BSE image indicating the cross-section of a Mo–9Si–8B–0.2La alloy

oxidized at 1400 �C for 2 h in static air.



is analogous to an oxidation front which moves inwardly by con-

suming the grains of the parent alloy, and therefore, the inter-phase

boundary between the alloy grains disappears gradually. The bright

region present in the inner oxidation area is found to be an inter-

nally oxidized amorphous silica-rich phase, which is also present

at the grain/phase boundaries of the alloy substrate near the inter-

face. The formation of the bright particles leading to an increase of

the width or splitting of the grain/phase boundaries (Fig. 15a and c)

near the inner oxidation zone indicates that the grain/phase bound-

aries are the preferred path for diffusion processes in the multi-

phase Mo–9Si–8B–2La alloy.

The oxide phases MoO2 (PCPDF No. 781072), La2O3 (PCPDF No.

831355) and La6MoO12 (PCPDF No. 241087) identified by selected

area diffraction analysis in TEM were also observed by X-ray dif-

fraction experiments carried out on the surface of the Mo–9Si–

8B–2La alloy specimen oxidized at 900 �C for 15 min (Fig. 16).

The XRD peaks from the parent Mo phase are observed because

the thickness of the oxide layers is small for such a short oxidation

time. The presence of B2O3 (PCPDF No. 731550), LaBO3 (PCPDF No.

761389), La2Mo3O12 (La2O3. 3MoO3, PCPDF No. 260821) and La10-

Mo2O21 (5La2O3.2MoO3, PCPDF No. 341018) oxide phases was

detected at 900 �C (15 min) by XRD analysis. Some of these oxide

phases are present after a longer exposure time (72 h) at 1000 �C

(Fig. 16). The binary oxide phase diagram of MoO3–La2O3 [52]

suggests that a number of compounds may form at different molar

ratios of La2O3 and MoO3 e.g. 1:3, 1:2, 3:1 etc., as described by reac-

tion 9. The La2O3-rich oxides such as 5La2O3�2MoO3 (La10Mo2O21)

and 3La2O3�MoO3 (La6MoO12) have cubic structure and possess

melting temperatures beyond 1500 �C. The monoclinic La2O3-

�3MoO3 (La2Mo3O12) phase is also stable up to 1020 �C. The La-rich

oxides form at a much faster rate as compared to MoO3. Therefore,

the formation of more stable lanthanum molybdates (xLa2O3-

�yMoO3) strongly reduces the formation and vaporization of

MoO3 from the Mo–9Si–8B–2La alloy at oxidation temperatures

below 1000 �C. The amount of boron released from these reactions

could lead to the formation of LaBO3 phase as per reaction 10. Fine

oxide (La2O3, La6MoO12 etc.) particles act as nucleation sites for sil-

ica, and therefore enhance the formation tendency of the protec-

tive silica-rich scale at the initial stages of oxidation of Mo–9Si–

8B–2La alloy. Formation of stable (La, Mo)-rich oxides releases

more amount of silicon for the outer silica-rich scale, and therefore

enhances the growth of the outer layer. These combined effects

cause the improvement of the oxidation resistance of La-alloyed

Mo–9Si–8B at 750–900 �C. A lesser transient weight loss was also

detected for both the La-alloyed Mo–9Si–8B at 1000 �C. It may be

concluded from Table 1 that the thickness of the outer silica layer

formed on the Mo–9Si–8B–2La alloy at 900 �C is higher than that

formed at 1000 �C. This behavior is also explained using the TGA

curves (Fig. 2), which show a higher transient weight loss at

900 �C (curve 2) compared to 1000 �C (curve 2). The inherent slug-

gish growth rate and defect structure [51] of thermally grown silica

formed below 950 �C causes evaporation of MoO3 particularly at

the initial stages, which leads to the release of more quantity of sil-

icon from T2 and A15 phases. The simultaneous reactions involving

the formation of xLa2O3�yMoO3 phases also push the excess silicon

(and boron) to the oxide scale, thereby forming a much thicker

silica-rich scale at 900 �C.

Beyond 1000 �C, the whole oxidation mechanism is changed

due to the faster kinetics of the silica formation, and defect-free

structure of silica [51]. The rate of boron evaporation is also

increased beyond 1000 �C, and the oxide scale attends a higher vis-

cosity which becomes sufficient to cover the whole surface of the

alloy making it more protective. Presence of silica (cristobalite)

phase is detected from the XRD peaks (Fig. 16) of Mo–9Si–

8B–2La oxidized at 1100 �C for 72 h. The 2La-alloyed material,

however, showed a drastic weight loss beyond 1200 �C. There are

two reasons behind this behavior: (1) the dissociation of La2O3-

�3MoO3 at higher temperatures leading to evaporation loss of

MoO3, and (2) the higher amount of porosity present in the sin-

tered alloy creating cracks in the outer scale due to larger volume

expansion at the pores at higher temperatures. The 0.2La-alloyed

Fig. 13. Calculated standard free energy change values for the formation of

different oxides (e.g. 4/3La + O2 = 2/3La2O3) for Mo–Si–B–La/Y systems at different

oxidation temperatures.

Fig. 14. (a) SE image showing the top view of a thin specimen just-milled using FIB on the surface oxidized at 900 �C for 15 min for a Mo–9Si–8B–2La specimen, and (b) the

cross-section of the ion beam milled specimen showing formation of different oxidation zones for the short time of exposure.



Mo–9Si–8B showed acceptable oxidation resistance from 1100 �C

until 1400 �C. The outer scale mainly consists of a protective sil-

ica-rich amorphous scale. It was studied earlier [53] that La2O3

promotes the formation of amorphous SiO2, and no phase separa-

tion is observed unlike in HfO2–SiO2 or ZrO2–SiO2 systems [53].

At high temperatures, lanthanum–silicate (La2SiO5 or La2Si2O7) is

formed, which is observed at 1300 �C after 72 h of oxidation of

the Mo–9Si–8B–0.2La alloy (Figs. 8, 10b). The lanthanum–silicate

oxide particles are found to be distributed in the outer silica-rich

layer, and no separate continuous lanthanum–silicate layer is

detected, as observed earlier for yttrium-containing Mo–9Si–8B

[27]. The activation energies for the growth of the outer silica-rich

layer in 1000–1300 �C calculated from the slope of thickness vs 1/T

plots (Fig. 17) are obtained as 109.8 kJ/mole and 87.9 kJ/mole for

Mo–9Si–8B–2La and Mo–9Si–8B–0.2La, respectively. These values

are close to the reported activation energy value (�122 kJ/mole)

for the diffusion of oxygen in fused silica at 850–1250 �C [54]. From

the thickness data (Table 1), it is concluded that a higher amount of

La reduces the growth rate of the externally oxidized protective sil-

ica layer beyond 1000 �C either by reducing the outward diffusion

of silicon or by reducing the inward diffusion of oxygen. The forma-

tion of La–Si–O precipitates is not observed in the internal oxida-

tion zone or at the interfaces, and therefore, the outward

diffusion of silicon should not be affected. This indicates that the

higher La-content reduces the inward diffusion rate of oxygen dur-

ing the process of oxidation of the Mo–Si–B–La alloy.

Fig. 15. (a) TEM bright field image of the FIB thinned (Fig. 14b) specimen indicating the outer oxide scale followed by the inner oxidation zone and substrate grains, (b)

magnified area in the outer scale showing the presence of fine precipitates in the amorphous oxide, (c) a magnified area near the substrate in which the arrows indicate the

line of the oxidation front, and (d), (e) and (f) selected area diffraction patterns corresponding to the areas indicated as 1, 2, and 3, respectively.

Fig. 16. XRD peaks obtained from the surface of Mo–9Si–8B–2La alloy specimens

tested for oxidation at different conditions.

Fig. 17. Temperature dependence of growth of the outer silica-rich oxide scale after

isothermal oxidation of Mo–9Si–8B–0.2La and Mo–9Si–8B–2La alloys for 72 h in

static air between 1000 and 1300 �C.



5. Concluding remarks

The detailed oxidation mechanisms of 0.2 and 2 at.% La-contain-

ing Mo–9Si–8B alloys studied at selected temperatures between

750 and 1400 �C in laboratory air indicate that La significantly influ-

ences the oxide layer formations. Three layers consisting of an outer

silica-rich layer followed by an inner MoO2 layer, and a subsequent

internal oxidation zone (IOZ) comprised of solute oxide precipitates

(e.g. SiO2) are observed after isothermal oxidation tests. At 750–

900 �C, the formation of La-containing stable oxides such as La2O3,

La2O3�3MoO3 and 3La2O3�MoO3 near the outer oxide layer reduces

the formation and evaporation loss of MoO3 from the Mo–9Si–8B–

2La alloy. A protective silica-rich scale is formed in this alloy after

a transient stage below 950 �C. The oxidation performance of

0.2La-alloyed material is found to be comparable with the reference

(Mo–9Si–8B) alloy at 1100–1300 �C. Lanthanum-silicate particles

are found to be distributed discontinuously in the outer silica scale

formed on the Mo–9Si–8B–0.2La alloy oxidized at 1300 �C for 72 h.

The 2La-alloy shows inferior oxidation performance beyond

1200 �C probably due to the presence of a high amount of porosity

in the as-sintered microstructure. The thickness data of the oxide

layers indicates that the inward diffusion of oxygen through the

outer scale is reduced due to the presence of La. Further investiga-

tion needs to be carried out to optimize the concentration of La

for maximizing the benefit of processing difficulties and optimizing

the oxidation resistance in the wide temperature regime.
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a b s t r a c t

Improving the efficiency of aerospace gas turbine engines requires materials that can be used at
increasingly higher temperatures in aggressive environments. This paper summarizes the current stage
of alloy development of MoeSieB-based and CoeReeCr-based alloys regarding the high-temperature
oxidation resistance. Since refractory metals, such as Mo and Re, suffer from catastrophic oxidation,
the main task of research is to find alloying elements that improve the oxidation behavior of these alloys.
For MoeSieB-based alloys, it was observed that an addition of Zr has a significant positive influence on
the oxidation resistance by reducing the time necessary for the formation of a protective borosilicate
layer. An addition of 0.2 at.% Y improves the viscous properties of the borosilicate increasing the pro-
tectiveness of the oxide scale. Macroalloying with Ti yields a strong positive effect on the oxidation
behavior and, in addition, notably reduces the density of MoeSieB-based alloys. In CoeReeCr-based
alloys, Cr is included to achieve favorable mechanical properties and to form a protective chromia layer
during oxidation. As a consequence of the synergetic effect of Cr and Si, an addition of 2 at.% Si signif-
icantly improves the oxidation behavior of the alloy. Al addition further promotes the formation of the
protective chromia layer at intermediate temperatures and exhibits the potential of the formation of a
protective alumina scale suitable for applications at very high temperatures. The critical evaluation of the
complex oxidation behavior of both metallic systems in a broad temperature range gives insight into the
underlying fundamental mechanisms, reveals the potentials of particular alloying elements and, thus,
guides future development of these material classes.

� 2013 Elsevier Ltd. All rights reserved.

1. Introduction

Research to increase the gas inlet temperature with the aim to
enhance the efficiency of gas turbines has been pursued worldwide
for several decades. The need to reduce CO2 emission has recently
provided an additional incentive to increase turbine efficiency. Gas
temperatures of the most efficient gas turbines are now at around
1400 �C, which represents an increase of about 100 �C within 30
years [1]. It is expected that gas temperatureswill rise further in the
future [2,3]. The need for metallic materials capable of reliable
applicability at even higher temperatures has created great interest
in high-melting alloys represented by the group of refractory
metals such as Nb, Ta, Mo, W. This interest has been lingering for

some decades leading to extensive research in order to develop
high-melting materials which should possess both good high-
temperature mechanical properties and high-temperature corro-
sion resistance. In the framework of the German Research Unit
“Beyond Nickel-Base Superalloys” [4], the MoeSieB-system and
CoeReeCr-system were proposed as promising in-situ metal
composites for further development as potential materials for high-
temperature structural applications.

It is a striking negative feature of refractory metals that they
suffer from a poor oxidation resistance, which strongly restricts
their extensive use in oxidizing atmosphere at high-temperatures.
In contrast to the overwhelming majority of non-refractory metals,
which form solid oxides as corrosion products, refractory metals
such as Mo, W and Re oxidize by forming liquid or gaseous oxide
phases. If an alloy substrate is not covered by a protective oxide
scale, the refractory metal as alloying constituent may oxidize and
subsequently evaporate from the bulk leading to catastrophic

* Corresponding author. Tel.: þ49 271 740 4653; fax: þ49 271 740 2545.
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2. Experimental

The reference alloy Moe9Sie8B as well as the alloy Moe9Sie
8Be1Zr were prepared from elemental powder mixtures of Mo, Si,
and B of 99.95%, 99.9%, 99.6% purity, respectively, using a me-
chanical alloying (MA) route. In the case of the alloy Moe9Sie8Be
1Zr, about 1 wt.% ZrH2 powder, which is reduced to about 1 at.% Zr

upon sintering, was added. After cold isostatic pressing, a homog-
enization process followed in a H2-atmosphere at 1500 �C. The
further compaction of the sintered material was applied by hot-
isostatic pressing at 1500 �C followed by annealing at 1700 �C
[15]. The alloy Moe9Sie8Be0.2Y was produced using MA of the
elemental powder mixtures of Mo, Si, B, and Y of 99.95%, 99.9%,
99.96%, and 99.9% purity, respectively. Unlike above, this mechan-
ically alloyed powder was subsequently consolidated using field
assisted sintering technique. For details see Ref. [16]. The alloyMoe
37Sie40Ti was prepared from Mo, Si, and Ti of 99.95%, 99.9%, and
99.5% purity, respectively, by an arc-melting process route.
Annealing under H2 atmosphere was carried out at 1550 �C for
100 h followed by a subsequent homogenization treatment in Ar
atmosphere at 1600 �C for 100 h [17].

The CoeRe-based alloys were melted in a vacuum arc furnace
using elementary substances with high purity (>99.98%), and
subsequently casted in bar form. The casted CoeRe, CoeReeCr, Coe
ReeCreSi alloys were then solution heat treated in three-steps
(1350 �C/5 h, 1400 �C/5 h, 1450 �C/5 h), while the CoeReeCreC
and the CoeReeCreAl alloys were heat treated applying only two-
steps (1350 �C/7.5 h, 1400 �C/7.5 h) in a vacuum furnace [18]. All
heat treated specimens were directly quenched by argon flow
within the vacuum furnace.

For oxidation tests, the MoeSieB-based alloy specimens were
cut from the material bar in dimensions of approximately
5mm� 4mm� 3mmandpolishedwith SiC paperdown to grit 500,
while the CoeRe-based alloy specimens were cut from heat treated
bar in dimensions of approximately 10 mm � 10 mm � 2 mm and
polished down to grit 1200. All specimens were ultrasonically
cleaned in ethanol directly before use. The oxidation behavior of all
alloys was studied by continuous thermogravimetric analysis in a
thermobalance with accuracy of 1 mg as well as by discontinuous
weight change measurements. The oxidized samples were
embedded in epoxy (some of them were coated by Ni before
embedding in order to protect the oxide scale formed), ground, and
polished for cross-sectional investigations. The morphology and
composition of the corrosion products were analyzed by means of
standard experimental techniques such as XRD, SEM, EDS.

3. Results obtained on the MoeSieB-system

3.1. Moe9Sie8B

It is well understood that high-temperature oxidation protec-
tion of MoeSieB alloys is provided through the formation of a
dense and well-adherent borosilicate layer. However, the initial
transient state of oxidation is usually accompanied by the severe
formation of volatile MoO3 in the near-surface region and conse-
quently results in a certain material consumption and decrease of
sample weight. In this region, remaining Si and B oxidize simulta-
neously forming the borosilicate scale. Thus, the initial mass loss
exhibits an unavoidable step leading to the formation of a protec-
tive borosilicate layer. Its protective properties are dependent on
the oxidation temperature as well as the B content, determining the
fluidity and, in turn, the protectiveness of the oxide scale [19]. Once,
the continuous borosilicate seals the metallic surface, separating
the bulk material from the corrosive environment, steady-state
oxidation takes place. The growth of the SiO2eB2O3 scale during
steady-state oxidation proceeds predominantly through the solid-
state inward diffusion of oxygen. The rate of the initial transient
oxidation and consequently the following steady-state oxidation
process is strongly dependent on the temperature applied and the
alloy microstructure. Below 900 �C, the reference alloy Moe9Sie8B
shows a rather poor oxidation resistance due to the formation of
gaseous Mo oxides resulting in a continuous mass loss and causing

oxidation. As a result, excessively fast oxidation and disintegration
of the alloys occurs. Well-known examples of catastrophic oxida-
tion are found in oxidation of refractory metals and other elements
forming volatile oxides, such as MoO3, Re2O7, V2O5, Bi2O3, WO3, etc.
[5,6].

Besides coatings, which are not in the focus of this study, a metal
may be protected from oxidation at high-temperatures in oxidizing
environment in several ways: (i) alloying, (ii) pre-treatment, and
(iii) surface modification. In either case the purpose is to form and
establish a layer on the metal surface which acts as a barrier
separating the reacting gas and the underlying metal, thus, inhib-
iting the reaction between the reaction partners. Hence, the pur-
pose of the most studies on alloy oxidation is to improve the
oxidation resistance of alloys. Specifically, many of these studies
aim at compact, well-adhering oxide scales with low rates of
diffusion for the reacting species [4].

The high potential of the alloy system MoeSieB for structural
applications at higher temperatures due to the fast formation of a
dense, adherent, and thus protective borosilicate glass scale was
discovered and intensively studied by Berczik in the 1990s [7]. He
found that aMoeSieB alloy with a reasonable combination of high-
temperature strength and high-temperature corrosion resistance
should lie in the three phase field containing the following phases:
(i) Mo solid solution, (ii) Mo3Si, and (iii) Mo5SiB2 (T2 phase). For our
investigations, the reference alloy with the composition Moe9Sie
8B (in at.%) has been selected as the base alloy for further devel-
opment. This alloy constitution should be favorable for both, the
mechanical properties and oxidation resistance. The continuousMo
solid-solution matrix is required for sufficient low-temperature
toughness, whereas both the Si-rich Mo3Si and the T2 phase
should provide oxidation resistance.

CoeReeCr-basedmodel alloys have been recently developed for
high-temperature applications beyond 1200 �C [8]. Although the
development activities of conventional Co-based alloys have been
nearly stopped few decades ago due to the lack of precipitation
strengthening alike the strengthening by the g0 phase in Ni-based

superalloys, Co-based alloys still play an important role in tur-
bines because of their excellent thermal shock resistance and the
ease of manufacturing [9]. While the solubility of Re in Ni is limited,
the complete miscibility in the CoeRe system opens a unique
possibility to change the application temperature range of Co-
based alloys from intermediate to very high operation tempera-
tures by Re alloying. In addition, the completemiscibility of the Coe
Re system reveals a good chance to find a suitable balance between
the need for toughness and ductility on the one hand and strength
at temperatures beyond the capability of Ni-based superalloys on
the other hand. The current focus of the study on this rather un-
known alloy system is still very basic and the fundamental trying to
elucidate the relevant oxidation mechanisms and to develop stra-
tegies for an improvement of the oxidation resistance.

In this work, the current stage of alloy development regarding
high-temperature oxidation resistance of the two alloy systems will
be summarized. It should be kept in mind that improved oxidation
resistance should not be obtained at the expense of desirable me-
chanical properties. Hence, all alloys presented in this study were
either already explored regarding their high-temperature mechan-
ical properties or they are currently under investigation [10e14].



a fast material damage. Two distinct oxide layers, MoO2 at the
substrate/oxide interface covered with a continuous SiO2eB2O3

scale, are formed during exposure to air below 900 �C [19]. How-
ever, the viscosity of the SiO2eB2O3 scale seems to be too lowdue to
the high B2O3 to SiO2 ratio, allowing significant oxygen diffusion,
permeation and evaporation of MoO3 through the borosilicate
layer. The formation of a protective SiO2eB2O3 scale could not be
observed at the critical temperatures below 900 �C, representing
the process of catastrophic oxidation mentioned above.

A protective borosilicate layer is observed in the temperature
range between 1000 �C and 1300 �C. At these temperatures, the
SiO2eB2O3 layer exists as a continuous outer scale [19]. Fig. 1(a)
shows results of continuous TGA experiments carried out at
1000e1300 �C for 72 h. The oxidation curves displayed in Fig. 1(a)
reveal that oxidation rates of the alloyMoe9Sie8B during exposure
to laboratory air are extremely susceptible to the oxidation test
temperature. At 1300 �C, a significant continuous weight loss is
observed during exposure to air, indicating that the oxide scale is
not reliably protective. The relatively severe mass loss at 1300 �C is
caused by the volatilization of B2O3. Fig. 1(b) shows the cross-
section of the alloy Moe9Sie8B after 72 h at 1300 �C. Borosilicate
exists as a continuous outer scale, whereas underneath SiO2 pre-
cipitates form an internal oxidation zone in the Mo-matrix [19].
Despite the evaporation of Mo and B oxides, a dense and contin-
uous silica scale can be observed on the alloy Moe9Sie8B, which
certainly represents an effective barrier against severe corrosion
attack at this very high temperature. At 1200 �C, a continuous slight
mass loss is detected, whereas a negligible weight change is found
after a short period of the transient oxidation at 1000 �C and
1100 �C indicating that the metallic substrate is reliably protected
against oxidation (see Fig. 1(a)).

3.2. Moe9Sie8Be1Zr

Aiming at an enhancement of the mechanical properties, small
amounts of Zr were added to the reference alloy [14,20]. The alloy
Moe9Sie8Be1Zr exhibits a significantly finer microstructure
compared to the reference alloy Moe9Sie8B. Moreover, it is sug-
gested that Zr segregates at grain boundaries as Zr oxide formed
during the mechanical alloying process and sintering [14,20]. Since
ZrO2 exhibits a very high thermodynamic stability, processing
related oxygen impurities may lead to the very fast oxidation of Zr
during material preparation.

Due to the finer phase distribution, it could be expected that the
period of the transient oxidation may be reduced, resulting in a
faster formation of a protective oxide scale. Similar to the reference
alloy Moe9Sie8B, the formation of a continuous and protective
silica layer is not observed at temperatures below 900 �C. The oxide

layer formed on the alloy Moe9Sie8Be1Zr at these temperatures
exhibits a non-protective porous multi-scale structure, consisting
of SiO2, MoO2 and MoO3 [15]. Fig. 2(a) summarizes TGA results for
Moe9Sie8Be1Zr at temperatures between 1000 �C and 1300 �C.
Severe mass loss due to the heavy volatilization of MoO3 is
observed at 1300 �C. The damage of the silica formed within the
first few minutes can be attributed to ZrO2, which is present in the
silica scale as a consequence of the initial evaporation of MoO3

during formation of the silica layer on the alloy surface. ZrO2 ex-
periences a phase transformation from a monoclinic to a tetragonal
crystallographic structure when heating to temperatures above
1150 �C [21]. Unfortunately, this phase transformation is accom-
panied by a substantial volume decrease leading to the formation of
open pores in the silica layer. With increasing exposure time, the
diameter of the pores enlarges allowing the evaporation of MoO3

[15]. Then, damage of the silica layer, heavy volatilization of MoO3,
and disintegration of an entire sample occurs at a relatively fast
rate. At 1200 �C, a slight continuous weight loss is detected during
exposure to air for 100 h. In the temperature range 1000e1100 �C,
passivation and steady-state oxidation occurs after few hours of
exposure to air resulting in the formation of a protective oxide
scale. After prolonged exposure time (about 72 h) at 1100 �C, the
second phase particles of ZrO2 (see Fig. 2(b)) were detected in the
outer silica layer, whereas the oxide surface of the Zr-free reference
alloy Moe9Sie8B is single-phase silica [15]. The comparison of the
TGA-curves at 1100 �C for the reference alloy (see Fig. 1(a)) and the
alloy Moe9Sie8Be1Zr (see Fig. 2(a)) reveals that the passivation
occurs significantly earlier for the alloy Moe9Sie8Be1Zr due to its
finer microstructure. This leads to notably lower values of the ab-
solutemass loss after the same exposure time clearly indicating the
better oxidation resistance of the alloy Moe9Sie8Be1Zr at 1100 �C.

3.3. Moe9Sie8Be0.2Y

It is well-known that Y substantially improves the oxidation
behavior of many alloys as well as alloy coatings. In general, Y
segregates along oxide grain boundaries and consequently inhibits
grain boundary diffusion of metal cations and/or oxygen anions
[22,23]. Apparently, grain boundary diffusion flux is higher
compared to the lattice diffusion, especially at intermediate and
low temperatures, thus, Y can affect the growth rate of the oxide
scale significantly [5]. Besides, small additions of Y improve the
adhesion of oxide layers formed on different high-temperature
alloys [24,25].

The results of thermogravimetric experiments conducted in air
in the temperature range 1000e1200 �C are shown in Fig. 3(a). The
comparison of these oxidation curves with kinetic data of the
reference alloy (Fig. 1(a)) reveals that both, the alloy Moe9Sie8B

Fig. 1. Oxidation behavior of the alloy Moe9Sie8B; (a) TGA results at 1000e1300 �C and (b) cross-section (back scattered signal) of the alloy after oxidation at 1300 �C in air for
72 h. The dark SiO2 particles form a zone of internal oxidation in the bright metallic matrix.



and Moe9Sie9Be0.2Y, exhibit similar oxidation behavior in this
temperature range. Both alloys showa transient and notableweight
loss in the first stage of oxidation followed by steady state oxidation
characterized by a very slight mass loss. Fig. 3(b) shows a cross-
section of the alloy Moe9Sie9Be0.2Y oxidized at 1100 �C for
72 h. A thin and compact borosilicate containing finely distributed
precipitates of the Y2O3eSiO2 type is observed. A relatively thin
zone of internal oxidation is detected underneath the MoO2 layer.
The presence of Y-rich inclusions in the borosilicate layer positively
affects the viscosity of the borosilicate. The flow ability of the outer
layer seems to be significantly improved, especially at 1100 �C and
even stronger at 1000 �C (compare Figs. 1(a) and 3(a)). At 1200 �C,
the initial mass loss of the alloy Moe9Sie9Be0.2Y is slightly higher
compared to the reference alloy, however, the following steady
state oxidation exhibits a lower weight loss rate.

As mentioned above, MoeSieB alloys have proven very good
oxidation resistance in the temperature range from 1000 �C to
1300 �C due to the formation of a protective borosilicate. These
alloys usually show inferior oxidation resistance at temperatures
below 900 �C. Majumdar et al. studied the oxidation behavior of
Y-containing MoeSieB alloys at the intermediate temperatures
below 900 �C. They found that the alloy Moe9Sie9Be0.2Y shows
a continuous lower rate of weight loss at 800 �C and 900 �C
compared to the reference alloy. Even a gradual weight gain
during the initial periods of oxidation was detected at these
temperatures [16]. A continuous outer silicate scale was detected
above a separate MoO2 layer, containing some MoO3 whiskers.
Majumdar concluded that due to the presence of Y2O3 in the
silica, the oxide scale becomes less viscous and can flow easier
over the pores preventing high evaporation rates of gaseous
MoO3, which are typical of the oxidation characteristics of the

reference alloy at 800e900 �C. Moreover, a self-healing nature of
the silicate scale is noted for the alloy Moe9Sie9Be0.2Y. For
details of the effect of Y alloying on the oxidation behavior of
MoeSieB alloys see Ref. [16].

3.4. Moe37Sie40Ti

An addition of Ti to both, the binary MoeSi and the ternary Moe
SieB alloy system, represents a new concept in alloy development
of this material class. Macroalloying with Ti is suggested to aim at a
simultaneous improvement of (i) the high-temperature oxidation
resistance and (ii) the strength/density ratio by a significant
reduction of the alloy density over a wide temperature range. Yang
et al. [26] recently found that Ti extends the three-phase equilib-
rium region of Mo_sseMo5Si3eMo5SiB2 described earlier. Accord-
ing to their thermodynamic calculations, if the Ti concentration
exceeds 27.5 at.% in the quaternary alloy Moe9Sie8BexTi, Mo5Si3
phase with Ti in solid-solution, i.e. (Mo,Ti)5Si3, will form instead of
the Mo3Si phase. The substitution of Mo through Ti in the
(Mo,Ti)5Si3 phase to a significant extent may lead to a considerable
improvement of the oxidation resistance of the MoeSi-based
alloys.

In order to get a first understanding of the high-temperature
oxidation behavior of Ti-containing MoeSi-based alloys, the alloy
with an overall composition of Moe37Sie40Ti (at.%), constituting
a nearly (Mo,Ti)5Si3 single-phase, was used in high-temperature
oxidation investigations. Thermogravimetric curves for the alloy
Moe37Sie40Ti at 820 �C, 1000 �C, 1100 �C, and 1200 �C are shown
in Fig. 4(a). At all temperatures, continuous mass gain was
observed during exposure to laboratory air for the alloy studied.
Only at 1000 �C, a negligibly small mass loss was detected during

Fig. 2. Oxidation behavior of the alloy Moe9Sie8Be1Zr; (a) TGA results at 1000e1300 �C and (b) cross-section (back scattered signal) of the alloy after oxidation at 1100 �C in air for
72 h. The dark SiO2 particles precipitate internally in the bright metallic matrix underneath the SiO2 scale with ZrO2 inclusions.

Fig. 3. Oxidation behavior of the alloy Moe9Sie8Be0.2Y; (a) TGA results at 1000e1200 �C and (b) cross-section (back scattered signal) of the alloy after oxidation at 1100 �C in air
for 72 h. The dark SiO2 particles form a zone of internal oxidation in the bright metallic matrix.



the first hours of exposure. The thermogravimetric curves ob-
tained from the oxidation tests follow the parabolic rate law,
which is common for the oxidation behavior of highly oxidation
resistant high-temperature materials and which indicates the
formation of a protective oxide scale. Even at the critical temper-
ature of 820 �C, a parabolic mass gain is detected for the alloy Moe
37Sie40Ti characterized by a very low oxidation rate. The cross-
sectional micrograph shown in Fig. 4(b) reveals the formation of
a duplex oxide layer consisting of an outmost TiO2 scale above the
SiO2 layer at 1100 �C. The last one includes separate TiO2 particles
incorporated in the SiO2 matrix, which provides the protectiveness
of the entire oxide layer. Below the interface oxide/substrate, a
relatively thin zone of internal precipitates of SiO2 in the Mo ma-
trix is observed. Burk et al. reported that the oxide scales formed
on the alloy Moe37Sie40Ti at 1000 �C and 1200 �C possess similar
structure, whereas small particles of TiO2 were found on the top of
a single SiO2 scale at 820 �C, which also remained protective
during the complete oxidation time [17]. The oxidation resistances
of the single phases Mo5Si3 and Ti5Si3 have been investigated
earlier [27,28]. Both phases showed insufficient high-temperature
oxidation resistances, since a porous SiO2 layer formed on the
single-phase Mo5Si3 below 1400 �C, whereas a TiN transient layer
developed on stoichiometric Ti5Si3 beyond 1000 �C. On the con-
trary, the single (Mo,Ti)5Si3 phase presented in this study exhibited
a clearly superior oxidation behavior most probably because of the
continuous SiO2 matrix of the scale in which TiO2 particles are
embedded [17].

4. Results obtained on the CoeReeCr-system

4.1. CoeRee(CreC)

Although the CoeReeCr-based alloys possess a high melting
point and the potential to achieve good mechanical properties at
high temperatures, one of the important issues of the development
of these alloys concerns the oxidation resistance [8]. The binary
alloy Coe17Re shows a catastrophic oxidation behavior during
exposure to laboratory air at 1000 �C [18]. The cross-sectional
micrograph of an oxidized specimen is shown in Fig. 5 presenting
the constitution of the CoO scale, which consists of two sublayers
with different morphologies due to different diffusionmechanisms.
However, none of these oxide scales is protective. The oxidation of
rhenium followed by the evaporation of its oxides resulted in
massive mass loss during oxidation despite the significant uptake
of oxygen through the formation of Co-oxides.

Chromium is generally added to alloys such as stainless steels,
Ni-based superalloys as well as Co-based superalloys to enhance
their oxidation resistance by the formation of a slow growing Cr2O3

scale [29e31]. Similarly, Cr was added to the CoeRe systemnot only
to provide for the formation of a dense and protective chromia layer
but also to achieve favorable mechanical properties [8]. Fig. 6(a)
shows the CoeReeCr ternary phase diagram for 1100 �C. An addi-
tion of 23 at.% chromium to Coe17Re promotes the precipitation of
the hard intermetallic Cr2Re3-type sigma phase, which may
strengthen the alloy by composite hardening. A typical micro-
structure of the ternary alloy Coe17Ree23Cr is shown in Fig. 6(b).
Further, carbon addition may also enhance the creep resistance of
the alloy system through the formation of carbides and their sub-
sequent interaction with dislocation during creep deformation [8].
However, the ternary alloy Coe17Ree23Cr shows an even poorer
oxidation resistance compared to the binary Coe17Re alloy, form-
ing a more porous CoCr2O4 spinel layer underneath the CoO layer
[18]. A discontinuous Cr2O3 scale underneath the CoCr2O4 layer
does not protect the metallic substrate against severe corrosion
attacks. A similar oxide scale constitution with the consequent
weight loss kinetics was also observed on Coe17Ree30Cr, although
the CoCr2O4 layer contains less porosity. Short time oxidation tests
indicate that the sigma phase is preferentially attacked during
oxidation as compared to the hcp matrix. The addition of C to
ternary alloys of Coe17Ree23/30Cr for improving mechanical
properties does not play a significant role on the oxidation
behavior. A slower oxidation rate along grain boundaries as
compared to the grain interior is only observed in a short oxidation
period for the quaternary alloy Coe17Ree23Cre2.6C. This phe-
nomenon disappears with increasing time of oxidation [18].

Fig. 4. Oxidation behavior of the alloy Moe37Sie40Ti; (a) TGA results at 820e1200 �C and (b) cross-section (back scattered signal) of the alloy after oxidation at 1100 �C in air for
100 h. The dark SiO2 particles form a zone of internal oxidation in the light gray (Mo,Ti)5Si3 phase.

Fig. 5. Cross-sectional microstructure (back scattered signal) of the model alloy Coe
17Re after exposure to laboratory air at 1000 �C for 1 h.



4.2. Coe17Ree23CrexSi

There are numerous studies indicating that a small amount of
silicon addition can significantly improve the oxidation resistance
of CoeCr-based alloys, since a low content of Cr is efficient to
produce a continuous protective Cr2O3 layer [32e34]. One of the
generally accepted theories to this phenomenon proposes that Si or
initially formed silica acts as nucleation sites reducing the distance
between Cr2O3 nuclei and therefore promoting the fast formation
of a continuous protective chromia layer. Some other authors also
reported that the addition of silicon improves the oxidation resis-
tance of alloys through the formation of an amorphous silica layer
between the outer oxide layer and the alloy substrate, inhibiting
the outward diffusion of metal cations to the outer oxide scale as
well as the inward diffusion of oxygen anions [35]. Thus, it is of
great interest to investigate the influence of Si on the oxidation
behavior of CoeReeCr-based alloys.

Fig. 7(a) represents theweight change of a series of alloys of type
Coe17Ree23CrexSi with different amounts of Si content during
exposure to laboratory air at 1000 �C for 30 h [36]. Oxidation ki-
netics of these alloys is still extensively affected by the evaporation
of Re oxides. Theweight loss of Coe17Ree23Cr alloy is strongly and
progressively decreased by the addition of 1 at.% to 3 at.% Si. The
weight loss of alloy Coe17Ree23Cre1Si is less than that of the
ternary alloy Coe17Ree23Cr by a factor of about 3, while increasing
the Si content to 2 and 3 at.% causes further decrease of the weight
loss by factors of about 1.5 for Coe17Ree23Cre2Si and 7.8 for Coe
17Ree23Cre3Si [36].

From a microstructural point of view, the oxide scale formed on
the alloy Coe17Ree23Cre1Si consists of an outermost CoO layer,
followed by a porous CoCr2O4 layer and a thin discontinuous inner
Cr2O3 layer. Similar constitution of the oxide scale was detected in
some areas of Coe17Ree23Cre2Si, while other parts of the alloy
are covered by Cr2O3. A completely different oxide structure, which
consists of an outer CoCr2O4 layer and a relatively thick inner Cr2O3

layer, is found on the alloy Coe17Ree23Cre3Si, see Fig. 7(b). The
Cr2O3 layer formed on Coe17Ree23Cre3Si is nearly continuous.
SiO2 precipitates in inner oxidation zone were found in all Si-
containing alloys. The amount of SiO2 precipitates increases with
increasing Si content [36].

4.3. Coe17ReexCre2Si

As mentioned above, a quasi-continuous Cr2O3 layer was found
underneath the thin spinel CoCr2O4 layer on Coe17Ree23Cre3Si
after oxidation at 1000 �C. However, a slight weight loss was still
observed, indicating the lingering evaporation of Re oxides.

Moreover, a high Si content strongly reduces the melting point of
the alloy negatively affecting the mechanical properties. Regarding
high temperature oxidation resistance, the high Si content causes
heavy spallation of the scales formed. On this account, a further
increase of the Si content in Coe17Ree23CrexSi would not lead to
the superior combination of desired mechanical properties and
reliable corrosion resistance. Rather, it seems that a higher Cr
content is required to facilitate the formation of a compact and
continuous Cr2O3 layer on the quaternary CoeReeCreSi alloy sys-
tem. For this reason, another series of alloys of type Coe17ReexCre
2Si (x ¼ 23, 25, 27, 30) with a moderate amount of Si and different
Cr contents was investigated.

The weight changes of Coe17ReexCre2Si during oxidation at
1000 �C are shown in Fig. 8(a). As mentioned above, a relatively
high weight loss of Coe17Ree23Cre2Si is observed due to the lack
of a continuous protective oxide layer, allowing the evaporation of
Re oxides. In contrary, parabolic weight gain kinetics is observed on
Coe17Ree25Cre2Si and Coe17Ree27Cre2Si, which contain higher
Cr contents [37]. The cross-sectional micrograph of Coe17Ree
25Cre2Si after exposure to air at 1000 �C for 72 h, shown in
Fig. 8(b), indicates that the alloy surface is completely covered by a
compact Cr2O3 layer. SiO2 particles are found underneath the Cr2O3

layer as internally oxidized precipitates and are mostly located in
the sigma phase region. A very thin outermost CoCr2O4 layer, which
thickness is almost constant during the entire oxidation period,
seems to be a product from the transient oxidation period. The
growth of the thickness of the formed Cr2O3 layer as a function of
oxidation time, as identified by discontinuous oxidation tests, fol-
lows a parabolic manner as well. Thus, one can conclude that the
oxidation rate of the alloy is controlled by the growth of the pro-
tective chromia layer. The consumption of Cr at the alloy subsurface
causes the dissolution of the sigma phase and the formation of a Re-
enriched zone underneath the Cr2O3 scale. The evaporation of Re
oxides is prevented [37]. The oxide scale formed on Coe17Ree
25Cre2Si in the temperature range from 800 �C to 1100 �C was
found to be a compact Cr2O3 layer which evolves from a non-
protective multi-layer indicating the important role of diffusion
kinetics of Cr on the oxidation behavior of the alloy.

The constitution of the oxide scales formed on Coe17Ree27Cre
2Si and Coe17Ree30Cre2Si is quite similar to that formed on Coe
17Ree25Cre2Si. However, the volume fraction of the sigma phase
in the alloys Coe17ReexCre2Si, determined experimentally after
homogenization heat treatment, increases significantly from 14% in
Coe17Ree23Cre2Si to 43.6% in Coe17Ree30Cre2Si [35]. This is in
agreement with the thermodynamic calculation for the Coe17Ree
xCr alloy system at 1000 �C [38]. Apart from the weak oxidation
resistance of the sigma phase, many authors also reported on the

Fig. 6. CoeReeCr ternary alloy system; (a) phase diagram of CoeReeCr at 1100 �C and (b) a typical microstructure (back scattered signal) of Coe17Ree23Cr after the
homogenization.



brittle behavior of the sigma phase and its negative effect on the
mechanical properties [39,40]. The formation of the sigma phase in
CoeRe-based alloys, its volume fraction, size, and distribution in
the alloy matrix represents an ambiguous and often controversially
discussed issue regarding mechanical properties and corrosion
resistance. Thus, although a high Cr content is beneficial for the
oxidation behavior of the alloys, it should also be kept in mind that
improved oxidation resistance should not be obtained at the
expense of favorable mechanical properties.

4.4. Coe17Ree23CrexAl

It is well-known that Cr2O3 evaporates through oxidation as
volatile CrO3 at temperatures above 1000 �C [41,42]. For applica-
tions at even higher temperatures, the formation of a slow growing
SiO2 or Al2O3 scale is normally aimed at in the case of conventional
superalloys. As mentioned above, no continuous SiO2 layer forms
on the quaternary alloy Coe17Ree23CrexSi even with 3 at.% Si
addition, but an internal oxidation zone of SiO2 precipitates was
found underneath the chromia layer. In order to preserve the high
melting point of the alloy system, a higher silicon addition should
be avoided. Against this background, the addition of Al in CoeRee
Cr-based alloys was studied to investigate the oxidation behavior
and the nature of oxide scale formation.

The oxidation behavior of two alloys Coe17Ree23Cre5/10Al
with different amounts of Al was examined at temperatures in
the range from 800 �C to 1300 �C. Fig. 9(a) shows some of
the mass change curves of both alloys during exposure to labo-
ratory air. At 900 �C, the oxide scale formed on Coe17Ree23Cre
5Al consists of an outer Co oxide layer and a porous inner
Co(Al,Cr)2O4 scale, resulting in a continuous mass loss through
the evaporation of Re oxides. As temperature increases, the

thermogravimetric curve of the alloy Coe17Ree23Cre5Al follows
a parabolic behavior at 1000e1100 �C. The oxide scale consists of
a thin external CoCr2O4 layer and a protective Cr2O3 layer. Al2O3

internal oxide and AlN precipitates formed underneath the Cr2O3

layer. At 1200e1300 �C, however, neither Cr2O3 nor Al2O3 seems
to establish a protective layer. The oxide scale consists of an
outermost CoO and a thick porous inner oxide layer, where the
Co(Cr,Al)2O4 is embedded in a CoO matrix. As a consequence of
the lack of a protective oxide layer, a strong mass loss was ob-
tained, see Fig. 9(a).

With higher Al content, the alloy Coe17Ree23Cre10Al exhibits
a completely different oxidation behavior. The higher Al addition
stimulates the formation of big sigma phase particles. At 800e
1000 �C, a slight weight loss was observed during the initial stage of
the test due to the fast oxidation of the exposed Re-rich sigma
phase, following by the quick evaporation of Re-oxides. After this
transient oxidation period, the TGA curve tends to become flat. A
parabolically slow growing oxidation manifests itself in the weight
change curve obtained at 1000 �C. The time of the transient period
becomes shorter as the temperature increases. The oxide scale
formed on the alloy matrix at 1000 �C consists an outer Cr2O3 layer
and a continuous inner Al2O3 layer. Few AlN particles were
observed under the oxide scale, see Fig. 9(b). A similar constitution
of the oxide scales except of the existence of AlN was observed at
900 �C. As temperature increases to above 1100 �C, the formation of
Al2O3 takes place internally. However, a protective Cr2O3 layer
underneath a thin CoCr2O4 layer still formed at 1100e1200 �C,
retarding the formation and evaporation of Re oxides. Unlike the
simultaneous internal oxidation and nitridation behavior of Nie
CreAl alloys reported by Han [43], no Cr2N was detected in Coe
17Ree23Cre5Al and Coe17Ree23Cre10Al after exposure to air at
900e1200 �C.

Fig. 7. Oxidation behavior of the alloy Coe17Ree23CrexSi; (a) TGA results at 1000 �C and (b) cross-section (back scattered signal) of the alloy Coe17Ree23Cre3Si after oxidation at
1000 �C in air for 7 h. In the metallic substrate, sigma phase appears as a bright phase in the gray hcp matrix.

Fig. 8. Oxidation behavior of the alloy Coe17ReexCre2Si; (a) TGA results at 1000 �C and (b) cross-section (back scattered signal) of the alloy Coe17Ree25Cre2Si after oxidation at
1000 �C in air for 72 h. In the metallic substrate, sigma phase appears as a bright phase in the gray hcp matrix.



5. Comparison of the alloy systems

Fig. 10 summarizes the oxidation behavior of different MoeSi-
and CoeRe-based alloys starting with their reference alloys, Moe
9Sie8B and Coe17Ree23Cr. On the one hand, Fig. 10 reveals the
qualitative progress in alloy development, on the other hand, the
strong potentials of both alloy systems are documented. As outlined
above, the oxidation behavior of MoeSi-based alloys and most Coe
Re-based alloys can be subdivided into two stages: (i) transient
oxidation which indicates that the surface and reaction processes
are rate-determining and (ii) steady-state oxidationwhich signifies
that the diffusion processes are rate-determining. In the case of the
MoeSi-based alloys, the mass change for the transient period was
taken as values after 5 h of oxidation and the value for the steady-
state oxidation refers to the TGA curves after 72 h of exposure to air.
For CoeRe-based alloys, the values for the transient and steady-
state oxidation represent the mass change after 3 and 30 h of
oxidation, respectively.

As mentioned above, the oxidation resistance of the MoeSi-
based alloys is very sensitive to the alloy composition as well as the
oxidation temperature. At high temperatures, MoeSi-based alloys
generally showa fast passivation and consequently better oxidation
resistance. At intermediate temperatures, a protective borosilicate
layer does not form on these alloys, which leads to the fast damage
of the entire material. In fact, the MoeSi-based alloys are prone to
show an inferior high-temperature oxidation resistance at 820 �C,
whereas they offer their best performance at 1100 �C. For the sake
of illustration and a critical evaluation of the extensive oxidation
behavior in a wide temperature range, the oxidation rates for Moe
Si-based alloys studied are compared in Fig. 10(a) and (b) at these
two temperatures. The alloy Moe9Sie8Be1Zr clearly shows a su-
perior oxidation resistance only at 1100 �C. It should be pointed out
that steady-state oxidation does not occur for the reference alloy as
well as for the Moe9Sie8Be1Zr at 820 �C. In the case of the Y-
addition, a slight improvement is detected at 820 �C, whereas at
1100 �C, a notably reduced oxidation rate is observed. The alloy
Moe37Sie40Ti, containing a significantly higher Si-concentration
compared to other alloys, shows an excellent oxidation resistance
at both temperatures encouraging to further investigations of Ti-
containing MoeSi-based alloys.

Fig. 10(c) and (d) summarizes the progress in the development
of the novel CoeRe-based alloys regarding the high temperature
oxidation resistance. In fact, Cr-addition is beneficial for the
oxidation resistance of the CoeRe-based alloys, particularly in
combinationwith ignoble elements such as Si and Al. Since CoeRee
CreSi alloys may form a protective chromia scale, they can, there-
fore, be used in oxidizing atmospheres at temperatures up to
1000 �C, whereas alumina forming CoeReeCreAl alloys may

maintain their oxidation resistance at temperatures significantly
higher than 1000 �C due to the very stable Al2O3.

Fig. 10(c) shows that the oxidation behavior of quaternary Coe
ReeCreSi alloys strongly depends on the alloy composition. With
the optimized Cr/Si content, alloy Coe17Ree25Cre2Si exhibits a
favorable oxidation resistance at intermediate temperatures. The
formation of a continuous compact Cr2O3 scale successfully pre-
vents the evaporation the Re oxides for this alloy. In the case of the
CoeReeCreAl system (Fig. 10(d)), the addition of 10 at.% Al
significantly improves the oxidation resistance of the reference
alloy Coe17Ree23Cr in awide temperature range by either forming
a protective Al2O3 layer at 800�e1000 �C, or by promoting the
formation of a compact and protective Cr2O3 scale which is covered
by a thin CoCr2O4 layer at 1100e1200 �C that also retards the
evaporation of Re oxides.

Although Fig. 10 allows a rather qualitative assessment of the
oxidation behavior of MoeSi and CoeRe-based alloys, it is evident
that a clear progress in the oxidation resistance has been developed
for both alloy systems. However, there are still many critical points
and open questions that need elucidation, e.g. the formation of the
SiO2 matrix in the SiO2eTiO2 duplex oxide layer in MoeSieTi alloys
or the optimization of the chemical composition of CoeReeCreAl
alloys to facilitate the formation of Al2O3 scale in a broad temper-
ature range. These interesting aspects as well as the achievements
obtained so far encourage further investigations of MoeSi- and Coe
Re-based alloys.

6. Summary and conclusions

As pointed out above, the aim of most high temperature
oxidation studies is to facilitate the formation of a protective oxide
scale with the following characteristics: (i) compactness and
continuousness, (ii) good adherence, (iii) low rates of diffusion of
the reacting species, and (iv) fast formation. In the case of systems
containing refractory metals, the last point becomes particularly
important since the refractory metals oxidize forming gaseous
oxides. Both material groups studied, MoeSieB- and CoeReeCr-
based alloys, suffer from severe catastrophic oxidation if the ma-
terial surface is not covered by a sustainably protective oxide scale.
The exploratory activities regarding the improvement of the
oxidation protectiveness of these alloys were concentrated on: (i)
enabling of the quick formation of protective oxide scales through
additions of suitable alloying elements and (ii) investigation of the
oxide scale stability in different environmental conditions. It should
be pointed out that the focus of our studies was on exploring and
improving the inherent properties regarding high temperature
oxidation resistance of both alloy systems. Hence, the effect of
coatings was beyond the scope of this investigation.

Fig. 9. Oxidation behavior of the alloy Coe17Ree23Cre5/10Al; (a) TGA results and (b) cross-section (back scattered signal) of the alloy Coe17Ree23Cre10Al after oxidation at
1000 �C in air for 72 h. In the metallic substrate, sigma phase appears as a bright phase in the gray hcp matrix.



The results presented above reveal that the oxidation resistance
of MoeSieB- and CoeReeCr-based alloys is very sensitive to the
alloy composition. Further, such characteristic alloy features such as
microstructure, i.e. phase volume fraction, phase distribution and
stability at high temperatures, affect the oxidation behavior
significantly. Moreover, material defects presented in the alloys
such as porosity, cracks and inhomogeneity may influence the
oxidation resistance of the alloys detrimentally.

The most significant characteristics of MoeSieB- and CoeRee
Cr-based alloys regarding the high temperature oxidation behavior
can be summarized as follows:

1. The reference alloy Moe9Sie8B exhibits an excellent oxidation
resistance in the temperature range of 1100e1300 �C due to the
formation of a low viscosity borosilicate layer. Below 900 �C, the
reference alloy suffers from catastrophic oxidation because the
borosilicate scale formed on the alloy surface is porous allowing
the evaporation of gaseous MoO3.

2. Oxidation studies conducted on the alloy Moe9Sie8Be1Zr
reveal a very strong dependence of the oxidation behavior on
the oxidation temperature. At temperatures below 900 �C, the
oxidation resistance of this alloy is very poor due to the heavy
evaporation of MoO3. At 1000 �C and especially at 1100 �C, it was
observed that the addition of Zr improves the oxidation
behavior substantially, reducing the time necessary for the for-
mation of a protective oxide scale. At 1300 �C, the borosilicate
layer becomes unstable due to the phase transformation of ZrO2

taking place above 1150 �C.
3. The oxidation behavior of the alloy Moe9Sie8Be0.2Y shows, in

general, superior characteristics compared to the reference alloy
Moe9Sie8B. This alloy forms a protective borosilicate contain-
ing Y2O3 inclusions during exposure to air at temperatures from
800 �C up to 1200 �C. Y2O3-particles improve the viscous
properties of a borosilicate layer, which becomes more
protective.

4. The investigation of the alloy Moe37Sie40Ti reveal a strong
beneficial effect of Ti in the formation of nearly single phase
(Mo,Ti)5Si3, which possesses an excellent oxidation resistance at
all temperatures, from 820 �C up to 1200 �C, due to the

formation of a protective oxide scale. It seems to be very
important that the duplex layer, which forms underneath the
outer TiO2 scale, consists of a SiO2 matrix, i.e., the TiO2 particles
are embedded in SiO2. This kind of oxide scale formation should
ensure the long-term protectiveness of the MoeSieTi-based
alloys.

5. The binary Coe17Re reference alloy shows a poor oxidation
resistance at 1000 �C/1100 �C. The non-protective CoO scale
formed on the alloy allows the evaporation of Re-oxides,
resulting in catastrophic oxidation kinetics.

6. The addition of 23 at.% Cr to Coe17Re does not improve the
oxidation resistance significantly at 1000�/1100 �C. Rather
strong volatilization of Re-oxides through the formation of a
more porous inner CoCr2O4 layer underneath the outermost
CoO layer was found. Aweaker oxidation resistance of the sigma
phase compared to the hcp matrix is observed.

7. Additions of Si from 1 at.% to 3 at.% to the alloy Coe17Ree23Cr
significantly improves the oxidation behavior by promoting the
formation of protective Cr2O3 layer at 1000 �C/1100 �C. However,
a slight mass loss caused by Re oxides evaporation was still
observed in Coe17Ree23Cre3Si during oxidation at 1000 �C.
SiO2 particles were found as internal oxide precipitates under-
neath the oxide scales in all silicon containing Coe17Ree23Cr
alloys.

8. The increase of the Cr content from 23 at.% to 25 at.% in Coe
17ReexCre2Si significantly enhances the oxidation resistance
by the formation of a compact and protective Cr2O3 scale at
1000 �C/1100 �C. The enrichment of Re at the alloy subsurface
and the parabolic weight gain kinetics indicate the retardation
of Re oxides evaporation.

9. Although no continuous Al2O3 layer forms on alloy Coe17Ree
23Cre5Al at the entire temperature range 800e1300 �C, the
addition of 5 at.% Al demonstrates a strong positive influence on
the oxidation behavior of the alloy, promoting the formation of a
compact Cr2O3 scale at 1000 �C and 1100 �C. Alloy Coe17Ree
23Cre10Al exhibits excellent oxidation resistance at 800e
1000 �C, forming a continuous protective Al2O3 layer. At 1100e
1200 �C, the external oxide scale, which consists of a continuous
compact Cr2O3 layer and a thin outermost CoCr2O4 layer,

Fig. 10. Comparison of the oxidation behavior of MoeSi- and CoeRe-based alloys: (a) MoeSi-based alloys at 820 �C, (b) MoeSi-based alloys at 1100 �C, (c) CoeReeCreSi-based
alloys at 1000 �C, and (d) CoeReeCreAl-based alloys at 1100 �C ( : transient oxidation, : steady-state oxidation).



preserves its protective nature, preventing the volatilization of
the Re oxides.

Acknowledgments

Financial support of Deutsche Forschungsgemeinschaft (DFG) in
the framework of the Research Unit “Beyond Ni-Base Superalloys”
is gratefully acknowledged.

References

[1] Huenecke K. Jet engines: fundamentals of theory, design and operation.
Shrewsbury: Airlife Publishing Ltd; 1997.

[2] Zhao JC, Westbrook JH. Ultrahigh-temperature materials for jet engines. Mater
Res Soc 2003;28:622.

[3] Deodeshmukh VP, Srivastava SK. The oxidation performance of modern high-
temperature alloys. JOM J Min Met Mat Soc 2009;61:56e9.

[4] http://www.iam.kit.edu/wk/1051.php [accessed 28.05.13].
[5] Kofstad PK. High temperature corrosion. London: Elsevier Applied Schience;

1988.
[6] Young D. High temperature oxidation and corrosion of metals. Oxford:

Elsevier; 2008.
[7] Berczik DM. Method for enhancing the oxidation resistance of a molybdenum

alloy, and a method of making a molybdenum alloy, United States Patent
5.595.616, 1997.

[8] Rösler J, Mukherji D, Baranski T. Co-Re-based alloys: a new class of high
temperature materials? Adv Eng Mater 2007;9:876e81.

[9] Sato J, Omori T, Oikawa K, Ohnuma I, Kainuma R, Ishida K. Cobalt-base high-
temperature alloys. Science 2006;312:90e1.

[10] Azim M, Burk S, Gorr B, Christ H-J, Schliphake D, Heilmaier M, et al. Effect of Ti
(macro-)alloying on the high-temperature oxidation behavior of ternary Mo-
Si-B alloy at 820-1300 �C. Oxid Met 2013. http://dx.doi.org/10.1007/s11085-
013-9375-1.

[11] Krüger M. Pulvermetallurgische Herstellung und Charakterisiereung von
oxidationsbeständigen Molybdänbasislegierungen für Hochtemperatur-
anwendungen. Ph.D thesis. Magdeburg: Universität Magdeburg; 2010.

[12] Brunner M, Hüttner R, Bölitz M-C, Völkl R, Mukherji D, Rösler J, et al. Creep
properties beyond 1100 �C and microstructure of Co-Re-Cr alloys. Mater Sci
Eng A 2010;528:650e6.

[13] Krüger M, Franz S, Saage H, Heilmaier M, Schneibel JH, Jéhanno P, et al. Me-
chanically alloyed Mo-Si-B alloys with a continuous a-Mo matrix and
improved mechanical properties. Intermetallics 2008;16:933e41.

[14] Saage H, Krüger M, Sturm D, Heilmaier M, Schneibel JH, George E, et al.
Ductilization of Mo-Si solid solutions manufactured by powder metallurgy.
Acta Mater 2009;57:3895e901.

[15] Burk S, Gorr B, Trindade VB, Christ H-J. Effect of Zr addition on the high-
temperature oxidation behaviour of Mo-Si-B alloys. Oxid Met 2009;73:
163e81.

[16] Majumdar S, Schliephake D, Gorr B, Christ H-J, Heilmaier M. Effect of yttrium
alloying on intermediate to high-temperature oxidation behavior of Mo-Si-B
alloys. Metall Mater Trans A 2013. http://dx.doi.org/10.1007/s11661-012-
1589-3.

[17] Burk S, Gorr B, Christ H-J, Schliephake D, Heilmaier M, Hochmuth C, et al.
High-temperature oxidation behaviour of a single-phase (Mo, Ti)5Si3 (Mo-Si-
Ti) alloy. Scr Mater 2012;66:223e6.

[18] Gorr B, Trindade V, Burk S, Christ H-J, Klauke M, Mukherji D, et al. Oxidation
behaviour of model cobalt-rhenium alloys during short-term exposure to
laboratory air at elevated temperature. Oxid Met 2009;71:157e72.

[19] Burk S. Hochtemperaturoxidation molybdän-basierter Legierungen unter
Berücksichtigung von Einfüssen aus Umgebungsatmosphäre und legierung-
stechnischen Maßnahmen. Ph.D thesis. Siegen: Universität Siegen; 2011.

[20] Mousa M, Wanderka N, Timpel M, Singh S, Kruger M, Heilmaier M, et al.
Modification of Mo-Si alloy microstructure by small additions of Zr. Ultra-
microscopy 2011;111:706e10.

[21] Poulton DJ, Smeltzer WW. Oxygen diffusion in monoclinic zirconia.
J Electrochem Soc 1970;117:378e81.

[22] Fujikawa H, Morimoto T, Nishiyama Y, Newcomb SB. The effects of small
additions of yttrium on the high-temperature oxidation resistance of a Si-
containing austenitic stainless steel. Oxid Met 2003;59:23e40.

[23] Liu Z, Gao W, He Y. Modeling of oxidation kinetics of Y-doped Fe-Cr-Al alloys.
Oxid Met 2000;53:341e50.

[24] Pérez FJ, Cristóbal MJ, Hierro MP, Arnau G, Botella J. Corrosion protection of
low-nickel austenitic stainless steel by yttrium and erbium-ion implantation
against isothermal oxidation. Oxid Met 2000;54:87e101.

[25] Wu Y, Umakoshi Y, Li XW, Narita T. Isotherma oxidation behavior of Ti-50Al
alloy with Y additions at 800 and 900 �C. Oxid Met 2006;66:321e48.

[26] Yang Y, Bei H, Chen S, George EP, Tiley J, Chang YA. Effects of Ti, Zr, and Hf on
the phase stability of Mo_ss þ Mo3Si þ Mo5SiB2 alloys at 1600 �C. Acta Mater
2010;58:541e8.

[27] Berkowitz-Mattuck JB, Dils RR. High-temperature oxidation: II. Molybdenum
silicides. J Electrochem Soc 1965;112:583e9.

[28] Bartlett RW, McCamont JW, Gage PR. Structure and chemistry of oxide films
thermally grown on molybdenum silicides. J Am Ceram Soc 1965;48:551e8.

[29] Li B, Gleeson B. Effects of silicon on the oxidation behavior of Ni-base chro-
mia-forming alloys. Oxid Met 2006;65:101e22.

[30] Przybylski K, Szwagierczak D. Kinetics and mechanism of high-temperature
oxidation of dilute cobalt-chromium alloys. Oxid Met 1982;17:267e95.

[31] Evans HE, Donaldson AT, Gilmour TC. Mechanisms of breakaway oxidation
and application to a chromia-forming steel. Oxid Met 1999;52:379e402.

[32] Durham R, Gleeson B, Young DJ. Silicon contamination effects in the oxidation
of carbide-containing cobalt-chromium alloys. Mater Corros 1998;49:855e63.

[33] Hou PY, Stringer J. Effect of internal oxidation pretreatments and Si contam-
ination on oxide-scale growth and spalling. Oxid Met 1990;33:357e69.

[34] Jones DE, Stringer J. The effect of small amounts of silicon on the oxidation
of high-purity Co-25 wt. % Cr at elevated temperatures. Oxid Met 1975;9:
409e13.

[35] Liu Y, Wei W, Benum L, Oballa M, Gyorffy M, Chen W. Oxidation behavior of
Ni-Cr-Fe-based alloys: effect of alloy microstructure and silicon content. Oxid
Met 2009;73:207e18.

[36] Gorr B, Burk S, Depka T, Somsen C, Abu-Samra H, Christ H-J, et al. Effect of Si
addition on the oxidation resistance of Co-Re-Cr-alloys: recent attainments in
the development of novel alloys. Int J Mater Res 2012;2012:24e30.

[37] Wang L, Gorr B, Christ H-J, Mukherji D, Rösler J. Optimization of Cr-content for
high-temperature oxidation behavior of Co-Re-Si-base alloys. Oxid Met 2013.
http://dx.doi.org/10.1007/s11085-013-9369-z.

[38] Gorr B, Burk S, Trindade V, Christ H-J. The effect of pre-oxidation treatment on
the high-temperature oxidation of Co-Re-Cr model alloys at laboratory air.
Oxid Met 2010;74:239e53.

[39] Heilmaier M, Krüger M, Saage H, Rösler J, Mukherji D, Glatzel U, et al. Metallic
materials for structural applications beyond nickel-based superalloys. JOM J
Min Met Mat Soc 2009;61:61e7.

[40] Ping DH, Cui CY, Gu YF, Harada H. Microstructure of a newly developed
gamma0 strengthened Co-base superalloy. Ultramicroscopy 2007;107:791e5.

[41] Berthod P. Kinetics of high temperature oxidation and chromia volatilization
for a binary Ni-Cr alloy. Oxid Met 2005;64:235e52.

[42] Kofstad P, Lillerud KP. Chromium transport through Cr2O3 scales I. On lattice
diffusion of chromium. Oxid Met 1982;17:177e94.

[43] Han S, Young DJ. Simultaneous internal oxidation and nitridation of Ni-Cr-Al
alloys. Oxid Met 2001;55:223e42.







Phase equilibria, microstructure, and high temperature oxidation

resistance of novel refractory high-entropy alloys

B. Gorr a,⇑, M. Azim a, H.-J. Christ a, T. Mueller b, D. Schliephake c, M. Heilmaier c

a Institut für Werkstofftechnik, Universität Siegen, Paul-Bonatz-Str. 9-11, 57068 Siegen, Germany
b Institut für Bau- und Werkstoffchemie, Universität Siegen, Paul-Bonatz-Str. 9-11, 57068 Siegen, Germany
c Institut für Angewandte Materialien – Werkstoffkunde (IAM-WK), Karlsruhe Institute of Technology (KIT), Engelbert-Arnold-Str. 4, D-76131 Karlsruhe, Germany

a r t i c l e i n f o

Article history:

Received 8 October 2014

Received in revised form 30 October 2014

Accepted 1 November 2014

Available online 8 November 2014

Keywords:

High temperature material

High entropy alloy

Refractory element

Microstructure

a b s t r a c t

A new refractory high-entropy alloy system Mo–W–Al–Cr–x is proposed as a family of candidate materials

for structural applications at high temperatures. Thermodynamic assessment was used to set the chemical

composition of the first alloy as 20Mo–20W–20Al–20Cr–20Ti (at.%) with a calculated melting temperature

of about 1700 �C. A single disordered BCC phase should be stable at high temperatures between 1077 �C

and 1700 �C. Microstructural examination and XRD results clearly show that the alloy in the as-cast

condition exhibits a non-homogeneous microstructure with pronounced dendritic and interdendritic

regions. Heat treatment processes, however, reveal a strong tendency of the alloy 20Mo–20W–20Al–

20Cr–20Ti to homogenize. While possessing a high hardness of around 800HV, the crack-free indents

allow the assumption that the alloy studied may be intrinsically ductile at room temperature. Despite

the fact that the alloy possesses 40 at.% of refractory elements, high temperature oxidation tests show a

surprisingly good oxidation resistance. Strategies to enhance the long-term stability of the disordered

BCC phase aiming at achieving the required mechanical properties as well as optimizing the alloy’s

chemical composition in terms of high temperature oxidation resistance are discussed.

� 2014 Elsevier B.V. All rights reserved.

1. Introduction

A new alloying concept, originally proposed by Yeh et al.,

induced the development of various high-entropy alloys (HEAs)

[1]. For these materials, a single-phase solid solution strengthened

microstructure is targeted. So far, the international activities to

design, characterize, and optimize HEAs are mainly focused on

the alloy system Fe–Co–Ni–Cr–x (x = Mn, Cu, Al, Ti, etc.) which

crystallizes in a face centered cubic (FCC) structure. For this alloy

system, extensive investigations on microstructure of polycrystals

as well as single crystals, phase stability, identification of harden-

ing mechanisms, and mechanical properties at room temperature

as well as at elevated temperatures have been carried out [2–7].

The second distinctive alloy family of HEAs is nearly exclusively

based on refractory metals (RM), such as W, Mo, Nb, Ta, typically

crystallizing in body centered cubic (BCC) structure. Due to the

well-known high melting point of RM, alloys manufactured from

these elements seem to be very promising for applications at very

high service temperatures [8]. Outstanding values were reported

for yield strength of Nb–Mo–Ta–W and V–Nb–Mo–Ta–W alloys

at temperatures of up to 1600 �C [9]. To reduce the strikingly high

alloy density, some heavy refractory elements were substituted by

lighter elements, such as Zr and Ti [10].

In the present work, along the line of the second alloy system

approach, we aim for a new high-entropy alloy system containing

refractory elements. The prime incentive of this study is to

develop novel high temperature materials, the alloying concept

of which is generally based on alloy design principles of HEAs.

The alloy system containing refractory elements should possess

the following property combination: (i) a melting point exceeding

those of Ni-based superalloys by at least 200 K, (ii) a good long-

term high temperature strength, (iii) oxidation protectiveness at

temperatures of at least 1000 �C, and (iv) a density <10 g/cm3. In

the first part of this paper, the alloy design concept will be pre-

sented. Following, the microstructure of the alloy in the as-cast

condition as well as the microstructure after heat treatments will

be discussed. Next, results of hardness measurements will be

shown to give first insights into the ductility of the alloy at room

temperature. Finally, results of oxidation experiments will be pre-

sented to allow a concise characterization of high temperature

oxidation protectiveness.

http://dx.doi.org/10.1016/j.jallcom.2014.11.012
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2. Alloy design concept

The presented approach here is rather simple: four main ele-

ments will be set, building a core alloy system which may be

expanded gradually by adding further alloying elements to fulfill

the requirements mentioned above. Firstly, the majority of these

elements should exhibit a high melting point. Secondly, most of

the elements composing the HEAs to be developed should possess

the same lattice structure, at least at the anticipated high temper-

atures, to facilitate the formation of a single-phase solid solution.

With respect to these two constraints, it seems reasonable that

Mo and W, both BCC, can be considered as prime candidates for

the new alloy system. Due to their chemical similitude, they form

a continuous solid solution [11]. Unfortunately, both, Mo and W,

show a very poor high temperature oxidation resistance, so-called

catastrophic oxidation, due to the formation of gaseous oxides [12].

In order to potentially enable the formation of a protective oxide

scale on the metallic surface and, consequently, to ensure the alloy

protectiveness, Al and Cr will be added to the core alloy system.

The addition of both elements, Al and Cr, is essentially aimed at

the formation of an alumina layer that maintains its highly protec-

tive properties also at temperatures above 1000 �C [13]. In terms of

high temperature oxidation, Cr effectively supports the formation

of a continuous alumina scale in many alumina forming high tem-

perature alloys [13]. While Cr also fulfills the requirement of hav-

ing the same BCC structure as W and Mo, Al possesses the FCC

lattice structure. However, it was found not only in other HEA sys-

tems such as AlxCoCrFeNi, but also in steels that Al acts as a strong

BCC stabilizer [6,14]. Thus, it may be expected that Al addition to

new refractory HEAs might not deteriorate the formation of a sin-

gle phase BCC structure.

Most refractory elements exhibit a rather high density. This fea-

ture is undesirable and, consequently, confining for many practical

applications. In order to reduce the density of the new alloy system

further, Ti may be added. In addition, Ti possesses the BCC lattice at

temperatures above 882 �C. Therefore, it may be assumed that Ti

additions would also in our alloy support the formation of a single

BCC phase, at least at targeted temperatures beyond about 1000 �C.

Thus, the first equimolar refractory high-entropy alloy proposed

within the core alloy system determined previously consists of

20Mo–20W–20Al–20Cr–20Ti.

Since the alloy 20Mo–20W–20Al–20Cr–20Ti represents the

first candidate from the new material family Mo–W–Al–Cr–x, it

was considered indispensable to combine experimental investiga-

tions with theoretical evaluations, which use thermodynamic

calculations. Table 1 shows phases which can form in the

corresponding binary, ternary, quaternary, and quinary systems

at 1100 �C. Thermodynamic calculations were carried out using

the software FactSage V6.4 in conjunction with a commercial

database which includes the following elements: Mo, W, Al, Cr,

Ti, O Results of these calculations clearly show that except two

binary systems, Al–Ti and Mo–Al, the BCC phase is the solid-

solution phase forming in all investigated combinations. In the

binary Cr–Ti system, the ordered Laves phase (C15 crystal struc-

ture) can form along with the BCC phase, while two ternary

systems, W–Cr–Al and Mo–Al–Ti, exhibit additional solid solution

phases, designated B2B and CUB_A15, respectively. It is obvious

that all binary systems containing Al and the majority of ternary

alloys with Al form intermetallic compounds, predominantly TiAl

(see Table 1). Furthermore, all ternary systems containing the two

elements, Ti and Al, as well as the majority of quaternary systems

which include Ti and Al may form the well known TiAl interme-

tallic compound. It is obvious that this intermetallic compound

may exhibit a very high thermodynamic stability. However, in

the quinary alloy, TiAl seems to become rather unstable from a

thermodynamic point of view and the BCC phase is the only

phase which can form at 1100 �C.

Fig. 1 shows fraction of phases which may be formed under

equilibrium conditions in the alloy 20Mo–20W–20Al–20Cr–20Ti

in the wide temperature range from 200 �C to 2000 �C. One inter-

metallic compound, TiAl, and four solid-solution phases, i.e. BCC,

B2B, CUB, and sigma, can be formed below the melting tempera-

ture. It is worth noting that the BCC phase is the only phase that

is stable between 1077 �C and the melting point, while the inter-

metallic compound is only stable within a very narrow tempera-

ture range from 935 �C to 1077 �C, the CUB phase becomes

thermodynamically unstable above 780 �C, and both, the sigma

and B2B phases seem to transform into the BCC phase above

1000 �C. Most importantly, the chosen alloy has a melting point

of Tm = 1700 �C that is considerably higher (at least 250 K) than

those of commercial Ni-based alloys.

Table 1

Phases in the equimolar metallic systems.

Systems Solid-solution phases Intermetallic compounds

Mo–W BCC

Mo–Cr BCC

Mo–Ti BCC

W–Cr BCC

W–Ti BCC

Cr–Ti BCC + LAVES_C15

Al–Ti TiAl

Mo–Al Mo3Al + Mo3Al8

W–Al BCC WAl4

Cr–Al BCC Cr5Al8

Mo–W–Cr BCC

Mo–W–Ti BCC

Mo–Cr–Al BCC

Mo–Cr–Ti BCC

W–Cr–Ti BCC

W–Cr–Al BCC + B2B

W–Al–Ti BCC TiAl

Cr–Al–Ti BCC TiAl

Mo–Al–Ti BCC + CUB_A15 TiAl

Mo–W–Al BCC Mo3Al8

Mo–W–Cr–Al BCC

Mo–W–Cr–Ti BCC

Mo–Cr–Al–Ti BCC

Mo–W–Cr–Ti BCC

Mo–W–Al–Ti BCC TiAl

W–Cr–Al–Ti BCC TiAl

Mo–W–Al–Cr–Ti BCC

Fig. 1. Equilibrium phase distribution in the alloy 20Mo–20W–20Al–20Cr–20Ti

(calculated by FactSage).



Further, it is of interest to know the elemental partitioning

between the phases possibly present in the alloy as shown in

Fig. 1. This knowledge will be useful for further alloy development,

since an undesirable phase may be eliminated by lowering the con-

centration of the corresponding element or even by its complete

substitution by another element. Fig. 2 shows the elemental distri-

bution in the respective phases as displayed in Fig. 1 at 700 �C.

Thermodynamic calculations clearly reveal that the disordered

BCC phase is rich in W and Mo at this temperature, while the

ordered cubic B2B phase is primarily rich in Cr. Al and Ti are the

main elements present in the sigma phase, whereas the CUB

phase with the ordered A15 crystal structure, generally exhibits

the composition (Mo,Ti)3Al, however, being enriched in Mo.

3. Experimental

The alloy 20Mo–20W–20Al–20Cr–20Ti was produced from elemental bulk ate-

rials by arc-melting in �0.6 atm of argon utilizing an arc-melter AM 0.5 by Edmund

Bühler GmbH. The purities of the starting materials Mo, W, Al, Cr and Ti were 99.9%,

99.96%, 99.9%, 99% and 99.8%, respectively. Gaseous impurities such as oxygen and

nitrogen were generally found to be on a very low level, with the used titanium

being of significantly higher purity than commercial Ti grade 1 in particular. The

prepared buttons had a mass of �25 g and were flipped over and remelted more

than five times in a water-chilled copper mold to ensure homogenization of the

alloying elements. Heat treatments were carried out in protective Ar atmosphere

using a tube furnace (Gero GmbH) at temperatures up to 1200 �C.

The microstructure of the samples in the as-cast condition as well as after heat

treatment processes was analyzed using a FIB-SEM DualBeam System of type FEI

Helios Nanolab 600 equipped with BSE and EDS detector. The crystal structure

was identified by using of the Panalytical X0Pert pro MPD X-ray diffractometer

applying Cu Ka radiation. Vickers microhardness was measured on polished

cross-sectional surfaces using a 136� Vickers diamond pyramid with a load of

100 g applied for 12s (Struers Duramin-1/-2 device). For the oxidation test, one

specimen of dimension of approximately 10 mm � 10 mm � 10 mm was cut from

the bar in the as-cast condition and polished up to 1000 grit. The specimen was

ultrasonically cleaned in ethanol directly before testing in a Rubotherm thermo-

gravimetric system. The morphology and composition of corrosion products was

analyzed using the same experimental techniques as mentioned above.

4. Results

4.1. Microstructure

One of the severe limitations of the thermodynamic calculations

results from the fact that they assume thermodynamic equilibrium.

However, this assumption is often not fulfilled, since kinetics plays

an important role in the development of the microstructure and,

consequently, in determining the alloy properties. For this reason,

experimental investigations on the material microstructure in

different conditions, i.e. in the as-cast condition and after heat

treatments, were carried out. Fig. 3 shows the microstructure of

the alloy 20Mo–20W–20Al–20Cr–20Ti in the as-cast condition.

The alloy exhibits a dendritic microstructure which is typical of

many HEAs [15]. The dendrites are slightly branched and rather

rounded in shape. The EDX analysis reveals that preferentially W

and partially Mo segregate to the dendrite arms, while the inter-

dendritic regions are rich in the lighter elements Al, Cr, Ti, and, to

a minor extent, in Mo (see Fig. 4). Hence, it can be assumed that

the alloy in the as-cast condition either forms two phases with dif-

ferent crystal structures, or both dendritic and interdendritic

regions possess the same crystal structure, but different chemical

compositions due to segregation effects of the heavy and high

melting elements, W and Mo. To clarify the last point, the cast alloy

20Mo–20W–20Al–20Cr–20Ti was solution heat treated for 20 h

and 40 h at 1200 �C, respectively.

Fig. 5 shows the microstructure of the alloy 20Mo–20W–20Al–

20Cr–20Ti after solution heat treatments at 1200 �C for 20 h and
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Fig. 2. Element distribution in the phases of the alloy 20Mo–20W–20Al–20Cr–20Ti at 700 �C; (a) BCC phase, (b) B2B phase, (c) sigma phase, and (d) CUB phase.



40 h (Fig. 5(a)) and 40 h (Fig. 5(b), respectively). It is obvious that

the annealing at 1200 �C leads to a pronounced homogenization

of the alloy microstructure. After 20 h only some small separate

islands rich in W and Mo (former dendrites) are visible, with their

size being substantially decreased compared to that formed in the

as-cast condition (compare Figs. 3 and 5(a)). After 40 h of anneal-

ing at 1200 �C the alloy microstructure appears to be nearly homo-

geneous. Small black dots were identified as contaminations

arising from the manufacturing process.

In order to characterize the development of the alloy micro-

structure further, X-ray diffraction (XRD) measurements were

carried out on two samples, in the as-cast condition and after

40 h of heat treatment at 1200 �C, see Fig. 6. Both XRD plots have

been corrected for background noise and the measured intensities

are plotted in a linear fashion. The analyses on both samples show

five strong peaks in the 2h-range from 15� to 120�. However, higher

magnifications reveal ambiguous shoulder peaks on the left side of

all diffraction peaks with high intensity (see the insertion with the

higher magnification, Fig. 6). To fit the peak shape, the insertion of

an additional peak arranged extremely close to the main peak was

necessary, indicating that the alloy in the as-cast condition as well

as after the heat treatment apparently comprises two different BCC

phases. One of these two BCC phases in the sample in the as-cast

condition possesses a derived lattice constant of 3.1033 Å, while

the second BCC phase reveals a lattice parameter of 3.116 Å. The

corresponding lattice parameters determined on the sample after

40 h of heat treatment at 1200 �C are 3.0934 Å and 3.1015 Å for

100 μm

Fig. 3. Microstructure of the alloy 20Mo–20W–20Al–20Cr–20Ti in the as-cast

condition (SEM BSE mode).

40 μm

Mo

W Al

Cr Ti

Fig. 4. Element distribution in the alloy 20Mo–20W–20Al–20Cr–20Ti in the as-cast condition.



the first BCC phase and the second BCC phase, respectively. It is

obvious that the marginal difference in the lattice constants

between two BCC phases detected on the sample in the as-cast

condition decreases further for the sample after heat treatment

supporting the conclusion drawn from the thermodynamic calcu-

lations that a single BCC phase prevails after complete homogeni-

zation. The sole presence of disordered BCC phase(s) was also

confirmed by additional inspection of the measured intensities in

the XRD patterns by plotting on a logarithmic scale (not shown

here): no additional peaks due to further phases could be detected.

4.2. Hardness measurement

Hardness measurements should provide first insights into the

mechanical properties of the alloy at room temperature. The hard-

ness indentation in Fig. 7(a) exemplarily carried out on the as-cast

sample clearly demonstrates the ductile nature of the alloy since

cracks were neither detected in the dendrites nor in the interden-

dritic areas. As expected, the W- and Mo-rich dendrites exhibit

much higher hardness values compared to the interdendritic areas

and the spread of the hardness values is substantial. Clearly, these

values can be grouped into two categories in terms of the dendritic

and the interdendritic regions, respectively, as shown in Fig. 7(b).

The mean hardness value of the dendrites is about 685 HV, while

the corresponding value for the interdendritic regions is about

330 HV. By contrast, the hardness values measured on the sample

after 40 h annealing at 1200 �C lie with 802 ± 10 HV0.1 very close

together (see Fig. 7(c)) indicating a significantly more homoge-

neous microstructure. These results are in good agreement with

the microstructural analysis shown above.

4.3. Oxidation behavior

As mentioned above, the oxidation behavior is a crucial feature

for alloys containing refractory metals. Since the alloy 20Mo–

20W–20Al–20Cr–20Ti contains 40 at.% of refractory elements

(20 at.% Mo and W each), it is of interest to explore the potential

of this alloy regarding the high temperature oxidation resistance.

(a) (b)

10 μm 100 μm

Fig. 5. Effect of heat treatment processes on the microstructure of the alloy 20Mo–20W–20Al–20Cr–20Ti; (a) microstructure after 20 h of heat treatment at 1200 �C, (b)

microstructure after 40 h of heat treatment at 1200 �C, both SEM BSE mode.

Fig. 6. XRD patterns of the alloy 20Mo–20W–20Al–20Cr–20Ti: (top) in the as-cast condition and (bottom) after 40 h of heat treatment at 1200 �C.



Fig. 8 shows the mass change of the alloy 20Mo–20W–20Al–20Cr–

20Ti in the as-cast condition during 40 h of exposure to laboratory

air at 1000 �C. The kinetic curve obviously obeys the parabolic rate

law indicating that the growth of the oxide scale proceeds through

solid state diffusion. Further, considering the position of the ther-

mogravimetric curve at positive values and its positive slop, it

can be assumed that the evaporation of Mo and W oxides during

the oxidation process is either negligibly small or entirely inhibited

by the oxide layer formed on the metallic substrate. However, it

should be pointed out that despite the parabolic trend of the

kinetic curve the mass gain after 40 h of exposure is significant

compared to state-of-the-art Ni-based superalloys [13].

Fig. 9 shows micrographs of a cross-section as well as the EDX

element distributions of the alloy 20Mo–20W–20Al–20Cr–20Ti

after 40 h exposure to air at 1000 �C. The formation of a rather inho-

mogeneous and porous oxide scale on the surface is characteristic of

the alloy. The metallic substrate is covered by a mixed oxide which

primarily consists of Al, Cr, and Ti oxides. In addition, this oxide

layer exhibits a slight tendency to spalling. Despite the fact that

the scale formed on the surface consists of a mixed oxide, several

prospective features can be found. Firstly, the thickness of the oxide

scale is rather moderate (about 23 lm), indicating the relatively

slow diffusion rates in the oxide scale. Secondly, EDX element dis-

tribution micrographs clearly show that a semi-continuous Cr2O3

scale forms on the interface oxide/substrate, underpinning the

potential ability of the alloy to form a protective oxide scale. Thirdly,

the EDX analysis evidently indicates that only negligibly small

amounts of Mo and W were detected in the oxide scale, suggesting

that the alloy does not suffer from catastrophic oxidation.

5. Discussion

The concept of HEAs postulates the preferential formation of a

disordered, ideally single-phase, solid solution microstructure in

equimolar HEAs, while the formation of brittle intermetallic com-

pounds should be inhibited in consequence of thermodynamic

driving forces [1]. In reality, in addition to disordered solid

solutions, HEAs quite often form other phases, such as ordered

solid solutions, amorphous phases and even intermetallic

compounds [4]. This may indicate that in many cases the simple

HEA concept is at least debatable. The development of the alloy
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Fig. 7. Hardness measurement; (a) top view of a hardness indent, (b) hardness values of the alloy 20Mo–20W–20Al–20Cr–20Ti in the as-cast condition, and (c) hardness

values of the alloy 20Mo–20W–20Al–20Cr–20Ti after 40 h of heat treatment at 1200 �C.
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Fig. 8. Mass change of the alloy 20Mo–20W–20Al–20Cr–20Ti during exposure to

laboratory air at 1000 �C.



20Mo–20W–20Al–20Cr–20Ti also aimed at the formation of a sim-

ple-single phase microstructure. The results of the microstructural

analysis shown above reveal that our alloy obviously tends to form

a disordered body centered cubic crystal structure at high temper-

atures upon annealing. XRD measurements clearly show that the

difference in lattice constant between two crystal structures

diminishes for the sample after the heat treatment supporting

the conclusion from the thermodynamic calculations that only

one BCC phase should form in the alloy after appropriate heat

treatment. After the applied heat treatment of 40 h at 1200 �C,

however, the alloy still reveals inhomogeneity in the chemical

composition on atomic scale due to insufficient intermixing of

the atoms with substantially different radii. This can either cause

locally varying lattice distortions within a single BCC phase or

the presence of two BCC phases with only slightly different lattice

constants. Hence, the assumed incomplete homogenization leaves

potential for further optimization in order to achieve a truly

single-phase and, hence, homogeneous microstructure. In this

regard, further heat treatments as well as extensive microstruc-

tural investigations will be carried out in future work.

Although the alloy 20Mo–20W–20Al–20Cr–20Ti tends to

possess a rather simple microstructure consisting of the two BCC

phases, the thermodynamic calculations shown in Fig. 1 reveal that

the formation of a small amount (about 7 at.%) of an intermetallic

compound TiAl is possible within the temperature range from

935 �C to 1077 �C. To clarify whether TiAl forms in the alloy at

1000 �C, further XRD measurements were carried out on a sample

annealed for 24 h at 1000 �C. However, no TiAl was detected utiliz-

ing XRD which is assumed to be caused by the sluggish kinetics in

this alloy at 1000 �C as well as due to the relatively short time of

the annealing process. Thus, the formation of the TiAl phase in

the alloy seems to be inhibited.

In order to identify the critical concentration of Al that must be

deceeded to suppress the intermetallic compound TiAl in the alloy

20 μm

Mo

W Al

Cr Ti

O

Fig. 9. Cross-section and corresponding EDX element distribution micrographs of the alloy 20Mo–20W–20Al–20Cr–20Ti after exposure to laboratory air at 1000 �C for 40 h.



20Mo–20W–20Al–20Cr–20Ti, additional thermodynamic calcula-

tions were carried out. In these calculations, the amount of Al

was varied, while the concentrations of all other elements in the

alloy were kept equal and calculated as (100 � cAl)/4. Fig. 10 proofs

that the formation of the intermetallic compound TiAl can be

avoided completely if the Al concentration in the alloy is set to

17 at.%.

Likewise, Al plays an important role for the formation of the

ordered CUB phase, which is found in the thermodynamic calcula-

tions to be stable in the alloy 20Mo–20W–20Al–20Cr–20Ti in the

temperature range from room temperature up to 800 �C. Fig. 11

shows that a slight reduction of the Al content from 20 down to

17 at.% also yields a significant decrease of the phase fraction of

the CUB phase, e.g. at 600 �C from roughly 13 to 4 at.%. Addition-

ally, lowering of the Al concentration in this alloy system causes

a shrinkage of the field of thermodynamic stability for the CUB

phase leading to a shift to lower temperatures. Since the diffusion

processes are very slow at such low temperatures, the formation of

the CUB phase seems to be strongly inhibited. This explains, why

the phase was not observed in this study.

On the one hand, the results of thermodynamic calculations

regarding the Al effect on the phase stability in the alloy system

Mo–W–Al–Cr–Ti indicate that lowering the Al concentration may

be beneficial in terms of the alloy microstructure since the amount

of the TiAl and CUB phases can be reduced significantly or their for-

mation can even be suppressed. On the other hand, besides the

suppression of some ordered phases, the formation of the disor-

dered BCC solid solution was of paramount importance. Fig. 12

shows the effect of the Al content on the Gibbs free energy of the

BCC phase within the temperature range from 200 to 1700 �C.

Clearly, the calculated increase of the Gibbs free energy with

decreasing Al concentration is marginal. Thus, it can be assumed

that lowering of the Al content in the alloy system Mo–W–Al–

Cr–Ti, at least from 20 to 17 at.%, will cause no significant change

of the thermodynamic stability of the disordered BCC phase.

High temperature oxidation experiments displayed that though

the oxidation kinetics follows the parabolic rate law, the oxidation

rate is rather high. In fact, the high temperature oxidation resis-

tance of the alloy 20Mo–20W–20Al–20Cr–20Ti may be improved

by the formation of a dense and continuous oxide layer, either

Al2O3 or Cr2O3. The cross-sectional analysis of an oxidized sample

Fig. 10. Change of the phase fraction of the intermetallic compound TiAl with

decreasing Al content in the alloy system Mo–W–Al–Cr–Ti at 1000 �C.

Fig. 11. Effect of Al content on the phase fraction of the CUB phase in the alloy

system Mo–W–Al–Cr–Ti at different temperatures.

Fig. 12. Effect of Al content on the Gibbs energy of the BCC phase in the alloy system Mo–W–Al–Cr–Ti at different temperatures.



(Fig. 9) clearly reveals that no protective oxide scale, neither Al2O3

nor Cr2O3, is formed on the metallic surface. While a discontinuous

layer of Cr2O3 is clearly visible at the interface oxide/substrate,

Al2O3 was only found as a constituent of the thick oxide scale that

represents a mixture of diverse oxides, such as TiO2, Al2O3, Cr2O3

and WO3. Numerous studies on high temperature oxidation behav-

ior of different alloys concluded that the formation of a highly pro-

tective oxide layer consisting of a single oxide is substantially

impeded if oxides form, which exhibit similar thermodynamic sta-

bilities. It is, for example, surprising that TiAl alloys containing

high Al concentrations from 35 at.% to 50 at.% do not form a protec-

tive Al2O3 scale. Instead, a thick and porous oxide layer consisting

of a mixture of Al2O3 and TiO2 forms on the metallic surface lead-

ing to high oxidation rates [16]. Here, both oxides, Al2O3 and TiO2,

show very similar thermodynamic stabilities and, thus, the same

behavior prevails in the alloy 20Mo–20W–20Al–20Cr–20Ti.

Becker et al. investigated the effect of different additional ele-

ments on the oxidation protectiveness of TiAl alloys. It was found

that only Nb containing alloys formed a long-lasting, protective

Al2O3 layer [16]. Stroosnijder et al. reported the strong beneficial

effect of Nb ion implantation on the high temperature oxidation

resistance of the c-TiAl-based alloy Ti–48Al–2Cr [17]. This process

facilitates the formation of a Al2O3 scale notably enhancing the oxi-

dation protectiveness of the alloy. One can speculate whether Nb

has the same positive effect on the oxidation behavior of the alloy

20Mo–20W–20Al–20Cr–20Ti. In addition, Nb exhibits a BCC

crystal structure as most of the elements in the alloy 20Mo–

20W–20Al–20Cr–20Ti. Thus, it can be supposed that no additional

complex phases form in the alloy. Further, thermodynamic assess-

ments as well as ensuing experiments will be needed to verify

these hypotheses.

6. Conclusions

In this paper, a new refractory high-entropy alloy system

Mo–W–Al–Cr–x was proposed as a perspective candidate for

applications at high temperatures. Neither thermodynamic nor

experimental data have been published yet on this system. The

alloy 20Mo–20W–20Al–20Cr–20Ti from this system was

investigated with respect to phase stability, alloy microstructure,

mechanical properties at room temperature, and high temperature

oxidation behavior. The following characteristics of this alloy can

be summarized:

1. Thermodynamic calculations were used as a powerful means to

define and confirm the suitable chemical composition of the

alloy 20Mo–20W–20Al–20Cr–20Ti. The calculated melting

temperature of the alloy is about 1700 �C. According to the

results of the thermodynamic calculations, the BCC phase is

the only phase which is stable at temperatures above 1100 �C.

Three solid solutions and the intermetallic compound TiAl pos-

sibly form at lower temperatures. A reduction of the Al content

in the alloy down to 17 at.% would, however, entirely prevent

the formation of the intermetallic compound TiAl. Additionally,

the reduction of the Al concentration may induce a significant

decrease of the phase fraction of the ordered CUB phase. Con-

currently, the thermodynamic stability of the solid-solution

BCC phase seems to remain nearly unaffected.

2. The alloy exhibits a dendritic microstructure in the as-cast con-

dition which is typical of many HEAs. Microstructural analysis

reveals that preferentially W and partially Mo segregate to den-

drites, while the interdendritic regions are rich in Al, Cr, Ti, and,

to some extent, in Mo. The corresponding heat treatments lead

to a homogenization of the alloy. XRD measurements show that

either two BCC phases with slightly different lattice constants

or even one BCC phase with a fluctuating lattice distortion form

in the alloy in the as-cast conditions as well as after homogeni-

zation. This can probably be attributed to the incomplete

homogenization of the alloy after annealing. Further investiga-

tions are needed to solve this issue.

3. Hardness measurements of the sample in the as-cast condition

show a bifurcation of the hardness values depending on

whether dendritic or interdendritic regions were probed, while

the hardness values of the sample after annealing are constant

with 802 ± 10 HV. In addition, the hardness indentations reveal

no cracks in both, the dendritic and interdendritic areas, indi-

cating the potentially ductile behavior of the alloy at room

temperature.

4. Although many materials containing refractory metals suffer

from severe oxidation, the alloy already reveals a surprisingly

good high temperature oxidation resistance. The mass change

of the alloy during 40 h of exposure to air at 1000 �C follows

the parabolic rate law indicating that the growth of the oxide

scale proceeds through solid state diffusion. The evaporation

of oxides of refractory elements Mo and W seems to be either

negligibly small or entirely inhibited by the oxide layer formed

on the alloy. Nevertheless, the oxidation rate is still relatively

high. A substitution of Ti by Nb in the alloy may facilitate the

formation of a protective Al2O3 on the metallic substrate,

improving the oxidation resistance notably.
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a b s t r a c t

The effect of Ni on the oxidation behaviour of the alloy Co–17Re–23Cr (at.%) is studied. The results show

that the alloying of 15 at.% Ni improves the alloy oxidation resistance significantly by promoting the for-

mation of a protective Cr2O3 layer. This effect can be attributed at least partially to the enhancement of Cr

diffusion by Ni in the metallic Co–Re–Cr–Ni matrix. Moreover, the formation of relatively slow growing

Co(Ni)O solid–solution in the transient stage supports the lateral growth of Cr2O3 nuclei and thus accel-

erates the establishment of the compact chromia layer.

� 2015 Elsevier Ltd. All rights reserved.

1. Introduction

Based on thermodynamic data suggesting the complete misci-

bility of Co and Re, Co–Re-based alloys with melting points well

beyond that of the commercial Ni-based superalloys have been

recently proposed as a potential material class for high tempera-

ture structural applications [1]. Similar to the conventional Co-

based superalloys, Cr is added to the Co–Re alloy system, aiming

to improve both the mechanical properties through solid–solution

strengthening and the oxidation resistance through the formation

of a protective Cr2O3 scale. The alloy Co–17Re–23Cr (at.%) is

designed as reference alloy for the successive development of the

Co–Re–Cr system by means of further alloying additions (e.g., B,

C, Si, Ta, etc.) to provide sufficient strength and oxidation

resistance at elevated temperatures [2–6]. The microstructure of

the reference alloy Co–17Re–23Cr consists of a hexagonal close-

packed (hcp) Co-based solid–solution matrix in which the

Cr-stabilised composite-strengthening sigma (r) phase is embed-

ded [7], see Fig. 1(a). A slightly detrimental effect of the hard

(1500 HV) but brittle r phase both on mechanical properties and

oxidation resistance in the Co–Re–Cr-based alloys has been

reported before [2,3]. Nevertheless, the morphology and volume

fraction of the sigma phase can be considerably adjusted by proper

control of the chemical composition and thermal treatment [8].

Mukherji et al. report [9,10] that the alloying of 15 at.% Ni to the

alloy Co–17Re–23Cr significantly refines the particle size of the

sigma phase down to a size of about 100 nm, enhancing the intrin-

sic ductility of the alloy without weakening its strength. Such a

microstructure is also very beneficial for high temperature creep

resistance. Therefore, the effect of alloyed Ni on the oxidation

behaviour of the Co–Re–Cr-based alloys is of great interest and

has been the main driving force to conduct this study.

2. Materials and experimental procedure

The materials used in this work, the alloy Co–17Re–23Cr–15Ni,

Co–17Re–23Cr–15Ni–ANN (see Table 1 for denotation) as well as

the reference alloy Co–17Re–23Cr, have been produced by arc

melting using elementary substances with high purity (>99.98%).

After drop casting the alloys, a three-step solid–solution heat treat-

ment (1350 �C/5 h, 1400 �C/5 h, 1450 �C/5 h) has been carried out

in a high vacuum furnace followed by argon quenching. The micro-

structure of the solution heat treated Co–17Re–23Cr–15Ni is

shown in Fig. 1(b). In addition, a part of the solution heat treated

Co–17Re–23Cr–15Ni has been subsequently further annealed at

1050 �C for 4 h to achieve the fine sigma precipitates, see

Fig. 1(c). Obviously, the alloy Co–17Re–23Cr–15Ni is almost free

of sigma phase, whereas the volume fraction of the sigma phase

in the reference alloy Co–17Re–23Cr and the annealed alloy

Co–17Re–23Cr–15Ni–ANN is 2.3% and 38.3%, respectively. The

chemical compositions and heat treatment conditions of all alloys

used in this study are presented in Table 1.

Thermogravimetric analyses (TGA) were carried out under iso-

thermal testing conditions in laboratory air to study the oxidation

kinetics. Specimens having dimensions of 10 � 5 � 2 mm3 were
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ground using SiC paper down to 1200 grit and ultrasonically

cleaned in ethanol prior to oxidation. X-ray diffractometry (XRD)

measurements were performed to identify the phase of oxides

formed. Surface and cross-sectional scanning electron microscopy

(SEM) in combination with energy-dispersive X-ray spectroscopy

(EDS) was applied to study the oxide morphology and constitution.

Oxidised specimens for cross-sectional examinations have been

Au-sputtered and coated with Ni by electrolytic deposition to pro-

tect the oxide scale during sample preparation.

3. Results

3.1. Oxidation kinetics

The specific weight changes vs. time for the alloys exposed to

laboratory air at 1000 �C are shown in Fig. 2(a). Continuous weight

loss kinetics is observed for the alloy Co–17Re–23Cr due to the

evaporation of Re oxides, referring to the non-protective nature

of the oxide scale formed. The detailed oxidation mechanism of

the alloy Co–17Re–23Cr has been reported by Gorr et al. elsewhere

[3]. Compared to the reference alloy Co–17Re–23Cr, a significant

improvement in oxidation performance are demonstrated by both

Ni containing alloys, showing extremely small weight changes dur-

ing oxidation at 1000 �C for 24 h. Fig. 2(b) shows a comparison of

the TGA curves of both Ni containing alloys in a high resolution

of the mass change. It is evident that a kind of semi-parabolic rate

law is obeyed during the oxidation of the alloy Co–17Re–23Cr–

15Ni–ANN in air at 1000 �C from the beginning, whereas the alloy

Co–17Re–23Cr–15Ni exhibits a transient mass loss before a

steady-state weight-gain kinetics is achieved.

3.2. Scale morphology and constitution

Fig. 3 shows the surface and cross-sectional microstructures of

the alloys Co–17Re–23Cr, Co–17Re–23Cr–15Ni and Co–17Re–

23Cr–15Ni–ANN after exposure to laboratory air at 1000 �C for

72 h. The outermost oxide scale formed on the reference alloy

Co–17Re–23Cr is much coarser compared to that formed on both

Ni-containing alloys. Chemical analysis was performed on the

oxide surfaces through EDS. Results shown in Fig. 4 demonstrate

that the outermost oxide layer formed on the reference alloy Co–

17Re–23Cr consists of pure cobalt-oxide, while both Ni and Cr

were additionally detected through the surface EDS analysis on

the Ni-containing alloys. In addition, high Cr intensity was

obtained on the alloy Co–17Re–23Cr–15Ni–ANN. To determine

the lattice structure of the oxide scales formed, XRD measurements

were carried out directly on the surfaces of the oxidised alloys, and

the results are shown in Fig. 5. The outermost oxide layer formed

on the reference alloy was determined to be CoO with preferential

growth orientation. The peak positions of the spectrum obtained

from the alloy Co–17Re–23Cr–15Ni match reasonably with those

of pure CoO. Slight shifts of all peaks to larger 2h direction, which

indicates a smaller lattice parameter compared to pure CoO

according to Bragg’s law, was observed (Fig. 5b). Combining these

results with the EDS analysis, it can be concluded that the outer-

most oxide layer formed on the alloy Co–17Re–23Cr–15Ni is the

Co(Ni)O solid–solution monoxide. However, the oxide formed on

the alloy Co–17Re–23Cr–15Ni–ANN was identified by XRD to con-

sist mainly of Cr2O3 and CoCr2O4.

The cross-sectional micrographs (Fig. 3d–f) shows the multi-

layered structure of the oxide scales and demonstrate that the total

thickness of the oxide scale formed on the alloy Co–17Re–23Cr–

15Ni is about 50 times smaller than that formed on the alloy Co–

17Re–23Cr. In contrast to the typical non-protective CoO/CoCr2O4

scales formed on the reference alloy, a compact and protective

chromia layer is formed on the alloy Co–17Re–23Cr–15Ni under-

neath an outermost Co(Ni)O monoxide solid–solution layer as well

as a Ni-doped CoCr2O4 spinel intermediate layer. Obviously, the

Cr2O3 scale prevents the alloy from oxidation of Re and conse-

quently from the evaporation of Re oxides. The Ni content detected

by EDS analysis in the Co(Ni)O layer and the intermediate CoCr2O4

spinel layer is 19.3% and 2.3% (in atomic percent), respectively. On

the alloy Co–17Re–23Cr–15Ni–ANN, an oxide layer forms, which

mainly consists of pure Cr2O3. Only an extremely thin spinel layer,

which allows the electron beam to penetrate into the subsurface

Cr2O3 and, hence, leads to a high Cr intensity of the surface EDS

analysis, was observed above the compact and protective Cr2O3

layer.

3.3. Discontinuous oxidation

In order to fundamentally study the cause of the distinct oxida-

tion kinetics of the two Ni-containing alloys at the initial stage of

oxidation, discontinuous isothermal oxidation tests for different

exposure times were carried out. A single specimen was used for

each test. As shown in Fig. 6(a) and (b), a compact and continuous

Cr2O3 layer is quickly formed on the alloy Co–17Re–23Cr–15Ni–

ANN after exposure to air already during 10 min, and the oxidation

of Re and the subsequent evaporation of its oxides are almost com-

pletely prevented. The later oxidation of the alloy is then con-

trolled by the growth of the protective chromia layer, resulting in

a parabolic weight-gain kinetics. On account of the continuous

chromium consumption at the alloy subsurface by the growth of

the chromia layer, the Cr- and Re-stabilised sigma phase dissolves

Fig. 1. Microstructures of the alloys after heat treatment (SEM, BSE mode): (a) Co–17Re–23Cr; (b) Co–17Re–23Cr–15Ni; and (c) Co–17Re–23Cr–15Ni–ANN (see text and

Table 1 for details on heat treatment).



and results in a Re-riched layer underneath the chromia layer. The

transient oxidation period of the alloy Co–17Re–23Cr–15Ni–ANN

is quite short and negligible, retaining a very thin CoCr2O4 layer

over the chromia layer. On the alloy Co–17Re–23Cr–15Ni, an out-

ermost column-grained Co(Ni)O layer and an inner porous Ni-

doped CoCr2O4 layer were observed after exposure to air at

1000 �C for 10 min, as shown in Fig. 6(c). A similar structure of

the oxide scale was found after 1 h (Fig. 6(d)). The thickness of each

oxide layer is increased from about 3.5 lm to 5.7 lm, indicating

that the scaling process on the alloy Co–17Re–23Cr–15Ni in the

transient oxidation period is governed by the growth of both oxide

layers, i.e. the Co(Ni)O and the spinel phase. Despite the obvious

oxygen uptake through the formation of the oxide scale, the oxida-

tion curve shows weight loss during the first 5 h indicating an

evaporation of Re in the form of volatile oxide(s) due to the lack

of a protective chromia layer. However, it is important to point

out that a semi-continuous Cr2O3 scale is established at the spi-

nel/alloy interface after exposure for 1 h. The EDS line scan, which

Fig. 2. (a) Specific weight change vs. time for the investigated alloys oxidised in air at 1000 �C; and (b) high resolution representation for the Ni-containing alloys.

Table 1

Alloy heat-treatment conditions and phase compositions measured by EDS.

Alloy Heat treatment Matrix composition (at.%) Sigma phase composition (at.%)

Co Re Cr Ni Co Re Cr Ni

Co–17Re–23Cr STa 58.2 19.2 22.6 – 33.4 38.3 28.3 –

Co–17Re–23Cr–15Ni STa 43.4 18.2 22.6 15.8 – – – –

Co–17Re–23Cr–15Ni–ANN STa + ATa 48.1 12.6 21.0 18.3 29.3 33.5 28.2 9.0

a ST for solid solution heat treatment (1350 �C/5 h, 1400 �C/5 h, 1450 �C/5 h); AT for annealing heat treatment (1050 �C/4 h).

Fig. 3. SEM images of the alloy surfaces (top, SE mode) and cross-sections (bottom, BSE mode) after exposure to air at 1000 �C for 72 h: (a and d) Co–17Re–23Cr; (b and e) Co–

17Re–23Cr–15Ni; (c and f) Co–17Re–23Cr–15Ni–ANN.



was run from the oxide scale to the alloy, shows a sharp increase of

the Cr intensity at the spinel/alloy interface, see Fig. 7. Moreover,

few Cr2O3 internal precipitates were found just underneath the

oxide scale.

4. Discussion

Upon initial exposure of the alloy Co–17Re–23Cr–15Ni to air at

1000 �C, the oxides of the transient oxidation such as CoO, NiO,

Cr2O3, and probably the spinel phase rapidly nucleate on the sur-

face. Similar to the alloy Co–17Re–23Cr, Re oxidises and its oxides

evaporate simultaneously. At this temperature, the CoO and the

NiO nuclei grow simultaneously, forming the solid–solution

Co(Ni)O oxide. Cr2O3 particles probably react preferably with adja-

cent CoO to form the CoCr2O4 spinel phase not only because of the

higher amount of cobalt in the bulk material, which produce more

CoO on the alloy surface, but also as a consequence of thermody-

namic stabilities, since the Gibbs’ free energy reduction of the

CoCr2O4 formation reaction is almost 4 times higher than that of

NiCr2O4 formation:

NiO þ Cr2O3 ¼ NiCr2O4 DG0 ¼ �12:571 kJ mol
�1

ðT ¼ 1000 �CÞ

ð1Þ

CoO þ Cr2O3 ¼ CoCr2O4 DG0 ¼ �46:551 kJ mol
�1

ðT ¼ 1000 �CÞ

ð2Þ

Here DG0 is the standard Gibbs’ free energy change of the corre-

sponding reaction. It should be noted that all thermodynamic calcu-

lations in this work were conducted by means of the commercial

software FactSage using the ‘‘FRAN’’ database.

Since CoO and NiO grow much more rapidly than Cr2O3 [11], a

significant amount of Co(Ni)O can overgrow the transient nuclei,

establishing an outermost Co(Ni)O layer on the alloy. From the

point of view of the resulting oxidation protectiveness it is impor-

tant that the slower-growing Cr2O3 nuclei grow laterally fast

enough to form a continuous protective Cr2O3 layer, rather than

propagate as oxide islands, and then react with Co(Ni)O to form

the spinel phase. Thus, the nucleation rate of Cr2O3 and the neces-

sary/sufficient supply of Cr for the growth of the Cr2O3 kernels at

the oxide/alloy interface are a key issue. Based on this principle,

different efforts were conducted by many authors to facilitate the

Fig. 4. Comparison of the EDS spectra obtained on the surface of the oxide scales formed on the studied alloys after oxidation at 1000 �C: (a) Co–17Re–23Cr; (b) Co–17Re–

23Cr–15Ni; and (c) Co–17Re–23Cr–15Ni–ANN.

Fig. 5. Comparison of the XRD spectra of alloy surfaces (oxides) after oxidation at

1000 �C: (a) Co–17Re–23Cr; (b) Co–17Re–23Cr–15Ni; and (c) Co–17Re–23Cr–15Ni–

ANN.



formation of the protective chromia scale on alloys with low Cr-

content, such as adding elements with higher oxygen affinity to

promote the nucleation of Cr2O3 by selective oxidation [6,12],

increasing the diffusivity of Cr from the substrate to the alloy sur-

face by decreasing the alloy grain size [13,14], or shot-peening

treatment of the alloy surface [15,16].

From the thermodynamic point of view, the calculated Gibbs’

free energy change of the NiO formation reaction is even lower

in absolute values than that of CoO formation at 1000 �C, while

the Gibbs’ free energy reduction of Cr2O3 formation is about twice

as high as that of CoO formation, as shown in the following

equations:

2 Ni þ O2 ¼ 2 NiO DG0 ¼ �252:270 kJ mol
�1

O2 ðT ¼ 1000 �CÞ

ð3Þ

2 Co þ O2 ¼ 2 CoO DG0 ¼ �290:125 kJ mol
�1

O2 ðT ¼ 1000 �CÞ

ð4Þ

4=3 Cr þ O2 ¼ 2=3 Cr2O3

DG0 ¼ �532:483 kJ mol
�1

O2 ðT ¼ 1000 �CÞ ð5Þ

Consequently, it is impossible for Ni to promote the nucleation

of Cr2O3 by means of the so-called reactive element effect, where

the reactive element involved exhibits normally higher oxygen

affinity than the scale former [17]. Therefore, the significant

improvement of the oxidation behaviour of the Ni-containing alloy

Co–17Re–23Cr–15Ni seems to be connected to changes in the dif-

fusion kinetics. Fig. 8 indicates that the average grain size of the

matrix in the alloy Co–17Re–23Cr–15Ni (200 lm) is about 4 times

Fig. 6. Cross-sentional images (BSE) of the Ni-containing alloys oxidised in air at 1000 �C Co–17Re–23Cr–15Ni–ANN (a and b) and the alloy Co–17Re–23Cr–15Ni (c and d)

after oxidation for 10 min (a and c) and 1 h (b and d).

Fig. 7. EDX line scan through the oxide scale formed on Co–17Re–23Cr–15Ni after

exposure to air at 1000 �C for 1 h: (a) SEM micrograph (BSE); and (b) elemental

intensity courses along the red line in (a). (For interpretation of the references to

colour in this figure legend, the reader is referred to the web version of this article.)



bigger than that in the alloy Co–17Re–23Cr (50 lm). This is in prin-

ciple disadvantageous for a high Cr flux resulting from diffusion

along grain boundaries towards the alloy surface. However, it has

been reported by Chattopadhyay and Wood [11] that the alloy

interdiffusion coefficient in binary Co–xCr (x: 0–40 wt.%) alloys is

between 3 � 10�16 and 6 � 10�16 m2 s�1 at 1000 �C, while that in

binary Ni–xCr (x: 0–30 wt.%) alloys lies between 1 � 10�15 and

4 � 10�15 m2 s�1, which is about an order of magnitude higher,

referring to a faster diffusion of Cr in the Ni–Cr alloys than in the

Co–Cr alloys. In addition, the value of the critical concentration

of Cr required for developing a protective external Cr2O3 scale on

Ni–Cr-based alloys was commonly observed to be lower than that

for the Co–Cr-based alloys due to the faster diffusion of Cr [18]. All

these evidences indicate that the alloyed Ni may accelerate the lat-

tice diffusivity of Cr in the alloy Co–17Re–23Cr.

In order to assess the effect of Ni on the diffusivity of Cr in the

Co–Re–Cr–Ni system, in a first approach the ternary system Co–Cr–

Ni was considered and the interdiffusion coefficient of chromium,

DCrCr, was expressed following the treatment given in Ref. [19] as a

function of the tracer diffusion coefficients D	
CrCr;D

	
NiNi, and D	

CoCo,

the thermodynamic factors gCrCr, gNiNi, and gNiCr, and the mole frac-

tions xCr and xNi. As shown in detail in the Appendix, the following

equation can be deduced:

DCrCr ¼ ð1 � xCrÞgCrCrD
	
CrCr � xNigNiCrD

	
NiNi þ ðxCrgCrCr þ xNigNiCrÞD

	
CoCo

ð6Þ

Obviously, the diffusivity of Cr in the Co–Cr–(Ni) system is

dependent not only on the composition but also on the related

thermodynamic factors. The values of gCrCr and gNiCr as a function

of both xCr and xNi in a fcc Co–Cr–(Ni) solid–solution at 1000 �C

were calculated by means of FactSage using the ‘‘FRAN’’ database

and the results obtained are shown in Fig. 9. The values of the tra-

cer diffusion coefficients D	
CrCr;D

	
NiNi;D

	
CoCo at 1000 �C were taken

from the literature [20,21] as 5.22 � 10�16 m2/s, 3.07 � 10�16 m2/s

and 2.82 � 10�16 m2/s, respectively. Finally, DCrCr was calculated

and the results are plotted in Fig. 10. It must be noticed that

D	
NiNi and D	

CoCo were directly taken from experimental results on

Ni63 impurity diffusion in fcc Co and the tracer diffusion coefficient

of Co60 in fcc Co [20], respectively, whereas D	
CrCr refers to experi-

mental interdiffusion results in Co–Cr alloys with relatively low

Cr concentration [21], since there is no published data for Cr impu-

rity diffusion in fcc Co available to the best knowledge of the

authors.

The calculated values shown in Fig. 10 indicate that interdiffu-

sion coefficient DCrCr increases slightly with increasing Ni content.

This result is in good agreement with the experimental observation

obtained by Minamino et al. [22], who demonstrated that DCrCr

shows a slight increase with increasing Ni concentration for the

alloys Co–(15–30)Ni–15Cr at 1200 �C. However, in the calculation

given above, the influence of Re is not considered. Therefore, addi-

tional studies taking Re into account are necessary to provide fur-

ther clarification, whether the alloyed Ni accelerates the lattice

diffusion of Cr in the quaternary Co–Re–Cr–Ni alloys towards the

alloy surface, promoting the formation of a compact chromia layer.

In the alloy Co–17Re–23Cr–15Ni–ANN, many fine sigma parti-

cles are distributed homogeneously in the matrix grains. The high

density of phase boundaries between the sigma particles and the

matrix, which are considered as fast diffusion paths, supports the

formation of a compact and continuous Cr2O3 layer further.

Wood et al. [23] reported that the parabolic rate constant of NiO

growth on pure Ni (2.9 � 10�10 g2 cm�4 s�1) in oxygen at 1000 �C is

about two orders of magnitude lower than that of CoO growth on

pure Co (2.1 � 10�8 g2 cm�4 s�1) under the same conditions. The

large difference of the oxidation rates is suggested to be caused

by the fact that the cation vacancy concentration of NiO formed

under these conditions is much lower than that of CoO (0.07% com-

pared to 0.86%), leading to a slower outwards transport of the Ni

cations to the oxidation front, i.e. the scale/gas interface [23]. In

addition, Stiglich et al. [24] studied the interdiffusion in Co(Ni)O

solid–solution and reported that the isothermal values of the inter-

diffusion coefficients in CoO–NiO system increase exponentially

with the CoO concentration.

In the present study, marker experiments indicated that the

growth of both the CoO layer on the reference alloy Co–17Re–

23Cr and the Co(Ni)O layer on the alloy Co–17Re–23Cr–15Ni is

dominated by the outward transport of the metal cations from

the alloy to the oxide/air interface, whereas the spinel phase on

both alloys grows inwardly. As discussed above, the growth of

the outermost pure CoO layer on the alloy Co–17Re–23Cr is quite

rapid as compared to that of the Co(Ni)O layer formed on the alloy

Co–17Re–23Cr–15Ni at 1000 �C. This fast outward transport of Co

as cations from the alloy to the oxide/gas interface is connected

with a high formation rate of vacancies and vacancy clusters in

the alloy, eventually leading to the formation of voids at the

oxide/alloy interface. Although the diffusion coefficient of oxygen

anions in CoO is well-known to be several orders of magnitude

lower than that of Co cations at 1000 �C, oxygen can still penetrate

the CoO layer through pores between the coarse CoO grains. The

voids formed at the alloy/oxide phase boundary increase the spe-

cific surface of the alloy. This makes it more difficult to form a con-

tinuous chromia layer by lateral growth of the Cr2O3 nuclei. Rather

it is easier to enclose the Cr2O3 particles by CoO forming the CoCr2-

O4 spinel phase. Re oxidises at the oxide/alloy interface and its oxi-

des evaporate continuously, also raising the porosity of the

CoCr2O4 spinel layer formed and giving the gaseous oxygen access

to the alloy.

Fig. 8. High contrast SEM images (BSE signal) of alloy: (a) Co–17Re–23Cr–15Ni; and (b) Co–17Re–23Cr.



The outermost oxide layer formed on the alloy Co–17Re–23Cr–

15Ni is a solid–solution of CoO and NiO and the growth rate is rea-

sonably smaller than that of the CoO on the reference alloy Co–

17Re–23Cr. Consequently, the spinel phase formed on the Co–

17Re–23Cr–15Ni is much denser compared to that formed on

Co–17Re–23Cr. Thus, the inward transport of oxygen through the

spinel layer tends to be diffusion-controlled. The effective oxygen

potential at the alloy/oxide interface is now low enough so that

only Cr2O3 can form because of thermodynamic reasons. Once a

continuous Cr2O3 layer exists at the oxide/alloy interface, the fur-

ther oxidation of the alloy is dominated by the solid-state diffusion

in the chromia layer.

5. Conclusion

It was shown in this study that alloying of 15 at.% Ni to the ref-

erence alloy Co–17Re–23Cr improves the alloy oxidation resistance

significantly. Regardless of the existence or distribution of the

sigma phase, a continuous protective Cr2O3 layer is formed on both

Ni-containing alloys studied. The oxidation of Re and consequently

the evaporation of its oxides are therefore strongly retarded. The

alloy Co–17Re–23Cr–15Ni–ANN which exhibits fine sigma precip-

itates provides the best oxidation behaviour after a very short tran-

sient oxidation period. The alloying of Ni to the alloy is assumed to

accelerate the bulk diffusion of Cr in the alloy towards the oxida-

tion reaction front. A relatively slow growth of the outermost

Co(Ni)O solid–solution layer results in the formation of a dense

spinel layer in the transient oxidation period, facilitating the selec-

tive oxidation of Cr at the oxide/alloy interface. Consequently, this

promotes the formation of the continuous and protective chromia

layer, which controls the further oxidation kinetics.
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Appendix A. Calculation of an interdiffusion coefficient in a

ternary system from the tracer diffusion coefficients

Generally, the fundamental driving forces for isothermal diffu-

sion are chemical potential gradients. According to Kirkaldy, the

one dimensional isotherm diffusion flux Ji of component i in an

n-component system can be described by the equation [19]:

Ji ¼ �
Xn
j¼1

Lij
@lj

@x
ði ¼ 1;2; . . .nÞ ðA1Þ

where Lij are the phenomenological coefficient matrix and lj is the

chemical potential of component j. The equation above indicates

that the flux of any particular component is related to the chemical

potential gradients of all components. Since the chemical potentials

of the n components must fulfil the Gibbs–Duhem equation of ther-

modynamics, there are (n � 1) independent chemical potential gra-

dients. Eq. (A1) is generally rewritten on the basis of Onsager

formalism of Fick’s law as following:

Ji ¼ �
Xn�1

j¼1

Dij

@Cj

@x
ði ¼ 1;2; . . .nÞ ðA2Þ

where Cj is the concentration and Dij is the interdiffusion coefficient,

which is a function of Lij and also reflects the dependence of the

chemical potentials on composition. Generally, the Dij (i – j) are

cross-coefficients and can often be neglected because of the small

values, yielding:

Fig. 9. The thermodynamic factors as a function of composition in ternary Co–Cr–Ni fcc solid solution: (a) gCrCr; and (b) gNiCr.

Fig. 10. Concentration dependence of interdiffusion coefficient DCrCr in ternary Co–

Cr–Ni system at 1000 �C.



Ji ¼ �Dii

@Ci

@x
ðA3Þ

In a ternary system consisting of components i, j (solute) and k

(solvent), the interdiffusion coefficient of solute i, Dii, can be

expressed as follows:

Dii ¼ Dk
ii � xi Dk

ii þ Dk
ji þ Dk

ki

� �
ðA4Þ

where xi is the mole fraction and Dk
ii;D

k
ji, D

k
ki are the intrinsic diffu-

sion coefficients. The evaluation of the intrinsic diffusion coeffi-

cients can be obtained from the tracer diffusion coefficients

D	
ii;D

	
jj, and D	

kk on the one hand and thermodynamic factors gii, gjj,

and gji on the other hand:

@li

@xi
¼

@ðl0
i þ RT ln aiÞ

@xi
¼ RT

@ ln ai
@xi

¼
RT

xi

@ ln ai
@ ln xi

ðA5Þ

Dk
ii ¼

xiD
	
ii

RT

@li

@xi
¼ D	

iigii ðA6Þ

Dk
jj ¼

xjD
	
jj

RT

@lj

@xj
¼ D	

jjgjj ðA7Þ

Dk
ji ¼

xjD
	
jj

RT

@lj

@xi
¼

xj
xi
D	

jjgji ðA8Þ

Dk
ji=D

k
jj ¼

@lj

@xi

�
@lj

@xj
¼

xj
xi

gji

gjj

ðA9Þ

Dk
ki ¼ �

D	
kk

RT
xi
@li

@xi
þ xj

@lj

@xi

� �
¼ �D	

kk gii þ
xj
xi
gji

� �
ðA10Þ

where D	
ii;D

	
jj;D

	
kk are the tracer/self diffusion coefficients of

components i, j, and k. R is the gas constant, T is temperature, and

ai represents the activity of component i. g denotes the thermody-

namic factor and is defined as:

gii ¼
@ ln ai
@ ln xi

� �
xj

ðA11Þ

gji ¼
@ ln aj
@ ln xi

� �
xj

ðA12Þ

Inserting Eqs. (A6), (A8) and (A10) in Eq. (A4), yields:

Dii ¼ ð1 � xiÞgiiD
	
ii � xjgjiD

	
jj þ ðxigii þ xjgjiÞD

	
kk ðA13Þ

Application of this equation to the ternary system Co–Cr–Ni

using the indices i for Cr, j for Ni and k for Co leads to the expres-

sion (A14) for the interdiffusion coefficient of Cr in the alloy.

DCrCr ¼ ð1 � xCrÞgCrCrD
	
CrCr � xNigNiCrD

	
NiNi

þ xCrgCrCr þ xNigNiCrð ÞD	
CoCo ðA14Þ

Appendix A. Supplementary material

Supplementary data associated with this article can be found, in

the online version, at http://dx.doi.org/10.1016/j.corsci.2015.01.

004.
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Abstract The oxidation behavior of the newly developed Co–Re–Cr-based alloy

Co–17Re–25Cr–2Si (at.%) has been studied in laboratory air at 800–1,100 �C. A

transition of oxidation mechanism was observed in the alloy within this temperature

range. At 800 and 900 �C, the oxide scale mainly consists of an outermost Co-oxide

layer and an inner spinel CoCr2O4 layer. Few SiO2 particles were found in the inner

oxide layer. Re oxidizes and then evaporates during the exposure to air since both of

these two layers are not protective. Above 1,000 �C, the main oxide product is a

continuous compact Cr2O3 layer. SiO2 was found as inner oxides particles un-

derneath the Cr2O3 layer. Thus, the evaporation of Re-oxide is strongly retarded.

Due to the outward diffusion of Cr during the formation of the Cr2O3 scale, the

original Cr-rich sigma (r) phase at the subsurface dissolves. Furthermore, the hcp

Co solid-solution matrix supersaturated in Cr an Re brings about the precipitation of

the secondary r phase in the substrate during oxidation test.

Keywords Co–Re-based alloy � Temperature dependence � Oxidation mechanism

evolution � Microstructure change

Introduction

The development of the intrinsic properties of the Ni-based superalloys as well as

the successive improvement in the turbine blade design in the last few decades has

allowed a steady increase in engine operating temperatures. However, these
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Fig. 1 Co–Re–Cr ternary phase diagram at 1,100 �C calculated by FactSage program

operating temperatures are now reaching the limits posed by the melting

temperature of these materials [1]. Therefore, design and development of new

materials suitable for applications at service temperatures beyond those of Ni-based

superalloys have become one of the key interests for the turbine industry.

Molybdenum and niobium silicide-based alloys as alternative systems are now

being widely investigated due to their promising high temperatures properties [2–5].

Co–Re-based alloys have recently been proposed by Rösler et al. [6] as materials for

applications at temperatures beyond 1,200 �C. These alloys seem to be very

promising due to their high melting point and acceptable mechanical properties at

high temperatures.

One of the open issues at the very early stage of these alloys’ development

pertains to their oxidation resistance. Gorr et al. [7] reported that Co–17Re (all

numbers in composition are in atomic percent) exhibits a very poor oxidation

behavior due to the formation of a porous, non-protective Co-oxide layer, resulting

in the evaporation of rhenium oxides.

Similar to conventional Co-based superalloys, the addition of chromium to the

Co–Re alloy system may improve both, the mechanical properties and the oxidation

resistance of the alloys [6]. Figure 1 shows an isothermal section (at 1,100 �C) of

the Co–Re–Cr ternary phase diagram. An addition of 23 at.% chromium to the alloy

Co–17Re promotes the precipitation of the harder Cr2Re3-type sigma phase, the

particles of which increase the material strength by composite hardening [6].

Studies on the microstructure and mechanical properties of the Co–Re–Cr-based

alloys have been reported by Depka and coworkers [8] and Brunner et al. [9]

elsewhere, respectively. Furthermore, Gorr et al. [7] reported that the addition of 23



at.% chromium to the binary alloy Co–17Re does not improve the oxidation

behavior, but results in a higher evaporation rate of Re oxides caused by the

formation of a more porous CoCr2O4 spinel phase. Nevertheless, a better oxidation

resistance has been found for the alloy with a higher chromium content Co–17Re–

30Cr since a semi-continuous Cr2O3 layer forms underneath the spinel phase. Due

to the synergetic effect of Si and Cr, the oxidation resistance of the alloys Co–17Re–

23Cr–xSi (x = 1, 2, 3) becomes significantly enhanced. A quasi-continuous

chromia layer forms on the alloy Co–17Re–23Cr–3Si surface with SiO2 as internal

precipitates [10]. In all of these alloys, a compact and protective Cr2O3 oxide layer

has never been observed. Considering that higher silicon content may strongly

diminish the melting point of the alloy, we have studied the influence of the Cr

content on the oxidation behavior of the Co–17Re–xCr–2Si system. Results showed

that an increase of the Cr content from 23 to 25 at.% dramatically enhances the

oxidation resistance of the alloy due to the formation of a compact Cr2O3 layer at

1,000 and 1,100 �C [11].

However, most of the previous investigations on the oxidation behavior of the

Co–Re–Cr-based alloys devoted to the composition optimization to facilitate the

formation of a protective oxide layer were carried out at 1,000 and 1,100 �C. In

these investigations, insufficient consideration has been given to the temperature

effect on the oxidation behavior of Co–Re–Cr-based alloys, which could lead to an

incomprehensive understanding of the alloy mechanisms and may restrict the

further design/development of the alloy system. The present paper describes a

systematic study of the oxidation behavior of the alloy Co–17Re–25Cr–2Si at

various temperatures from 800 to 1,100 �C in air. Particular emphasis is placed on

the investigation of the oxidation mechanism evolution of the alloy in the

temperature range 800–1,100 �C. A study of the microstructural changes of the

alloy subsurface and the substrate during oxidation is also presented.

Material and Experimental Methods

The alloy of the composition Co–17Re–25Cr–2Si was produced by arc-melting

using elementary substances with high purity ([99.98 %) and cast in bar form

(11 9 11 9 50 mm3). The cast bar was then annealed in a vacuum furnace for

3-step homogenization (1,350 �C/5 h, 1,400 �C/5 h, and 1,450 �C/5 h). At the end

of the annealing time, the bar was quenched by argon flow within the vacuum

furnace.

Oxidation specimens with dimensions of 5 9 10 9 2 mm3 were cut from the bar

by wire cut electrical discharge machining. The surface of specimens was

subsequently ground using SiC paper down to 1,200 grit. Rounded edges were

specially prepared to avoid typical edge effects on oxidation. Prior to oxidation, all

specimens were thoroughly cleaned in ethanol in an ultrasonic bath and finally

dried.

Thermogravimetric experiments were carried out to examine the weight changes

of the alloy during exposure to laboratory air at different temperatures: 800, 900,

1,000, and 1,100 � C. Discontinuous isothermal oxidation experiments at

these



Fig. 2 Microstructure of the alloy Co–17Re–25Cr–2Si before oxidation: a backscattered electron image

(BSE); b grain distribution and orientation map gained by EBSD, c corresponding phase map of (b)

temperatures for different times were also performed to study the microstructural

evaluation of oxides formed on the alloy. Separate specimen was used for each

exposure time. X-ray diffraction (XRD) and scanning electron microscopy (SEM) in

combination with energy-dispersive X-ray spectroscopy (EDS) and wavelength-

dispersive spectroscopy (WDS) were used to characterize the alloy microstructure

and the constitution of oxides formed. Oxidized samples were Au-spattered and

coated with Nickel by electrolytic deposition for cross-sectional study. In addition,

electron backscatter diffraction (EBSD) measurements were conducted before and

after oxidation tests to study the microstructural change of the alloy.

Results

Alloy Microstructure

The typical microstructure of the alloy Co–17Re–25Cr–2Si before oxidation is

presented in Fig. 2a. The alloy consists of two phases, which are the hexagonal-

closed-packed (hcp) matrix of Co solid solution and the r phase. The existence of

the fcc phase as demonstrated in Fig. 1 for the ternary Co–Re–Cr system at

1,100 �C was not observed in the alloy Co–17Re–25Cr–2Si at room temperature.

The reason could be that the fcc phase is only stable at high temperatures and were

transformed to hcp phase during cooling from the solution treatment temperature.

Mukherji et al. [12] studied the hcp/fcc transition in the Co–Re–Cr-based alloys by

in situ neutron diffraction and found that this transformation has a large hysteresis

(about 100 �C) depending on the thermal history. By heating the alloy Co–17Re–

23Cr–2.6C and the alloy Co–17Re–23Cr–1.2Ta–2.6C from room temperature, the

transition temperature of hcp to fcc in both alloys were determined to be above

1,100 �C. An EBSD measurement of the alloy reveals that the r-phase particles are

situated not only along the grain boundaries of the hcp-matrix but also within the

matrix grains, see Fig. 2b, c. Since some single r particles near each other in

Fig. 2c show the same crystal orientation in Fig. 2b, it can be presumed that these



separated particles in the two-dimensional view of the cross-section are actually

connected spatially forming octopus-shaped r grains. The volume fraction of the r

phase in the alloy was determined using automated image analysis applying

software Image J� to be 24.0 % ± 1.0. The chemical composition in both phases

were measured by WDS analysis and listed in Table 1.

Isothermal Oxidation Kinetics

In Fig. 3, the continuous weight changes of the alloy Co–17Re–25Cr–2Si during

exposure to air at various temperatures from 800–1,100 �C are plotted versus time.

At 800 �C, a small positive weight change caused by the initial oxygen uptake was

only observed at the very initial stage of the test. After this extreme short period, the

weight change curve tends towards negative direction, demonstrating the non-

protective nature of the oxide scale formed. The evaporation of Re oxides is not

prevented. The weight loss rate is, however, reduces after about 5 h. Similarly,

negative weight change behavior of the alloy was also observed at 900 �C.

However, the weight loss rate in the first few hours is high and follows an almost

linear rate law. After a turning point around 5 h, the weight loss rate is mightily

slowed down.

In contrast, the TGA data obtained at 1,000 and 1,100 �C shows a significant

different feature. Despite the fact that a slight negative weight change occurs in the

initial period at 1,000 �C, both TGA curves seem to exhibit a weight gaining

behavior for long-term oxidation. Furthermore, the weight gain increase, especially

at 1,100 �C, it follows a parabolic time law.

Scale Morphology and Constitution

The surface morphology of the oxide scale formed on the Co–17Re–25Cr–2Si alloy

after exposure in air for 72 h at different temperatures in the range from 800 to

1,100 �C, is presented in Fig. 4. The external oxide layer formed at 800 �C is

porous and fine-grained, while that formed at 900 �C is dense with relatively larger

grains. Both of these two scales appear to be quite uniform. The outer layers formed

at both temperatures were identified as pure Co-oxide by the EDS analysis (see

Table 2). The external scale formed at 1,000 �C is not homogeneous. Significant

differences were found at lower magnification (see Fig. 4c), showing darker areas,

the distribution of which resembles the distribution of the sigma phase in the Co–

Re–Cr matrix. The oxide grain size in the darker areas is slightly bigger than that in

the brighter areas. Both types of areas reveal a high Cr content, but the darker area

contains more cobalt than the brighter area, as listed in Table 2. At 1,100 �C, the

Table 1 Chemical composition analysis applying WDS in the alloy Co–17Re–25Cr–2Si

Co (at.%) Re (at.%) Cr (at.%) Si (at.%)

hcp matrix 63.1 12.2 22.8 1.95

r phase 43.9 22.8 31.9 1.4



Fig. 3 a Thermogravimetric data of the alloy Co–17Re–25Cr–2Si during exposure to laboratory air at

different temperatures; b high resolution for the initial stages

surface of the oxide is quite homogeneous and appears similar to that formed in the

brighter area at 1,000 �C. The grain size of the external scales formed at 1,000 and

1,100 �C are also very fine compared to those formed at 900 �C. In addition, the

oxide scales formed at 1,000 and 1,100 �C appear to be denser.

In order to precisely characterize the structure of the oxide scales, microscopic

and chemical examinations were conducted on the cross-sections of oxidized

specimens. As shown in Fig. 5, both of the scales formed at 800 and 900 �C possess

two distinct oxide layers. XRD measurements, which were carried out over the

sample surfaces directly after oxidation, reveal that the outermost Co oxide layer



formed at 800 �C is pure Co3O4, while the one formed at 900 �C consists of both

CoO and Co3O4 (Table 3). This is not surprising since Co3O4 is thermodynamically

more stable than CoO in air at temperatures below 880 �C (see Fig. 6). A CoCr2O4

spinel layer, in which few SiO2 particles were found to be embedded, forms

underneath the Co oxide layer at both 800 and 900 �C. However, the spinel layer

formed at 800 �C is more porous than that formed at 900 �C. A higher Cr intensity

at 800 and 900 �C in combination with a reduced Co concentration was found at the

oxide/alloy interface. A relatively semi-continuous and thin layer of Cr2O3 forms at

alloy/oxide interface beneath the double-layered scale. Relatively few internal oxide

SiO2 particles were found underneath the spinel layer.

The oxide scales formed at higher temperatures are distinct from those formed at

lower temperatures. EDX line scans reveal that the scales formed at 1,000 and

1,100 �C consist mainly of a single-phase layer, which is clearly identified as Cr2O3

by both EDS and XRD analysis. Only an extremely thin CoCr2O4 layer forms at the

scale/air interface. A large amount of SiO2 particles was also found as a result of

internal oxidation underneath the chromia scale for both temperatures.

A comparison of the cross-section microstructure of the samples oxidized for

72 h at different temperatures, which include the oxidation products as well as the

metallic substrate below the oxide scale is shown in Fig. 7. The detailed structure of

the oxide scales formed at these temperatures is summarized and presented in

Fig. 4 Topview (SEM/SE) of the external surfaces of the alloy Co–17Re–25Cr–2Si after exposure to air

for 72 h at different temperatures: a, e 800 �C; b, f 900 �C; c, g 1,000 �C; d, h 1,100 �C

Table 2 EDS analysis of the external scale formed on the alloy Co–17Re–25Cr–2Si

EDS position (Fig. 4) Co (at.%) Cr (at.%) O (at.%)

e-1 49.7 – 50.3

f-1 48.9 – 51.1

g-1 7.9 33.7 58.4

g-2 1.2 39.3 59.5

h-1 1.3 39.7 59.0



Fig. 5 Cross-sectional images (BSE) combined with EDS line scan of the alloy Co–17Re–25Cr–2Si

after exposure to laboratory air for 72 h at 800–1,000 �C: a 800 �C; b 900 �C; c 1,000 �C; d 1,100 �C

Table 4. Even though the structure of the oxide scales formed at 1,000 and 1,100 �C

are similar, the Cr2O3 scale formed at 1,100 � C is about twice as thick as that

formed at 1,000 � C. In addition, the amount of SiO2 internal

precipitation



Table 3 XRD determination of the type of oxides formed on the alloy Co–17Re–25Cr–2Si at

800–1,100 �C

Temperature (�C) Detected oxides

800 Co3O4

900 Co3O4, CoO

1000 Cr2O3 (major phase), CoCr2O4 (minor phase)

1100 Cr2O3 (major phase), CoCr2O4 (minor phase)

Fig. 6 Co–O2 phase diagram calculated by FactSage

underneath the oxide scale increases with increasing oxidation temperature. At

1,000 �C, most of the internal oxidation particles are formed in the sigma phase. In

contrast, the SiO2 precipitates formed at 1,100 �C are much more homogeneously

distributed in the alloy subsurface.

Microstructural Change of the Substrate

The cross-sectional micrographs of the alloy Co–17Re–25Cr–2Si shown in Fig. 7a–

d demonstrate the precipitation of the secondary sigma phase in the alloy substrate

during isothermal oxidation test at 800–1,100 �C. The amount, morphology, and

distribution of the secondary sigma particles are, however, different after oxidation

tests at different temperatures. The aggregate volume fraction of the sigma phase in

the alloy substrate were determined by statistical analysis of microstructures after

oxidation tests and are summarized in Table 4. Considering the volume fraction of

the primary sigma phase in the unoxidized alloy being about 24 %, only 4 vol.% is

additionally precipitated as secondary sigma phase along the grain boundaries of the

hcp matrix at 800 �C. At 900 �C, the secondary sigma phase precipitates can also be



Fig. 7 The cross-sectional micrographs (BSE) of the alloy Co–17Re–25Cr–2Si after exposure to air for

72 h at different temperatures indicating the oxidation-affected zone (OAZ): a 800 �C; b 900 �C;

c 1,000 �C; d 1,100 �C

found in certain hcp matrix grains, where the volume fraction of this phase increases

up to 10 %. The distribution of the secondary sigma phase formed at 1,000 �C is

similar to that formed at 900 �C, but a high increase of the volume fraction of the

sigma phase of 13.8 % was detected. At 1,100 �C, the amount of the additionally

precipitated sigma phase is almost the same as that measured at 1,000 �C.

Furthermore, the secondary sigma phase exhibits different shapes from lamellar

arrangements or tiny particles at lower temperatures to relatively coarse and

spheroidal particles after oxidation at 1,100 �C.

Oxidation-Induced Phase Transformation

It has been proved that chromium stabilizes the sigma phase in Co–Re–Cr-based

alloys [11]. At 800 and 900 �C, no significant microstructural change was found in the

alloy subsurface except for the precipitation of the secondary sigma phase. At

temperatures above 1,000 �C, Cr is continuously consumed from the alloy subsurface,

particularly from the primary sigma particles, due to the growth of a protective

chromia scale, leading to the dissolution of the primary sigma phase. In Fig. 7c, one

can see that the sigma phase directly underneath the chromia scale is dissolved and

results in a slightly brighter contrast in this region. EDS analysis indicates a high

intensity of Re. In certain areas of the same sample, the sigma phase



is completely dissolved (see Fig. 8a), and instead, more SiO2 particles are formed.

EBSD scans in theses areas reveal that a fine-grained hcp phase region is newly

formed underneath the oxide scale after oxidation, which indicate recrystallization

of the alloy subsurface, see Fig. 8b. The element distribution obtained by EDS

mapping, shown in Fig. 9, exhibits a noteworthy difference of chemical compo-

sition between the newly formed hcp phase and the original hcp phase in the alloy.

Lower Cr and Co but higher Re contents are found in the new hcp grains. A joint

analyse of Figs. 8 and 9 indicates that most of the SiO2 particles form along the

grain boundaries between the new grains.

Discussion

Transition of the Oxidation Mode

A large amount of studies on the high temperature oxidation behavior of binary Co–

Cr alloys and Co–Cr-based alloys had been carried out by various authors in the last

decades (e.g. [13–19]). Most of these studies were conducted at temperatures around

1,000 �C. At these temperatures, it is a common observation that a non-protective

double-layered oxide scale, which consists of an outer CoO layer and an inner

mixture of Cr2O3 and CoCr2O4 particles in a CoO matrix, forms on alloys

containing Cr less than the critical concentration required for the formation of a

closed Cr2O3 layer. If a Co–Cr alloy possesses sufficient Cr-concentration, a densely

packed Cr2O3 layer usually develops with an associated reduction in oxidation rate.

However, the critical concentration of Cr for the formation of a protective Cr2O3

scale is markedly reduced by adding oxygen ‘‘getter’’ elements or rare-earth oxides

such as Si or Y2O3, respectively [20, 21]. In addition to the variation of the Cr-

content and the effect of additional elements, Kofstad and Hed [22] have reported

that the transition from the non-protective to the protective oxidation products also

depends sensitively on the oxygen partial pressure. Nevertheless, there are quite

limited reports on the temperature effect on the oxidation mechanism, especially on

the oxide product transition of Co-Cr-based alloys.

Table 4 Characterization of the cross-section of the alloy Co–17Re–25Cr–2Si after exposure to air for

72 h at 800–1,100 �C

Temperature

(�C)

Structure of oxide scale (from

air/scale interface to scale/alloy

interface)

Scale

thickness

(lm)

Depth of the inner

oxidation zone

(lm)

r phase volume

fraction in the

matrix (%)

800 Co3O4, Co–Cr–O spinel 30 – 28.6 ± 1.4

900 Co3O4 ? CoO, Co–Cr–O spinel 55 5 34.0 ± 2.1

1000 CoCr2O4, Cr2O3 6 26 37.8 ± 2.1

1100 CoCr2O4, Cr2O3 11 40 36.9 ± 3.0



In spite of the possibility of Re oxidation and the consequent volatilization of its

oxides, scales formed on Co–Re–Cr-based alloys are generally similar to that

formed on conventional Co–Cr-based alloys at 1,000 and 1,100 �C [7, 11, 23, 24].

The results shown above clearly reveal that a transition of the oxidation products on

the alloy Co–17Re–25Cr–2Si from non-protective double layers to a dense and

slowly growing Cr2O3 external layer occurs as the temperature of oxidation is

changed from 800 to 1,100 �C. Figure 10 plots the equilibrium dissociation oxygen

partial pressures of most oxides, which could form in the Co–Re–Cr-Si alloy

system, as a function of temperature. It is clear that Cr2O3 is always thermody-

namically much more stable than CoO in the temperature range from 800 to

1,100 �C. Hence, it can be assumed that the intense temperature dependence of the

type of oxidation products on alloy Co–17Re–25Cr–2Si is a consequence of changes

in kinetics. In this respect, the Cr diffusion plays the key role.

During the very initial stage of exposure to air, all elements present in the Co–

17Re–25Cr–2Si are oxidized on the alloy surface. However, the nucleation and

growth of chromia is preferred as discussed above. The difference in Cr

concentration at the alloy surface and within the substrate that arised due to the

formation of Cr2O3 drives a diffusion flux of Cr towards the alloy surface. A

compact Cr2O3 layer can quickly form in the case where sufficient Cr is

continuously supplied to the reaction front. Otherwise, prior formed Cr2O3 kernels

can easily be engulfed by the fast growing cobalt oxide and the spinel phase

formation follows. The Arrhenius plot of the Cr diffusion coefficient D in the binary

Co–Cr alloy system [25] shown in Fig. 11 indicates that the diffusion coefficient of

Cr in Co–Cr alloys increases almost by three orders of magnitude when the

temperature increases from 800 �C to 1,100 �C. The accelerated diffusion flux of Cr

at higher temperature facilitates the formation of a continuous chromia layer on the

alloy surface.

Fig. 8 Results of a EBSD measurement of the cross-section of Co–17Re–25Cr–2Si after exposure to air

at 1,000 �C for 72 h (the external oxide scale is completely spalled): a BSE micrograph; b grain

orientation map of the frame indicated area in (a)



Figure 12 shows the oxides formed on Co–17Re–25Cr–2Si after short exposure

to air in different conditions. At all the three temperatures, namely 800, 1,000 and

1,100 �C, a thin Cr2O3 layer is quickly formed on the top of the hcp phase in the

early oxidation stage. However, the oxides formed on the sigma phase are quite

different from each other. Even though sigma phase contains more Cr than the hcp

phase, no protective Cr2O3 layer is formed on the sigma phase at 800 �C. Instead, a

thick, porous Co-oxide/spinel-oxide double-layer is obtained (see Fig. 12a). When

the temperature increases to 1,000 �C, sufficient supply of Cr results from the

Fig. 9 Element distribution of the subsurface of Co–17Re–25Cr–2Si after oxidation in air for 72 h;

Fig. 8a shows the corresponding position

Fig. 10 Equilibrium dissociation oxygen partial pressures of different oxides



Fig. 11 Arrhenius plot of the Cr diffusion coefficient in binary Co–Cr alloys (0–40 at.%) in temperature

range 800–1,100 �C

accelerated Cr diffusion in the sigma phase also and promotes the formation of a

dense and semi-continuous Cr2O3 layer at the scale/alloy interface. This layer is

established after only 20 min, as shown in Fig. 12b. The non-protective nature of

the oxide scale formed during the transient oxidation period leads to the oxidation of

Re and consequently the evaporation of its oxides, which corresponds to the initial

negative weight change appearing in the TGA curve shown in Fig. 3. Once a

complete continuous Cr2O3 layer exists, the evaporation of volatile Re-oxides is

stopped, resulting in continuous weight gain from oxide scale growth. At 1,100 �C,

a compact protective Cr2O3 layer forms on the sigma phase almost as quickly as it

forms on the hcp Co matrix phase. The oxidation of Re and the evaporation of its

oxides is restricted to the very initial stage of oxidation only (Fig. 12c).

Oxide Scale Growth Mechanism

In order to determine the growth mechanism of the oxide scales formed, marker

experiments were carried out. Gold markers, placed on the alloy surface before

oxidation, were found at the spinel/Co-oxide interface after exposure to air at

900 �C for 2 h (Fig. 13a). A similar result was obtained at 800 �C. The presence of

the Au markers at the boundary between the outer and the inner oxide layer of the

scale implies that the outer layer grows by the outward migration of cobalt cations

and the inner spinel layer grows by inward migration of oxygen. However, at

1,000 �C/1,100 �C, no gold marker was found at the scale/alloy interface or scale/

air interface using the same experimental method. In order to avoid the confusion

caused by the standard sample preparation in this work, where the oxidized

specimens for cross-sectional examination are normally gold sputtered before Ni-

coating, and by the low melting point of Au (1,064 �C), platinum markers were used



for experiments carried out at temperatures above 1,000 �C. A specimen oxidized at

1,100 �C was directly investigated after exposure without Ni-coating, as shown in

Fig. 13b, c. Since the spinel phase, as a transient product, does not form a

continuous dense outer oxide layer, platinum markers were found on the top of the

oxide scale as well as at the spinel/Cr2O3 interface (Fig. 13b, c). This observation

suggests that the Cr2O3 scale grows predominantly due to the oxygen transport

through the Cr2O3 scale being in contrast to most of the Cr2O3 scale forming alloys

[26]. The marker is mostly reported to remain at the oxide/alloy interface, indicating

that the Cr2O3 scale grows through outward diffusion of Cr.

However, similar observations on the alternation of the growth mechanism of the

Cr2O3 scale from cation outward to anion inward transport have also been reported

in the literature for alloys containing reactive elements [27, 28]. According to

Whittle and Stringer [29], almost any element which has a higher affinity for oxygen

than the scale-forming element may be beneficial in terms of the ‘‘reactive element

effect (REE)’’. The Si-effect in the alloy Co–17Re–25Cr–2Si can thus be

considered as the REE, since SiO2 is thermodynamically more stable than Cr2O3.

Two feasible explanations of the phenomena have been extensively reviewed and

discussed by Hou and Stringer [30]. The first hypothesis suggests that the reactive

element accumulates at the grain boundary of the Cr2O3 scale, greatly retarding the

cation outward transport through the scale, and consequently, resulting in an anion

inward transport dominated scale growth. However, it has been pointed out by Hou

Fig. 12 Cross-section view (BSE) of oxide scales formed on alloy Co–17Re–25Cr–2Si: a 800 �C for

2 h; b 1,000 �C for 20 min; c 1,100 �C for 5 min

Fig. 13 Markers in the oxidized alloy Co–17Re–25Cr–2Si: a cross-sectional BSE picture after exposure

at 900 �C for 2 h; b top view (BSE) of the sample surface after exposure at 1,100 �C for 8 h; c cross-

sectional view of the cracked oxide scale shown in (b)



and Stringer [30] that the preferential path of anion transport through Cr2O3 at

temperatures around 800 �C is also grain boundaries. Thus, it is difficult to envisage

how the presence of a RE could prohibit the transport of cations but at the same time

allows the transport of anions. The other hypothesis is so called ‘‘interface

poisoning mode’’, where the reactive elements are considered to segregate at the

scale/alloy interface and block dislocations from climbing due to their large size,

and, therefore, stop the vacancy annihilation process. Hence, the cation transport

through the scale is greatly retarded, resulting in scale growth mainly due to the

inward diffusion of oxygen anions through the scale.

At 1,000 �C/1,100 �C, the rapid transient oxidation produces an thin spinel oxide

layer which then stops growing, as a protective chromia layer forms underneath. As

the further oxidation of the alloy is then governed by the growth of the Cr2O3 layer,

chromium is continuously transported from the alloy subsurface to the scale/alloy

interface, resulting in a Cr depletion zone, and accordingly in a Re enriched zone,

directly underneath the Cr2O3 scale (see Fig. 9). It is well-known that Re-based

alloys act as an effective diffusion barrier at high temperatures in Re-based diffusion

barrier coating systems on Ni-based superalloys [31]. Probably, the Re-enriched

zone underneath the Cr2O3 scale formed on the alloy Co–17Re–25Cr–2Si has a

similar effect, slowing down the outward transport of Cr.

Substrate Microstructural Evolution

As shown above, the precipitation of the secondary sigma phase takes place at all

oxidation temperatures from 800 to 1,100 �C due to the supersaturation of Cr and

Re in the hcp matrix. Since the homogenized specimens are quenched by argon

from 1,450 �C to room temperature, the precipitation of further sigma phase during

cooling is strongly retarded. The coarse and spheroidal shaped secondary sigma

phase particles precipitated in the alloy Co–17Re–25Cr–2Si after exposure to air at

1,100 �C for 72 h (see Fig. 7) indicate that the supersaturated Cr and Re in the hcp

matrix is completely precipitated as secondary sigma phase and the coarsening

process of the precipitates has been initiated.

The formation of small new grains in the hcp matrix in the outermost part of the

alloy subsurface may be attributed to the classical recrystallization phenomenon,

since the material in the near surface region exhibits a relatively high dislocations

density as a result of the polishing process prior to oxidation testing and,

consequently, is in a relatively high strain energy state. However, it should be kept

in mind that the process of the sigma phase transformation into the hcp phase may

lead to the accumulation of excessive chemical energy, which may facilitate the

formation of the new hcp grains. In order to specify, whether the microstructural

changes are driven by the strain energy stored in the dislocations or the chemical

energy which resulted from the phase transformation, the alloy Co–17Re–25Cr–2Si

has been ground down to 1,200 grit and exposed to an atmosphere with very low

oxygen partial pressure at 1,000 � C for 72 h. These conditions should primarily

prevent the oxidation of Cr, the formation of the chromia layer and, most important,

the dissolution of the sigma phase. Figure 14 shows the cross-section of the

specimen exposed to the atmosphere with very low oxygen partial pressure



(10-19 bar). Although the oxidation of Cr could not be prevented completely, the

dissolution of the sigma phase has largely been retarded. New small grains as seen

in Fig. 8b did not form at the alloy subsurface, except for few tiny hcp Co grains

newly formed mainly in the sigma phase. Since the sample surface has been

prepared in exactly the same way as in the case of the sample showing the formation

of small grains, one can conclude that this microstructural change is probably

induced by the chemical energy caused by the transformation of the sigma phase

into the hcp phase. Further, nucleation processes, in general, often take place on

defects in the material such as coarse particles. Since the new small grains have not

been observed at the silica particles, it could be assumed that the nucleation of the

new small grains occurs at partially dissolved sigma phase particles.

Outlook

Since the diffusivity of Cr plays such an important role on the oxidation behavior of

the alloy Co–17Re–25Cr–2Si, an interesting question is, whether a pre-treatment

such as shot-peening could enhance the oxidation resistance of the alloy at low

temperatures through higher dislocation density in the alloy subsurface, i.e.

generating paths for fast Cr diffusion and supporting the establishment of a compact

external Cr2O3 scale. An investigation is presently underway, and the results will be

published in future. Furthermore, the results shown above also indicate that the

sigma phase exhibits a much worse oxidation resistance than the hcp phase and

plays a detrimental role in the formation of an external chromia scale. Thus, a

reduction of the volume fraction and/or the mean particle size of the sigma phase

could also be beneficial for the oxidation resistance of Co–Re–Cr-based alloys.

Fig. 14 Results of the EBSD measurement of the cross-section of the alloy Co–17Re–25Cr–2Si after

exposure to Ar–H2/H2O atmosphere (p(O2) = 10-19 bar) at 1,000 �C for 72 h: a BSE micrograph;

b grain orientation map of the framed area indicated in (a); c phase map
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Conclusions

The oxidation mechanism of the alloy Co–17Re–25Cr–2Si is strongly dependent on

temperature in the temperature range 800–1,100 �C. Poor oxidation resistance of the

alloy was found at 800 and 900 �C due to the insufficient supply of Cr to the

reaction front to form a continuous and compact Cr2O3 layer mainly due to the low

diffusivity of Cr. The non-protective nature of the scale formed results in a material

loss through the evaporation of Re oxides. At temperatures above 1,000 �C,

accelerated Cr diffusion/transport flux in the alloy promotes the formation of a

protective Cr2O3 layer. Marker experiments indicate that the growth of the Cr2O3

layer takes mainly place via inward transport of oxygen This observation is in

accordance with the REE and can be attributed to silicon. The depletion of Cr at the

alloy subsurface leads to the dissolution of sigma phase. Apart from the subsurface

microstructural change, secondary sigma phase precipitation takes place in the alloy

substrate during oxidation at different temperatures.
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Mo-Si-B-alloys are promising materials for high-temperature applications
because of their high melting point, excellent phase stability, large alloying
capabilities, and reasonable mechanical as well as oxidative properties. A
continuing alloy development is, however, required because of the catas-
trophic oxidation taking place at intermediate temperatures and the rather
high density. The addition of Ti stabilizes a new ternary phase field including
the Mo5Si3 (T1) phase instead of the Mo3Si (A15) phase. Alloys comprising the
phases Moss, T1 and Mo5SiB2 (T2) show very high creep resistance, improved
oxidation behavior and significantly reduced density. The new T1 phase seems
to play a crucial role in the improved oxidation resistance of these new
materials, since this phase exhibits excellent oxidation behavior at interme-
diate and high temperatures. The 4-component alloys possess superior creep
behavior compared to Mo-Si-B alloys with the same microstructural phase
arrangement and size or to the single crystal Ni-base superalloy CMSX-4. The
main reason was found to be the formation of Ti-rich silicide precipitates
during processing.

Numerous alloying strategies, such as macroal-
loying with Cr, Al, Ti, Zr, Ce and microalloying with
reactive elements, such as Y, La and their disper-
soids, have already been investigated by research-
ers from the United States and Japan3,8–13 and have
also been examined in detail in the framework of the
Research Unit ‘‘Beyond Ni-based alloys’’ funded by
the German Science Foundation (DFG). The appli-
cation of Ti as an alloying element in the Mo-Si-B
system was triggered by thermodynamic calcula-
tions carried out by Yang et al.12 indicating that Ti
causes the formation of a new ternary phase field
consisting of Moss, T1 and T2 phases. From all the
alloying approaches mentioned above, only macro-
alloying with Ti seems to suppress the formation of
Mo3Si, which does not exhibit any oxidation resis-
tance, and stabilizes a new phase field consisting of
a ductile Moss matrix together with the two inter-
metallic compounds, Mo5SiB2 (T2) and Si-rich
Mo5Si3 (T1).

12 Ti addition to the T1 phase obviously
does not improve the oxidation resistance of Mo3Si,
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INTRODUCTION

New high-temperature materials required for
applications in highly efficient combustion engines
in the field of power generation or transportation
have to fulfill a number of demanding require-
ments. Compared to other novel alloying concepts,
such as Nb-1 and Pt-based alloys,2 Mo-Si-B alloys
designed within the three-phase field Moss
(molybdenum-based solid solution)-Mo3Si-Mo5SiB2

represent very promising materials regarding (1)
high melting point and phase stability, (2) multi-
phase options and alloying capabilities, (3) high
temperature oxidation resistance, (4) high tem-
perature strength and creep resistance and (5)
economic viability.3–6 Despite the already high
level of mechanical properties, the implementation
of these alloys is hampered because of the lack of
oxidation resistance at intermediate temperatures.
In addition, Mo-Si-B alloys possess a relatively
high density (9.6 g/cm3).7



but suppresses catastrophic oxidation as well as the
so-called ‘‘pesting’’ in the temperature range
400–700�C14,15 of the Mo5Si3 phase. Regarding
mechanical properties, the beneficial effect of Ti
addition in Mo-based alloys is already known for
TZM (Ti-Zr-Mo) alloys. In the Mo-Si-B system, it is
expected that the substitution of Mo by Ti increases
the strength of Moss.

Due to the high solubility of Ti in the different
phases of Mo-Si-B-Ti alloys, where Ti atoms exclu-
sively substitutes Mo atoms on their respective
lattice sites, improved mechanical and oxidative
properties of these alloys are presumed. Addition-
ally, a beneficial density reduction is received as an
important positive side effect (e.g., 7.7 g/cm3 for Mo-
12.5Si-8.5B-27.5Ti).16

However, in contrast to the thermodynamic pre-
dictions by Yang,12 the arc-melted composite mate-
rial Mo-12.5Si-8.5B-27.5Ti (all compositions are
denoted in at.%) additionally contained 7% Ti5Si3
and 26% Mo3Si (A15).

16 This was primarily attrib-
uted to the manufacturing difficulties because of the
extremely narrow phase field encompassing the
required three phases (see Fig. 1a). However, recent
thermodynamic calculations revealed that this
ternary phase field can be considerably broadened
by minor additions of Fe (see Fig. 1b).

This study summarizes the effects of macroalloy-
ing with Ti on creep and oxidation resistance of Mo-
Si-B-Ti(-Fe) composite alloys. As a basis of compar-
ison, the behavior of the respective constituting
single phases has also been studied and is dealt with
in this paper.

MATERIALS AND EXPERIMENTAL
PROCEDURE

The compositions, processing routes and phase
fractions of the monolithic intermetallic compounds
and of the composites investigated in this study are
summarized in Table I.

For the monolithic intermetallic compounds
(alloys B–D) as well as for the two-phase alloy (al-
loys A and E), a powder metallurgical (PM) pro-
cessing route was applied. For this purpose,
elemental powder mixtures of Mo, Si, Ti and B of
99.95%, 99.9%, 99.5% and 99.4% purity, respec-
tively, were used for mechanical alloying (MA). MA
was carried out under Ar atmosphere in a planetary
ball mill (Retsch PM400) with 200 rpm and a powder
to ball weight ratio of 1:13. Afterwards, the material
was compacted by field assisted sintering technique
(FAST) at 1600�C applying 50 MPa uniaxial pres-
sure. The powder was heated up with 100 K/min and
held for 15 min at the maximum temperature.
Finally, the material was hot isostatically pressed at
1400�C and 150 MPa to reduce its porosity. The
homogenization treatmentwas carried out at 1600�C
for 100 h in Ar atmospheres. By contrast, alloy B (T1
with40 at.%Ti) and the compositematerialsF,Gand
H were prepared by arc melting. A detailed descrip-
tion of the processing routes of the arc melted mate-
rials is presented in.15,16

Oxidation samples with dimension of 10 9 4 9

3 mm were machined using a slow-cutting diamond
saw, ground down to a surface finish of 1200 grit,
slightly rounded at the edges and ultrasonically

Fig. 1. Isothermal section at 1600�C of (a) Mo-Si-Ti-8.5B-0Fe compared with (b) Mo-Si-Ti-8.5B-2Fe; calculated using FactSage with a
specifically developed database predominantly based on the parameters published by Yang et al.12 The desired ternary phase field is highlighted
in black.



cleaned in ethanol. Oxidation kinetics was studied
under isothermal testing conditions for 100 h in
static laboratory air using a tailor-made Rubotherm
magnetic suspension balance with a resolution of
10�5 g equipped with automatic electronic drift
compensation. For cross-section analyses, the oxi-
dized samples were first nickel-coated, then
embedded in epoxy and ground down to 4000 grit.
Material microstructure and corrosion products
were characterized by scanning electron microscopy
(SEM; Helios Nanolab 600) in secondary-electron
(SE) and backscattered-electron (BSE) mode sup-
plemented by energy-dispersive x-ray spectroscopy
(EDS; Apollo XL). Phase identification was per-
formed by room temperature x-ray diffraction
analysis (XRD) using Cu Ka radiation (45 kV/
40 mA/k = 0.15406 nm), a step size of 0.01� and a
count time of 100 s/step. Furthermore, spatially
resolved phase analysis was carried out using elec-
tron backscattered diffraction (EBSD; TSL-EDAX).

Compression creep tests were performed at tem-
peratures ranging from 1100�C to 1300�C in vac-
uum better than 10�5 hPa. Samples were prepared
by electro-discharge machining with dimensions of
5 9 3 9 3 mm and ground at the pressure-loaded
area down to 600 grit. The applied true stresses
were calculated (and kept constant in close loop
control) during the creep tests by rtrue = r(1 + e),
while the strain e was measured by an extensometer
attached to the upper and lower pushrod close to the
compression sample. TEM samples of crept alloy F
were prepared by mechanical grinding and polish-
ing to foils of about 100 lm thicknesses. Then, these
foils were twin jet polished using a solution of
13 vol.% sulfuric acid at –35�C. The microstructure
of the crept samples was analyzed using a ZEISS
Libra 200FE with a field emission gun operated at
an acceleration voltage of 200 kV.

RESULTS AND DISCUSSION

Oxidation Resistance in Air

This section concentrates on the description of the
oxidative properties of the nearly monolithic inter-
metallic phases and the composite with Ti as addi-
tional alloying element, comparing those materials

to the corresponding alloys without Ti. First, the
necessity to substitute the Mo3Si phase is presented
based on the oxidative properties of alloy A. Then,
the oxidation behavior of monolithic T1 as well as
the nearly single-phase T2 and the effect of a rein-
forcement of T2 by means of 19% T1 is discussed.
For selected alloys, the effect of N2 known for Ti-
based silicides as a consequence of exposure to air is
shown. Finally, the oxidation kinetics and oxide
morphology of the composite material are
illustrated.

Mo3Si does not exhibit any oxidation resistance
upon exposure to air due to the high Mo content.17

Figure 2 shows that even the addition of 22% T1,
which shows high oxidation resistance, to Mo3Si
results in fully material degradation at 820–1200�C.
It becomes obvious that Ti addition cannot suffi-
ciently increase the Si activity and decrease the Mo
activity to enable the formation of a continuous/ad-
herent oxide layer and suppress pesting.

Pure Mo5Si3 exhibits pest disintegration at 800�C
and a lack of oxidation resistance in air below
1650�C because of the formation of porous oxide
layers.18,19 This insufficient oxidation protection
can be attributed to the low activity of SiO2.

18,19

Table I. Alloys studied with the corresponding chemical composition, processing route (PA powder
metallurgical, AM arc melted) and phase fractions

Alloy Chemical composition Processing route Phase fractions

A Mo-23Si-30Ti PM 77% A15 + 22% T1 + 1% contamination
B Mo-37.5Si-40Ti AM Nearly monolithic T1 with traces of Ti5Si3
C Mo-37.5Si-20Ti PM Monolithic T1
D Mo-11Si-25B-25Ti PM 92% T2, 7% Moss, 1% contamination
E Mo-13.8Si-23.6B-28.7Ti PM 19% T1 + 79% T2 + 2% contamination
F Mo-12.5Si-8.5B-27.5Ti AM 26% A15 + 28% T2 + 38% Moss + 7% Ti5Si3
G Mo-12.5Si-8.5B-27.5Ti-2Fe AM 31% T1 + 23% T2 + 39% Moss + 1% Ti5Si3
H Mo-9Si-8B-29Ti AM 61% Moss + 29% T2 + 10% Ti5Si3

Fig. 2. Oxidation isotherms of the alloy A (Mo3Si with 22% T1) oxi-
dized in air for 100 h at 820–1200�C.



behavior are (1) the higher affinity of Ti to O as
compared to Si, (2) a fast outward diffusion rate of
Ti and (3) a fast growth kinetics of TiO2. The fast
outward diffusion rate of Ti and, on the contrary,
the slow outward diffusion of Si results in a deple-
tion of Ti in the subscale region during the oxidation
process enhancing the Si activity there. In the Ti-Si-
O system, as reported by Wakelkamp, the activity
ratio aSi/aTi increases by more than 12 orders of
magnitude when the concentration of Si increases
from 35.7 (Ti5Si2.77) to 39 at.% (Ti5Si3.20) across the
Ti5Si3 homogeneity range.23 As a result, SiO2

becomes more stable than Ti oxides in a wide range
of oxygen activity. Consequently, SiO2 can cover the
substrate by lateral growth in the further stages of
oxidation beneath the TiO2 layer and, further,
enables reliable oxidation protection. Additional
experimental results and a detailed description of
the underlying mechanisms of the oxidation
behavior of the T1 phase will be described in more
detail elsewhere.

Earlier investigations by Yoshimi et al.24 indi-
cated that the oxidation resistance of Mo5SiB2(T2)-
based alloys might be even worse than that of B-
doped Mo5Si3 because of the initially lower viscosity
of silicate formed onto Mo5SiB2 and the high evap-
oration rates of B2O3 at higher temperatures. Fig-
ure 4a shows discontinuously measured oxidation
isotherms of nearly monolithic (Mo,Ti)5SiB2 (alloy
D) and of (Mo,Ti)5SiB2 with 19% T1 (alloy E). The
transient stage of all curves is characterized by
mass gain indicating enhanced formation of solid
oxides. Alloy D initially exhibits weight gain kinet-
ics that turns into negative kinetics after 6–7 h of
oxidation suggesting that the evaporation of MoO3

and B2O3 becomes dominant. After 10 h of oxida-
tion, the nearly linear weight loss changes into dif-
fusion controlled behavior characterized by
insignificant mass changes (see Fig. 4 a). It should
be emphasized that the oxidation rates of the T2
phase investigated in this study during the steady-
state period are significantly lower than those of the
T2 phase without Ti.24 The absolute mass loss after
100 h of exposure to air is less than 3 mg cm�2 for
the Ti-containing T2, while pure Mo5SiB2 exhibits a

Fig. 3. (a) Oxidation isotherms of alloy B and C oxidized in air for 100 h at 820–1360�C. Cross-sections of alloy B oxidized for 100 h (b) at 820�C,
(c) 1100�C and (d) 1100�C in Ar-20%O2.

According to thermodynamics, 40 at.% Ti leads to
the transformation of the tetragonal Mo-rich
Mo(Ti)5Si3 to hexagonal Ti-rich Ti(Mo)5Si3. Stoi-
chiometric Ti5Si3 oxidizes in air, forming a mixed
TiO2-SiO2 rutile layer above a TiN subscale20 at
temperatures beyond 1000�C.21

Figure 3a shows the oxidation kinetics of mono-
lithic T1 with 20 at.% and 40 at.% Ti, alloys B and
C, respectively. At intermediate temperatures, full
passivation of both alloys occurs after only a few
minutes due to the formation of a continuous SiO2

layer, which contains embedded TiO2 particles
(Fig. 3b). At higher temperatures, transient and
steady-state oxidation stages are clearly observed.
Passivation also occurs for both alloys, but the
courses of oxidation isotherms are different
depending on the Ti concentration. The alloy B
(with 40% Ti) reveals continuous weight gain
kinetics while alloy C (with 20% Ti), possessing a
substantially higher Mo content, shows negative
kinetics. Here, the initial mass loss due to evapo-
rating MoO3 overcompensates the mass gain
resulting from oxygen uptake for the formation of
different oxides, i.e. SiO2 and TiO2. The oxide mor-
phology of the alloy B (see Fig. 3c) can be subdivided
into (1) an outermost rutile layer formed due to the
outward diffusion of Ti,22 followed by (2) a protec-
tive duplex layer mainly consisting of silica and (3) a
zone of inner oxidation and nitridation caused by air
nitrogen. In this region, the substrate decomposes to
Ti-depleted tetragonal Mo5Si3 with SiO2 and TiO2

inbetween. Interestingly, if the alloy with 40% Ti is
exposed to an Ar-20%O2 atmosphere, the oxide layer
becomes extremely thin compared to that formed in
air (compare Fig. 3c and d). This difference indi-
cates that N2 strongly influences the formation of
both the external oxide scale and the zone with
internal precipitates. After exposure to the N2 free
environment, the zone of internal oxidation consists
of a Mo3Si matrix containing SiO2 precipitates.

A comparison of the results obtained in this study
on Ti-containing T1 samples with those observed on
the Ti-free T1 phase reported in the literature18,19

shows that Ti significantly improves the oxidation
behavior of Mo5Si3. Possible reasons for this



value of 18 mg cm�2. As can be seen in Fig. 4b, in
the case of alloy D, an outermost rutile layer
(�11 lm thickness) is formed with a subjacent
duplex layer (�17 lm) consisting of a SiO2 matrix.
The SiO2 amount increases towards the substrate.
Below the outer oxidation scale, a zone of internal
oxidation of �65 lm thickness arises. The addition
of 19% T1 to the T2 phase significantly improves the
oxidation resistance. This is clearly represented by
the horizontal course of oxidation isotherms of alloy
E. As compared to the plain T2 phase, the alloy is
covered by a thinner oxide layer and the zone of
internal oxidation is reduced by a factor of 4 (see
Fig. 4c). These observations demonstrate the sig-
nificance of the T1 phase. At lower temperatures,
however, catastrophic oxidation occurs, as the Si
activity is not high enough for the formation of a
protective oxide scale.

The oxidation kinetics of the composite materials
F and G was compared with that of the base alloy
Mo-9Si-8B, which consists of the three phases Moss,
Mo3Si, and T2. The results are illustrated in Fig. 5a.
The alloy F consisting of Moss, Mo3Si, T2 and Ti5Si3
shows an almost linear mass loss during oxidation
at 1100�C because of the formation of a porous SiO2-
TiO2 duplex layer (see Fig. 5b).22 The addition of

only 2 at.% Fe stabilizes the T1 phase at the
expense of the unwanted Mo3Si causing a consid-
erable reduction of the oxidation rate compared to
that of alloy F. Analyses of the oxide morphology
show that 2% Fe significantly enhance the fraction
of SiO2 in the duplex layer resulting in an improved
protection and, consequently, in a thinner oxide
layer (see Fig. 5c). During oxidation at intermediate
temperatures, the composite material still shows
linear mass loss despite the presence of the T1
phase. Further attempts to improve the oxidation
resistance of these alloys will, therefore, concentrate
on increasing the SiO2 fraction in the duplex surface
layer in such a way that it is sufficient to provide
reliable oxidation protection of the composite
materials at all temperatures of interest.

Creep Resistance

Figure 6a represents a typical creep curve in
strain versus time representation of the Ti-con-
taining Mo-Si-B alloy F. After 500 h of testing at
1100�C and 200 MPa, the sample reaches a plastic
deformation of only about 1.6%. After strain hard-
ening within the primary transient stage lasting up
to around 200 h and 1% of total strain, the sample

Fig. 4. (a) Specific weight change versus time for alloy D and E oxidized in air for 100 h at 1100�C and 1200�C; (b) BSE-SEM micrograph of the
cross-sections of T2 (alloy D) oxidized for 100 h at 1100�C and (c) alloy E oxidized for 100 h at 1100�C.

Fig. 5. (a) Overview of oxidation isotherms of alloy F and G at 1100�C in comparison with the Mo-9Si-8B alloy,17 (b) BSE-SEM cross-section
micrograph of alloy F oxidized in air at 1100�C for 100 h and (c) BSE-SEM cross-section micrograph of alloy G oxidized in air at 1100�C for 100 h.



very low measurable strain rate of 10�9 s�1 at
1500�C and 300 MPa for the most easily deformable
orientation ([021] with slip on [001](010)). There-
fore, the T2 phase should not creep at our testing
conditions, especially when taking additional
strengthening due to the Ti present in this phase
into account. Considering all this, the deformable
phase fraction in both alloys should then be nearly
the same (about 70%).

To prove our first assumption, the alloy F was
investigated by TEM after 15% of compressive
strain at a testing temperature of 1300�C and
200 MPa applied stress. In Fig. 7, dark field images
of the Moss and A15 phases are presented. Together
with the Ti5Si3 phase (not shown here), all three
phases possess many dislocations after deformation.
In conjunction with the determined stress exponent
n of around 3.5, it is clear that all these phases
participate in the creep deformation, which is
believed to be the reason for the same creep
behavior of alloy F and alloy H. Furthermore, dis-
locations seem to be pinned at particles within the
Moss phase (see Fig. 7a). EDS analysis indicates

Fig. 6. (a) True compression strain versus time for alloy F at 1100�C and 200 MPa applied true stress and (b) double logarithmic plot of minimum
strain rate versus true stress for alloy F and alloy H.

Fig. 7. TEM dark field images of (a) Mo solid solution and (b) A15 phase within alloy F crept at 1300�C and 200 MPa.

approaches steady-state creep with a determined
minimum strain rate of 5.5 9 10�9 s�1. This is more
than two orders of magnitude lower than for a sin-
gle-crystalline CMSX-4 under the same testing
conditions.3 Both multi-phase Mo-Si-B-Ti alloys F
and H show a comparable creep behavior, as illus-
trated in Fig. 6b, and the stress exponent n was
determined to be between 3 and 4, indicating a
dislocation climb-controlled creep mechanism. It is
known from the literature that the Mo solid solution
should be the main carrier for high-temperature
plastic deformation in Mo-Si-B alloys.25–27 Since the
content of 61% versus 38% of Moss is different in
both alloys (see Table I), their comparable creep
behavior is somewhat unexpected. In a previous
paper, our hypothesis was that the intermetallic
phases A15 and Ti5Si3 might also deform during
creep.16 This was assumed because literature data
for A15 by Meyer et al. 27 and Rosales and Sch-
neibel,28 as well as for Ti5Si3 by Rosenkranz et al.29

indicate possible plastic deformation at tempera-
tures above 1200�C. Ito et al.30 investigated the
creep behavior of T2 single crystals and reported a



that these particles consist of Ti5Si3, which precip-
itate during processing. For the improvement of the
creep resistance at higher temperatures, precipita-
tion hardening is most likely more effective than
solid solution strengthening by Ti. In addition, the
higher strength of the particle-strengthened Mo
solid solution phase could also be the reason for the
observed participation of A15 on the creep
deformation.

The strain rate versus stress representation
(Norton plot) in Fig. 8 shows the lower minimum
creep rate of alloy F, as compared to the Mo-12Si-
8.5B alloy with comparable microstructure31 and to
the single crystalline Ni-base superalloy CMSX-43

at 1200�C. To illustrate the effect of density reduc-
tion, the applied creep stresses were normalized by
7.7 g/cm3, 9.5 g/cm3 and 8.7 g/cm3 for the Mo-Si-B-
Ti,16 Mo-Si-B32 and CMSX-433 alloys, respectively.
Clearly the improvement of the creep resistance at
the investigated temperature of 1200�C is demon-
strated. The observed pinning effect of the Ti5Si3
precipitates on dislocation motion (Fig. 7a) is now

believed to be the reason for the improved creep
resistance of Ti-containing alloys compared to Ti-
free Mo-Si-B alloys.

Finally, we found that the A15 phase in the alloy
F is not thermally stable at temperatures above
1250�C. Figure 9 compares the microstructure of an
as-homogenized sample and after a heat treatment
at 1300�C for 17 h. The A15 phase converts into
Moss and Ti5Si3 by a eutectoid reaction of
A15 M Moss + Ti5Si3. Below 1250�C, the A15 phase
seems to be stable due to the known sluggish dif-
fusion in Mo-Si-B alloys.26 Yang et al.34 reported a
Liq + A15 M Moss + Ti5Si3 reaction for some of
their investigated Mo-Si-Ti alloys. They found evi-
dence for this reaction as part of their experiments
and thermodynamic calculations. Considering our
experimental observations, we believe that the liq-
uid phase is not essential to convert A15 into Moss
and Ti5Si3. Further investigations are necessary to
examine the temperature range for this reaction
and to explore the consequences for the high-tem-
perature capability of the affected alloy systems.

CONCLUSION AND OUTLOOK

Experimental results show that Ti additions
improve both the oxidative properties and the
mechanical behavior of Mo-Si-B-based alloys. This
fact gives rise to the origination of new strategies in
the alloy development in the Mo-Si-B system.

Ti additions to the T1 phase enormously improve
the oxidation resistance in the temperature range
from 750�C to 1360�C. The phase mixture of T2 with
19% T1 results in a fast and complete passivation of
the material above 1100�C. As important conse-
quences, (1) the initial evaporation of MoO3 is
decreased and (2) the oxidation rates during steady
state oxidation are reduced due to a 30% increased
SiO2 content in the duplex layer.

The narrow phase field of Moss-T1-T2, which
impedes the manufacturing of the multiphase com-
posite material, can be broadened by the addition of
only 1–2% Fe.

Fig. 8. Double logarithmic plot of minimum strain rate versus specific
stress at 1200�C for alloy F compared to Ti-free Mo-Si-B alloy and
single crystalline Ni-base superalloy CMSX-4.

Fig. 9. SEM micrographs of alloy F in BSE mode (a) after homogenization treatment at 1600�C for 100 h and (b) after additional heat treatment
at 1300�C for 17 h showing Moss (bright), T2 (darker gray), A15 (gray) and Ti5Si3 (dark).
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Besides the density reduction of 7.7 g/cm3, Ti
alloying of Mo-Si-B alloys also leads to an
improvement in creep resistance in terms of a
decrease of the creep strain rate by more than two
orders of magnitude compared to single crystalline
CMSX-4 and by more than one order of magnitude
compared to Ti-free Mo-Si-B. Ti5Si3 precipitates
formed during processing are believed to be mainly
responsible for this improvement. At temperatures
higher than 1250�C, the A15 phase transforms into
Moss and Ti5Si3 by a eutectoid reaction. This reac-
tion needs to be clarified in further investigations to
better understand and define the applicability to the
Mo-Si-B-Ti alloy systems.
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a b s t r a c t

In the present investigation, we provide results on the casting, homogenization, and deformation
behavior of a new Al-containing refractory high-entropy alloy, namely the equiatomic Nb-Mo-Cr-Ti-Al.
The alloy shows a dendritic microstructure after arc melting. The dendrites completely dissolve due to
a heat treatment at 1300 �C for 20 h. Besides a major phase in the form of a solid solution of W prototype
structure, identified by X-ray diffraction (XRD) measurements as well as electron backscatter diffraction
(EBSD), additional phases of small volume fraction within the grains and at the grain boundaries were
observed. Quasistatic compression tests, performed between room temperature and 1200 �C, reveal
sustaining and high yield strength up to 800 �C and an increasing ductility with increasing test tem-
perature. The dominant deformation mechanism for quasistatic compression loading between 800 �C
and 1200 �C is the 〈111〉 pencil glide of dislocations within the solid solution which was proven by the
according fiber texture components, evolving during deformation.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Materials, combining excellent mechanical strength at ambient
as well as elevated temperature with a suitable ductility and
toughness, always are a reasonable optimization goal of modern
materials science in order to facilitate new applications in me-
chanical engineering. In this respect, the recently proposed concept
of suppression of intermetallic phases and stabilization of a solid
solution of simple crystal structure by minimizing the configura-
tional entropy term -T$DSconfig in the Gibb's free energy [1e5]
seems to provide an approach. For this purpose, equiatomic con-
centrations of mainly at least five alloying elements should be
established in the solid solution in order to fulfill this concept. Due
to the suppression of brittle intermetallic phases, ductility can in
principle be improved. This is, of course, a rough assumption when
the typical embrittlement of body-centered cubic (bcc) solid solu-
tions with respect to the ductility and toughness of the base ele-
ments (for example Mo-Si or Mo-Re [6e8]) is taken into account.
Nevertheless, Senkov & Semiatin [9] recently presented a bcc high

entropy alloy which could be rolled up to a remarkable true strain
of about 2.3 at room temperature indicating that a simple extrap-
olation from binary or ternary solid solutions to concentrated
multicomponent systems with respect to ductility and toughness
can be misleading. In addition to the suppression of intermetallic
phases, choosing base elements with high melting points can lead
to an enhanced melting point of the high-entropy alloy in com-
parison to currently used high temperature materials. Thus, oper-
ation at higher temperature is in principle possible. Moreover,
adding alloying elements for improving properties other than pure
mechanical ones is possible, too e for example, by utilizing ele-
ments facilitating the formation of a stable oxide scale for
enhancing high temperature corrosion resistance.

Before adding Al, the focus has mainly been on the micro-
structure, mechanical properties and oxidation behavior of high-
entropy alloys, solely based on elements with high melting points
from group 4 to 6 (frequently named refractory metals) of the pe-
riodic table of elements [10e12]. Due to the high density of these
alloys ranging up to 13.75 g/cm3 for equiatomic W-Nb-Mo-Ta,
heavy elements were replaced by lighter ones such as Hf, Zr, Cr and
Ti [6,13e20]. The addition of Al to a high-entropy alloy changes its
properties in different ways.With increasing Al content, the density
of the alloy decreases. Comparing the alloys Ta-Nb-Hf-Zr-Ti and
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2. Experimental

Nb-Mo-Cr-Ti-Al was melted from elemental bulk materials,
mixed in equiatomic concentration, using an arc-melter AM/0.5,
provided by Edmund Bühler GmbH. The purities of the starting
materials Nb, Mo, Al, Cr and Ti were 99.9%, 99.96%, 99.9%, 99%, and
99.8%, respectively. The Ar base pressure for arc-melting was

0.6 bar following several alternating iterations of pumping and Ar
flooding. A Zr lump in the vacuum chamber was used in order to
reduce residual oxygen by liquefying prior to every melting step.
The prepared buttons were flipped and remelted for at least five
times for homogenization. After the final melting step, the alloy
was cast into a rod-shaped Cumold. The diameter and the length of
the cast rod were 12 mm and 60 mm, respectively. The chemical
alloy composition was analyzed using inductively coupled plasma
optical emission spectrometry (ICP-OES) for the elements Nb, Mo,
Cr, Ti and Al. O and N content were determined by means of carrier
gas hot extraction analysis, using a TC500 by Leco. Heat treatments
were performed using a Gero HTRH 70-600/18 resistance heating
tube furnace under Ar flow at 1100, 1200, and 1300 �C for 20 h. The
heating and cooling rate were 4.2 K/min. The platelet shaped
samples with 12 mm in diameter were extracted from one and the
same cast sample.

The cast as well as the heat-treated alloy conditions were
investigated by means of SEM utilizing backscatter electron (BSE)
imaging and energy dispersive X-ray spectroscopy (EDX) as well as
EBSD for analytical purposes. All samples were prepared by a
standard metallographic procedure finalized by a vibratory pol-
ishing step, using a non-crystallizing oxide polishing suspension
with pH ¼ 9.8, provided by Struers. Thereby, a combination of
mechanical and chemical preparation was achieved. SEM in-
vestigations were performed on a Zeiss Auriga dual beam scanning
electron and focused ion beammicroscope equipped with an EDAX
DigiView EBSD system and EDAX Octane silicon drift detector EDX
system as well as a Zeiss EVO50 system equipped with a Thermo
Scientific EDX system. X-ray diffraction analyses were carried out
on a D2 Phaser system by Bruker equipped with a Lynxeye line
detector. The Cu tube was operated at 30 kV and 10 mA. Quasistatic
compression tests were performed utilizing a Zwick Z100 electro-
mechanical universal testing machine equipped with a vacuum
furnace by Maytec. After heating at a rate of 20 K/min, the test
temperature was stabilized for 30 min before testing. The heat-
treated samples (1300 �C/20 h) of (3 � 3 � 4.5) mm3 were tested
under vacuum with an initial engineering strain rate of 10�3 s�1.
Strain was determined using strain gauges attached to the samples.
The punches were made of SiC and hexagonal BN was used for
lubrication. The specimens for compression tests shown in this
article were extracted from the same cast sample as the specimens
for heat-treatment experiments. For the reproduction of the
deformation experiments, a second batch of material was produced
and treated in the same way as described before.

3. Results and discussion

3.1. Casting and homogenization

Table 1 summarizes the chemical composition of the different
materials conditions investigated in this article. For the as-cast
state, wet chemical analysis by ICP-OES and EDX are in good
agreement and the deviation from the equimolar composition does
not exceed 0.75 at% for all elements. Hence, there is little evapo-
ration during arc melting operations despite large differences in
melting and boiling point of the alloying elements. The micro-
structure of the as-cast state, as it is shown in Fig. 1a, consists of
dendritic and interdendritic regions within a polycrystalline ma-
trix. Even at high resolution, no evidence for secondary phases was
found. Previous investigations revealed that elements with high
melting points tend to crystallize in the early stages of solidification
[19,28]. In accordance to that, EDX of the dendrites reveals
enrichment in Mo and Nb during primary solidification (Table 1). In
contrast, the interdendritic regions are enriched in Cr, Ti and Al. By
analyzing the compositions of the dendritic and inter-dendritic

Al0.4-Hf0.6-Nb-Ta-Ti-Zr which were introduced by Senkov et al.

[20,21], the density drops from about 9.9 g/cm3 to 9.0 g/cm3. The
mechanical properties, such as the yield strength and the ductility,
depend on the amount of Al in the HEA, investigated on Nb-Ti-V-
Ta-Alx [22] and Alx-Hf-Nb-Ta-Ti-Zr [23]. Regarding high
temperature oxidation, Al may form a stable and dense Al2O3 oxide
scale. Oxidation tests of the high-entropy alloy W-Mo-Al-Cr-Ti
reveal a scale growth following the parabolic growth law [24].
Having a similar atomic radius as refractory metals, it can be
expected that Al-addition allows the formation of a solid solution in
such an alloy, thus preventing the formation of intermetallic phases
[21]. Never-theless, it has to be pointed out that several
investigations already revealed various parameters other than the
configurational entropy or atomic size difference to be more or less
decisive, such as the mixing enthalpy DHmix, the mixing entropy

DSmix [25], the parameter U which describes the correlation

between DHmix and DSmix [26], and the valence electron

concentration VEC [27]. Hence, the stability of a solid solution with
simple crystals structure has to be verified for each case.

In the present work, Nb-Mo-Cr-Ti-Al is investigated with respect
to microstructural evolution during annealing as well as mechan-
ical properties at various temperatures. For that, Nb, Mo and Ti are
refractory metals for providing a suitable melting point for high
temperature application. Ti, again, and Al are chosen in order to
achieve low density, as shown by Senkov et al. [13,21], while Al and
Cr are considered due to their ability to form stable oxide scales for
good oxidation resistance. Nb-Mo-Cr-Ti-Al is expected to have
similar properties as the W-containing counterpart, introduced
above. CALPHAD calculations suggest that Nb-Mo-Cr-Ti-Al (“PanNb
with V” database using Pandat; single phase, solid solution at
788e1712 �C) exhibits a similar melting temperature as W-Mo-Cr-
Ti-Al (FactSage calculation; single phase, solid solution at
1077e1700 �C [24]). Considering the lower atomic mass of Nb, a
lower density is to be expected when comparing Nb-Mo-Cr-Ti-Al
withW-Mo-Cr-Ti-Al.

Generally, the investigated alloys show dendritic structure in the
as-cast condition with significant differences in atomic con-
centration between dendritic and interdendritic regions [24,28]. An
annealing step is typically performed after casting in order to ho-
mogenize the microstructure as well as to establish a single phase
solid solution with simple crystal structure [13,14]. Despite the
theory of stabilization of solid solutions by increasing the config-
urational entropy, a macro- and mesoscopically homogeneous
microstructure cannot be reached in all cases of postulated high-
entropy alloys. This is even more evident when investigations down
to atomic scale are performed [29]. In addition to these local
investigations, secondary phases are frequently found. XRD pat-
terns of Ta-Nb-Hf-Zr-Ti show a presumably hexagonal second
phase besides the main body-centered cubic structure (bcc)
whereas Cr-Nb-Ti-(V-)Zr exhibits a Cr-rich face-centered cubic
Laves phase [13,15].

In this publication, a detailed characterization of the alloy Nb-
Mo-Cr-Ti-Al is presented, especially regarding microstructure, its
evolution after heat treatment, and deformation at ambient and
elevated temperature. Furthermore, the deformation mechanism by
dislocation slip during compression loading at elevated tem-
peratures is explicitly examined and identified by EBSD analysis.



regions in comparison to the total composition, fractions of 46 at%
dendritic as well as 54 at% inter-dendritic region can be calculated,
respectively. The XRD analysis of the as-cast state is shown in Fig. 2.
The major Bragg positions can be assigned to a bcc crystal structure
of the W prototype with a broad variation of possible lattice

constants ranging from about 0.312 nm up to 0.318 nm. The vari-
ation is most probably attributed to the inhomogeneous element
distributionwithin the solid solution as it was assumed in previous
investigations [24], too. This can be well described by assuming
several bcc phases with different lattice parameters. The obtained

Table 1

Composition of the investigated alloy in different conditions determined by EDX.y Composition determined by ICP-OES (unbalanced) for comparison. Dendritic and inter-
dendritic regions are shown in the inset of Fig. 2a in detail. O content was determined to be 92 ppm in the as-cast state. N content was below the detection limit.* Phase located
at the grain boundaries (see insets in Fig. 1c and d) and** located within the grains (see Fig. 1c).

Condition Temperature Phase Nb Mo Cr Ti Al

As-cast e Totaly 19.66 19.43 19.38 19.34 20.10
Total 19.8 ± 0.2 19.0 ± 0.2 20.3 ± 0.0 20.7 ± 0.0 20.2 ± 0.1
Dendritic 22.8 ± 0.3 28.7 ± 0.6 14.3 ± 0.3 18.4 ± 0.5 15.8 ± 0.7
Inter-dendritic 17.3 ± 0.4 10.9 ± 0.1 26.5 ± 0.7 22.5 ± 0.2 22.9 ± 0.9

Annealed for 20 h 1100 �C Total 20.2 ± 0.1 19.2 ± 0.1 20.4 ± 0.1 20.5 ± 0.2 19.8 ± 0.0
1200 �C Total 19.9 ± 0.2 19.5 ± 0.2 19.9 ± 0.2 20.6 ± 0.1 20.1 ± 0.1

Solid solution 19.5 ± 0.1 19.6 ± 0.2 19.3 ± 0.2 21.4 ± 0.1 20.3 ± 0.2
Laves 24.8 ± 0.4 5.6 ± 0.9 40.3 ± 0.9 9.8 ± 0.6 19.4 ± 0.2
Unknown* 23.6 ± 3.6 22.3 ± 2.5 16.2 ± 3.6 17.0 ± 3.5 20.9 ± 0.5
Unknown** 21.4 ± 0.7 21.1 ± 0.9 18.1 ± 1.4 18.5 ± 1.2 20.9 ± 0.2

1300 �C Total 20.5 ± 0.1 19.6 ± 0.1 19.7 ± 0.1 20.3 ± 0.2 19.9 ± 0.0
Solid solution 20.5 ± 0.1 19.5 ± 0.0 19.7 ± 0.1 20.5 ± 0.2 19.9 ± 0.1
Unknown* 21.7 ± 0.8 18.8 ± 0.3 21.2 ± 0.4 17.9 ± 1.1 20.3 ± 0.1

Deformed 1100 �C Laves 22.8 ± 0.8 17.6 ± 1.6 23.5 ± 2.6 17.8 ± 1.5 18.2 ± 0.4
Unknown 23.4 ± 0.7 20.1 ± 1.0 20.0 ± 1.7 17.0 ± 1.2 19.4 ± 0.3

1200 �C Laves 24.4 ± 0.8 12.7 ± 3.5 30.6 ± 5.3 13.7 ± 0.8 18.5 ± 0.5
Unknown 24.0 ± 1.5 18.6 ± 4.6 21.3 ± 7.2 16.8 ± 3.0 19.3 ± 0.6

Fig. 1. SEM micrographs (BSE, orientation and composition contrast) of the microstructure of Nb-Mo-Cr-Ti-Al in the: a) as-cast and annealed conditions after heat treatment at b)
1100 �C, c) 1200 �C and d) 1300 �C for 20 h, respectively. All major micrographs are taken at the same magnification. Inset magnification is specified, respectively. The inset in (b)
highlights the morphology of the at least three different phases at higher magnification. The insets in (c) and (d) show secondary phases with continuous as well as acicular
morphology at the grain boundaries.



values are slightly higher than those of the comparable W-Mo-Al-
Cr-Ti alloy, which are between about 0.309 nm and 0.312 nm (for
the as-cast as well as heat-treated condition) [24]. Considering the
larger atomic radius of Nb (145 pm) compared to W (135 pm), an
increase of the lattice parameter in Nb-Mo-Cr-Ti-Al is conceivable
[30]. Local analysis of the crystal structure of dendritic and inter-
dendritic regions within a single grain of the as-cast state (patterns
are included in the online supplementary, similar pattern to that in
Fig. 3d), respectively, support the global XRD analysis by patterns of
bcc crystals with minor changes of the lattice constant (the deter-
mined variation of 0.312e0.318 nm is below the resolution of the
EBSD camera system in use).

In order to homogenize the material as well as to establish a
single phase solid solution, heat treatments of 20 h under Ar at-
mosphere were performed. The microstructure following an
annealing at 1100 �C does not exhibit a significant homogenization
effect which can be seen frommicrostructural imaging in Fig. 1b as
well as global XRD analysis in Fig. 2. In Fig. 1b, a combination of
composition and orientation contrast is visible. The local analysis of
crystal structure reveals at least three different phases that can be
identified as bcc (W prototype, Strukturbericht designation A2,
pattern is included in the online supplementary, similar to the
pattern in Fig. 3d), the hexagonal modification of the Cr2Nb Laves
phase (MgZn2 prototype, Strukturbericht designation C14, Fig. 3a)
and an unknownphase (Fig. 3b). Due to the small length scale of the
obtained microstructure, a detailed investigation of the local
chemistry of the phases by SEM-EDX is not suitable, here. This is
done for higher annealing temperatures in the following.

Subsequent to a heat treatment at 1200 �C, the volume fraction
of dendritic microstructure was significantly reduced as visualized
in Fig. 1c. Also, the number and intensity of Bragg positions, not
correlating with those of the bcc crystal structure, are significantly
reduced, as seen in the XRD pattern in Fig. 2a. The secondary phases
are mainly located at the grain boundaries. The Laves phase, which
was identified by electron diffraction (pattern is included in the
online supplementary, similar to the pattern in Fig. 3a), appears
dark-gray and an unknown phase (Fig. 3c) appears bright in the
inset of Fig. 1c. The diffraction pattern of the unknown phase in
Fig. 3c exhibits remarkable similarities to the pattern for the un-
known phase obtained following the 1100 �C annealing step (Fig.
3b, indicated by arrows connecting similar zone axes). Thus, the
unknown phase obtained subsequent to annealing at 1100 �C and
1200 �C seem to be the same. The grain size of the solid solution (W
prototype, pattern is included in the online supplementary, similar

pattern in Fig. 3d) has grown to 50e100 mm as it can be seen from
the SEM image in Fig. 1c. According to Table 1, the solid solution
approximately exhibits the equimolar composition with deviations
less than 0.6 at%. By analyzing the compositions of the obtained
phases in comparison to the total composition, the fraction of the
solid solution can be calculated to about 87 at%, which is in good
agreement with the SEM image in Fig. 1c. The hexagonal Laves
phase is enriched in Cr. The presence of a Cr-rich Laves phase was
already observed in the alloys Cr-Nb-Ta-Ti-Zr and Cr-Nb-Ti-V-Zr
[13,19]. However, the reported Laves phases were identified as
the face-centered cubic modification of Cr2Nb (MgCu2 prototype,
Strukturbericht designation C15). A possible substitution of lattice
sites can be described by means of (Cr,Al,Mo)2(Nb,Ti) according to
the overall composition of the phase: (i) ideal stoichiometry
Cr:Nb ¼ 66.6:33.3 and (ii) present sample
(Cr,Al,Mo):(Nb,Ti) ¼ 65.3:34.7 (see Table 1). Since the composition
as well as crystallographic data suggest a derivation of the present
Laves phase from the binary Cr2Nb, the following discussion is
based on the relation of these two elements to the others present in
the HEA. Cr-Nb as well as Cr-Ti form Laves phases. Nb-Ti as well as
Cr-Mo exhibit complete solubility (Cr-Mo with miscibility gap at
low temperature). Al-Cr forms a Cr2Al compound but the prototype
system is not related to a Laves phase (MoSi2 prototype). It has to be
emphasized, that Mo-Nb exhibit complete solubility in contrast to
the proposed substitution. Thus, a certain amount of Mo on the Nb
lattice site is to be expected, too. The XRD pattern shows a Bragg
position at 25.22�, which can perhaps be assigned to the unknown
phases (Fig. 3b and c). The EDX analysis does not provide in-
dications for a suitable stoichiometric prototype structure since it
exhibits a similar composition as the solid solution.

A further increase of homogenization temperature up to
1300 �C, as shown in Fig. 1d, results in a further reduction of sec-
ondary phases within the grains of the solid solution. The contrast
of Fig. 1d is mainly attributed to different orientations of the
chemically homogeneous grains. The chemical composition of the
bcc solid solution (diffraction pattern in Fig. 3d) is shown in Table 1.
The deviation from the equimolar composition is less than 0.5 at%.
Residual intermetallic phases are found in the vicinity of the grain
boundaries similar to observations on comparable Al-containing
refractory high-entropy alloys in Ref. [21]. Hence, Bragg positions,
not assignable to the bcc crystal structure, are still present as they
are visualized in the logarithmic intensity plot in Fig. 2b. Evidence
for the local appearance of any modification of the Laves phases
was not found. The grain boundaries seem to be decorated by the

Fig. 2. Background subtracted XRD patterns of cross sections of Nb-Mo-Cr-Ti-Al in different conditions: a) full pattern and b) section of the pattern with logarithmic intensity scale.
Bragg positions of bcc structures with varying lattice parameters (provided in nm) are indicated by dashed lines in (a). Bragg positions of the hexagonal Laves phase are highlighted
according to the labels in (b) e positions with little intensity were excluded. Intensities may be influenced by limited number of grain orientations within the samples. The lines,
indicating the lattice constant variation, are extended to the diffraction patterns of the annealed state in order to ease comparison.



unknown phase, exclusively. The pattern of the unknown phase in
Fig. 3e differs from those observed for annealing at 1100 and
1200 �C (Fig. 3b and c). Based on image analysis the fraction of
secondary phase at the grain boundary could be determined to be
well below 0.5 vol% while the spread of the acicular morphology
into the matrix grains is always below 10 mm (inset of Fig. 1d). The
grain size of the bcc solid solution increased to about 250 mm.
Abnormal grain growth has already started. A further increase of
homogenization temperature tomaximum 1400 �C does not lead to
a full suppression of secondary phases but further rapid grain
growth is observed (not shown here). In order to provide a

reasonable orientation distribution during the following analysis of
themicrostructure subsequent to quasistatic compression tests, the
following results were obtained on samples, homogenized at
1300 �C for 20 h.

3.2. Deformation at ambient and elevated temperature

In order to evaluate the potential of the present Nb-Mo-Cr-Ti-Al
alloy regarding high temperature application, compression tests
were performed at room temperature, 400 �C, 600 �C, 800 �C,
1000 �C and 1200 �C with a strain rate of 10�3 s�1. Fig. 4 shows the

Fig. 3. EBSD patterns with corresponding zone axes of Nb-Mo-Cr-Ti-Al taken at 20 kV on samples in different conditions (a complete set of patterns for all phases is included in the
online supplementary). The Laves phase is the hexagonal modification of Cr2Nb (MgZn2 prototype, Strukturbericht designation C14).



according stress-strain dependence and Table 2 summarizes the
mechanical properties determined by these tests.

At room temperature, there was no indication of plastic defor-
mation. At elevated temperatures, plastic deformation was
observed. A minimum fracture strain of 0.02 was reached at 400 �C.
While strength remains stable, plastic deformability before failure
rises up to 0.135 by increasing the temperature to 800 �C. Beside a
significant drop of stress by 40% at 1000 �C, stress-strain depen-
dence shows a characteristic curve shape with an inflection point
after reaching maximum stress. At 1200 �C, a plastic strain of over
0.24 without indication of internal cracks was obtained.

Regarding room temperature compression test, onset of plas-
ticity could not be determined unlike to comparable Al-containing
high-entropy alloys, such as Al-Nb1.5-Ta0.5-Ti1.5-Zr0.5 which
revealed a plastic strain of at least 0.035 at room temperature [21].
The maximum stresses during compression tests up to 800 �C are
most probably determined by defects of the cast material as it can
be exemplarily seen in the SEMmicrographs in Fig. 1d. Thus, a large
standard deviation of the characteristic stresses is observed at a test
temperature of 800 �C (Table 2). As regularly seen in literature
[14,16,21], temperature increase leads to higher plasticity. At
1000 �C, the investigated alloy shows a similar curve shape as high-
entropy alloys by Senkov et al. [21], tested in the same temperature
range. Dynamic recrystallization as a possible reason for the soft-
ening behavior [31] can be excluded since no evidence for micro-
structure restoration by nucleation at the grain boundary forming
typical necklace structures or particle stimulated nucleation was
found (Fig. 5d).

After performing the quasistatic compression tests, micro-
structure of the deformed samples was analyzed bymeans of EBSD.
Therefore, orientation maps are shown in Fig. 5 as color-coded
images according to the inverse pole figure (inset in Fig. 5b) of
the compression direction (CD). Abnormal grain growth induced
during the homogenization process is clearly indicated by grains
with diameter of more than 500 mm in the as-homogenized state.
Subsequent to deformation at 400 �C, cracks are observed with an
orientation of about 45� with respect to the compression direction.

Discontinuous stress-strain dependence during loading at 400 �C as
well as 600 �C is caused by crack initiation within the material,
which is exemplarily seen in Fig. 5b. In the vicinity of the crack,
increased local misorientation is observed, revealing localized
plastic deformation. In contrast, short cracks are oriented parallel to
the compression direction and local misorientation is homoge-
neously distributed at 800 �C. In all cases, 400 �C, 600 �C and
800 �C, occurring cracks are transgranular, implying stable grain
boundaries within the material. At 1000 �C as well as 1200 �C,
cracks are absent, plastic deformation occurs uniformly, and grains
become flattened as it is expected for ductile behavior during
compression tests. In this temperature range, significant changes of
the microstructure were observed during the solution annealing
experiments. Thus, further analysis of changing microstructure and
phases were performed after thermomechanical loading. In
contrast to deformation tests at 800 �C and below, the phases at the
grain boundaries of the as-homogenized microstructure tend to
coarsen as can be seen by a comparison of Fig. 6a with Fig. 6b and c.
Moreover, additional phase formationwithin the grains is observed
at 1200 �C (Fig. 6c) within the deformed matrix (indicated by
changes of orientation contrast by localized deformation). The
hexagonal Laves phase (patterns are similar to that in Fig. 3a and
are included in the online supplementary) and an unknown phase
(electron patterns in Fig. 7) could be identified as the secondary
phases developing and coarsening during deformation at 1000 �C
as well as 1200 �C. The patterns of the unknown phase exhibit
similar zone axes (indicated by arrows) to those of the unknown
phase observed in the same temperature range during the solution
annealing experiments. Nevertheless, the distances of zone axes in
the case of Fig. 7b are slightly higher indicating changing lattice
parameter ratios or lattice angles. This might be attributed to the
different time scales for the compression tests at high temperature
and for the solution annealing experiments. In accordance to the
evaluation of the homogenized material, the Laves phase is
enriched in Cr while the unknown phase exhibits a solute content
similar to the solid solution. The local chemical analysis is included
in Table 1.

Despite a comparatively low number of investigated grains, the
orientation distribution plotted as contours in the inverse pole
figure in Fig. 8 reveals an increase of orientation density between
〈001〉 and 〈111〉 crystallographic axes parallel to the compression
direction as deformation temperature and, thus, plastic strain is
increased. This can be explained by pencil glide being the pre-
dominant deformationmechanism. The 〈111〉 crystallographic axes
seem to be the common slip directions. For the commonly observed
slip systems of bcc metals, namely with a 〈111〉 slip direction and
slip planes of type {110}, {121}, or {132}, a rotation of the
compression direction under single slip from an arbitrary

Fig. 4. Stress-strain dependence of quasistatic compression tests at: a) room temperature, 400 �C and 600 �C as well as b) 800 �C, 1000 �C and 1200 �C. Fracture is highlighted by X.
Arrows indicate tests deliberately stopped.

Table 2

: Yield stress s0.2, maximum strength smax and obtained plastic strain before frac-
ture εp as a function of temperature during compression tests; (X) marks those
compression tests which ended due to fracture of the respective sample.

Testing temperature/�C s0.2/MPa smax/MPa εp

25 e 1010 e (X)
400 1080 1100 0.020 (X)
600 1060 1170 >0.025
800 860 ± 110 1000 ± 195 >0.020 (X)
1000 594 ± 5 630 ± 16 >0.150
1200 105 ± 14 116 ± 8 >0.240



Fig. 5. Orientation imaging microscopy on longitudinal sections of Nb-Mo-Cr-Ti-Al quasistatically deformed in compression: a) initial condition and deformed at b) 400 �C, c)
800 �C, d) 1000 �C and e) 1200 �C. Compression direction is vertical and the color code corresponds to the inverse pole figure of the compression direction (inset in (b)). The maps
are of the same size and observed using a step size of 5 mm.



orientationwithin the standard triangle towards the trace between
〈001〉 and 〈111〉 is expected. The corresponding orientation
changes are illustrated in Fig. 9.

4. Conclusions

This study provides the following main results regarding
microstructure and deformation at elevated temperature of an
equiatomic Nb-Mo-Cr-Ti-Al high-entropy alloy:


 The analysis of themicrostructure of arc-melted Nb-Mo-Cr-Ti-Al
subsequent to homogenization treatments reveals that the
dendritic-like as-cast microstructure can be transformed into an
equiaxed microstructure with minor secondary phases by
annealing at 1300 �C under Ar atmosphere for 20 h. The for-
mation of the hexagonal modification of the Cr2Nb Laves phase
can be suppressed by a homogenization temperature of 1300 �C
and above.


 Compression tests reveal a maximum strength of z1 GPa and
increasing ductility up to a plastic strain of 24% with increasing

Fig. 6. Detailed SEM micrographs (BSE, orientation and composition contrast) of Nb-Mo-Cr-Ti-Al subsequent to deformation at: a) 800 �C, b) 1000 �C, and c) 1200 �C. All SEM
micrographs are taken at the same magnification.

Fig. 7. EBSD patterns with corresponding zone axes of Nb-Mo-Cr-Ti-Al taken at 20 kV. A complete set of patterns for all phases is included in the online supplementary.



test temperature up to 1200 �C. During compression testing at
1000 �C as well as 1200 �C, secondary phases are formed and
coarsen, respectively.


 The analysis of fiber texture components subsequent to uniaxial
compression testing at elevated temperatures suggests that Nb-
Mo-Cr-Ti-Al deforms by dislocation slip, forming the common
combined 〈001〉 and 〈111〉 fiber texture components along the
compression direction. These can be explained in terms of the
orientation change during slip deformation on slip systemswith
common 〈111〉 slip direction.
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Fig. 8. Orientation distribution as contours in the inverse pole figures of the compression direction of Nb-Mo-Cr-Ti-Al quasistatically deformed in compression: a) initial condition,
deformed at b) 400 �C, c) 800 �C, d) 1000 �C, and e) 1200 �C. Scale in multiples of the random distribution (inset in (a)) is kept constant.

Fig. 9. a) Maximum Schmid factors (active slip system under single slip) of the pencil slip systems with common 〈111〉 slip direction and {110}, {121}, and {132} slip planes
presented in the inverse pole figure of the compression direction. b) Rotation of the compression direction, indicated by arrows, in dependence of the initial orientation of a single
crystal. Under compression load, the compression direction tends to rotate towards to slip plane normal. Dashed lines indicate the connection of slip plane normals when multiple
slip is preferred.
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Microstructure Evolution in a New Refractory
High-Entropy Alloy W-Mo-Cr-Ti-Al
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The microstructure of a body-centered cubic 20W-20Mo-20Cr-20Ti-20Al alloy in the as-cast
condition as well as its microstructural evolution during heat treatment was investigated.
Different characterization techniques, such as focused ion beam-scanning electron microscope,
X-ray diffraction, and transmission electron microscope, were applied. Experimental observa-
tions were supported by thermodynamic calculations. The alloy exhibits a pronounced dendritic
microstructure in the as-cast condition with the respective dendritic and interdendritic regions
showing significant fluctuations of the element concentrations. Using thermodynamic calcula-
tions, it was possible to rationalize the measured element distribution in the dendritic and the
interdendritic regions. Observations of the microstructure evolution reveal that during heat
treatment, substantial homogenization takes place leading to the formation of a single-phase
microstructure. Driving forces for the microstructural evolution were discussed from a
thermodynamic point of view.
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I. INTRODUCTION

METALLIC alloys with a beneficial combination of
mechanical properties, easy formability, long-term stability,
high-temperature corrosion resistance, and low manufac-
turing costs have always been in great demand for indus-
try.[1,2] Some of the recently developed high-entropy alloys
(HEAs) have been proposed as possible candidates for
applications in structural components operated at high
temperatures due to their potentially perspective properties,
such as excellent long-term phase stability and strength.[3–7]

Along the lines of aiming at development of novel high-tem-
perature materials, a new equiatomic alloy system
W-Mo-Cr-Ti-Al has been proposed by Gorr et al.

[8] The
alloy design concept supported by the thermodynamic
analysis is generally based on the principle of HEAs. The
microstructure and some properties of the first candidate
from this new alloy family, namely the alloy W-Mo-Cr-
Ti-Al, were screened and presented in Reference 8. First
microstructural investigations showed that the alloy in the
as-cast condition exhibits a relatively inhomogeneous
microstructurewithpronounceddendriticand interdendritic

regions. XRD results indicated that either two body-cen-
tered cubic (bcc) phases with slightly different lattice
parameters or one bcc phase with a lattice distortion form
in thealloy in the as-cast condition. Itwasalso found that the
alloy possesses a high hardness of around 800 HV and a
relatively good oxidation resistance at 1273 K (1000 �C).[8]

The identification of the phases present and investiga-
tion of their stability seem to be a general challenge in the
exploration of the HEAs. For example, Cantor et al.

[9]

and later Otto et al.
[10] reported that the equiatomic alloy

Fe-Co-Ni-Cr-Mn consists of a single face-centered cubic
(fcc) solid solution phase. However, recent TEM inves-
tigations carried out by Liu et al. reveal that a second fcc
phase might be present in this alloy.[11] The recent study
by Schuh et al. also highlights the decomposition ten-
dency of the alloy CoCrFeMnNi upon annealing after
severe plastic deformation.[12] It was found that the
hardness increase to a maximum of about 910 HV after
annealing at 723 K (450 �C) can be attributed to the
formation of three additional phases, a NiMn-rich,
Cr-rich, and FeCo-rich phase. Considering the fact that
many HEAs containing additional phases often show
beneficial properties compared to the truly single-phase
materials, the HEA community discusses whether only
single-phase materials should be classified as HEAs.
Since the combinations of compositions and processing

routes ofHEAs are numerous, eachHEAusually possesses
a unique microstructure and, consequently, different prop-
erties.[13–17] Hence, thorough knowledge of microstructure
in the equilibrium state, the microstructure evolution from
the as-manufactured state towards equilibrium as well as
understanding of the driving forces and relevant mecha-
nisms causing the resultingmicrostructure are indispensible
for alloy development and possible future industrial
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applications. Thus, in the present work, further detailed
microstructural investigations of the alloy W-Mo-Cr-
Ti-Al, which has been introduced in Reference 8, were
carried out for this alloy in the as-cast condition. Addi-
tionally, the microstructure evolution of the alloy during
heat treatment processes was studied to gain a more
comprehensive insight into the driving forces governing the
formation of the alloy microstructure in the as-cast
condition and during heat treatment.

II. EXPERIMENTAL

The alloy 20W-2Mo-20Cr-20Ti-20Al was produced
from elemental bulk materials by arc-melting in ~0.6
atm of argon utilizing an arc-melter AM 0.5 by Edmund
Bühler GmbH. The purities of the starting materials
Mo, W, Al, Cr, and Ti were 99.9, 99.96, 99.9, 99, and
99.8 pct, respectively. Gaseous impurities such as
oxygen and nitrogen were generally found to be on a
very low level. While nitrogen was found to be below the
detection limit, between 50 and 100 wt ppm was
measured for oxygen (see also Reference 18). The
prepared buttons were flipped over and remelted more
than five times in a water-chilled copper mold to
facilitate alloy homogenization.

The alloy microstructure was analyzed by means of a
FIB-SEM DualBeam system of type FEI Helios
Nanolab 600. Utilizing this equipment, the TEM lamel-
lae were prepared using a Ga ion beam. The crystal
structure was identified using the Panalytical X́Pert pro
MPD X-ray diffractometer applying Cu Ka radiation.
XRD in situ measurements were conducted in an Ar
atmosphere to avoid severe oxidation of the sample.
TEM investigations were conducted in a FEI Tecnai
20F ST, operated at 200 kV. Bright-field images and
electron diffraction images were acquired using a Gatan
ORIUS CCD camera (2688 pixel 9 2672 pixel). The
camera length for electron diffraction (150 mm) was
calibrated with an Au grating. Electron diffraction
images were evaluated using the PASAD-Software
tool[19] in Digital Micrograph� with respect to lattice
parameters. Energy dispersive X-ray spectroscopy
(EDS) spectra were acquired in scanning transmission
electron microscope (STEM)-mode using a Si-Li detec-
tor with ultrathin window (EDAX, Mahwah, NJ, USA).

To support experimental observation and to get
fundamental knowledge of the alloy system, thermody-
namic calculations were carried out using the software
FactSage V6.4 in conjunction with a commercial
database which includes elements constituting the alloy.

III. RESULTS

A. Alloy Microstructure in the As-Cast Condition

Figure 1(a) shows the microstructure of the alloy
W-Mo-Cr-Ti-Al in the as-cast condition. The alloy
exhibits a dendritic microstructure which is typical of

Fig. 1—(a) Alloy microstructure (BSE mode) in the as-cast condi-
tion, (b) average values and scatter of the element concentration in
the interdendrites, (c) average values and scatters of the element con-
centration in the dendrites.



side (higher temperatures) reflects the elemental distri-
bution in the dendrites. Taking into account the
calculation results presented in Figure 2, the scatter of
the element concentrations shown in Figures 1(b) and
(c) can be rationalized as follows: the rapid decrease of
the W concentration in the bcc phase at higher temper-
ature (right side of Figure 2) reflects the high scatter of
the W concentration within the dendrites. In contrast, as
the Mo concentration remains rather constant within a
temperature interval ranging from 2073 K to 2573 K
(1800 �C to 2300 �C), a rather small scatter of the Mo
concentration within the dendrites results in Figure 1(c).
However, at lower temperatures, a notable decrease of
the Mo concentration is observed (left side of Figure 2)
which readily explains the substantial scatter of Mo in
the interdendrites (see Figure 1(b)). The same method to
analyze element concentration distribution between and
within the dendrites and interdendrites can be applied
for other elements.
Earlier results of XRD measurements indicated that

either two bcc phases with slightly different lattice
parameters (3.103 and 3.116 Å) or one bcc phase with
lattice distortion form in the alloy in the as-cast
condition.[5] To get deeper insight into the microstruc-
ture of the alloy W-Mo-Cr-Ti-Al in the as-cast condi-
tions, two TEM lamellae were prepared using FIB
technique targeted (i) at a dendrite and (ii) at an
interdendritic region. Figure 3 represents results of the
TEM investigations. In order to verify EDS data
obtained in SEM (Figure 1), additional EDS analyses
were carried out in TEM. Figure 3(b) shows exemplarily
the spectrum of a spot marked in the dendrite
TEM-lamella (Figure 3(a)). The elements W, Mo, Ti,
Cr, and Al were detected. This is in agreement with EDS
results from SEM measurements shown in Figure 1(c).
Furthermore, Cu stemming from the Cu-supporting
TEM-grid, Pt stemming from the Pt protecting layer,
and Ga stemming from the Ga ion source were found.
In contrary to many other HEAs, nano-particles were
detected neither in the dendritic nor in the interdendrite

Fig. 2—Element distribution in the bcc phase (results of iterative
thermodynamic calculations using FactSage).

many HEAs after casting.[20] The chemical compositions
of dendritic and interdendritic regions were derived
from EDS analyses conducted in the SEM (Figures 1(b)
and (c)). The results of EDS analyses show that
predominantly W and Mo are enriched in the dendrites,
while the interdendritic regions are rich in Al, Cr, and
Ti. The data reveal, though, significant scatters of the
element concentration values (see Figures 1(b) and (c)).
This scatter is particularly pronounced for the element
W within the dendrites. It is also noteworthy that even
within the dendritic and interdendritic regions, contrast
differences are visible indicating substantial variations of
the element concentrations within the corresponding
regions (see e.g., the arrows pointing to local W
enrichment in the dendrites in Figure 1(a)).

It is likely to assume that the huge differences in the
melting points of the alloy-constituting elements cause
the formation of the observed as-cast microstructure.
The high melting elements W and Mo preferably solidify
first as dendrites, while the lower melting elements Cr,
Ti, and Al are enriched in the interdendritic regions. In
order to verify this assumption and to understand
mechanisms leading (i) to the formation of the dendritic
structure of the alloy W-Mo-Cr-Ti-Al in the as-cast
condition and (ii) to the particular element distribution
in respective areas, an iterative process of thermody-
namic calculations was carried out. To simplify the
iterative approach, calculation steps of 100 K (100 �C)
were chosen within a temperature range of 1973 K and
2673 K (1700 �C and 2400 �C), where only the liquid
and a solid bcc phase can coexist according to previous
thermodynamic calculations.[8] Each calculation starts
out with the concentration of the liquid phase of the
previous calculation which was performed for a tem-
perature being 100 K (100 �C) higher. The results of
these calculations can be considered as a first approach
of the alloy solidification process; they provide infor-
mation on expected element concentration distribution
between dendritic and interdendritic regions. It should
be noted that the liquid phase, which is the only
stable phase at 2673 K (2400 �C), is equiatomic. At 2573
K (2300 �C), the first step of the iterative thermody-
namic calculations, element concentrations are obtained
for the solid bcc phase which is formed from the
equiatomic liquid phase. In the second step of the
calculation, new element concentrations are calculated
for the bcc phase that arises from the liquid phase with a
new, i.e., non-equiatomic, composition that was in
equilibrium with the bcc phase in the first step of
calculation. In this way, the calculations proceeded
towards lower temperatures. Exemplary results of this
iterative process of thermodynamic calculations are
shown in Figure 2. It is evident that W plays the most
important role in the bcc phase solidification at higher
temperatures; however, its concentration decreases more
rapidly compared to other elements. At lower temper-
atures, Al possesses the highest concentration in the bcc
phase, but its fraction is significantly less pronounced
compared to that of W at higher temperatures. In
general, the left side of the diagram (at lower temper-
atures) can be considered being representative for the
element distribution in the interdendrites, while the right



Nevertheless, the tendency that the dendritic regions
which contain more of the high melting and
heavy elements possess a slightly larger lattice param-
eter is consistently confirmed by both measurement
techniques.

B. Microstructural Evolution During Heat Treatment

As outlined in the introduction, it is of paramount
interest to explore the microstructure stability at ele-
vated temperatures. To study the microstructure evolu-
tion at moderately high temperature, in situ XRD
measurements were carried out. For this purpose, an
as-cast alloy sample was heated stepwise in 200 K
(200 �C) steps from room temperature up to 1273 K
(1000 �C). XRD measurements were conducted at each
step with the temperature kept constant for 2 hours at
each step. The results show that two bcc phases could be
identified at each temperature. The obtained values of
the lattice parameters of both bcc phases at different
temperatures are summarized in Table I. In agreement
with the TEM investigations shown above, it can be
stated again that the dendrite phase possesses higher
lattice parameters of 3.118 Å and 3.148 Å, while the

Fig. 3—TEM images of the alloy 20W-20Mo-20Cr-20Ti-20Al in the as-cast condition; (a) STEM image (overview) of the TEM lamella cut from
a dendritic region, (b) EDS analysis of the spot marked in (a), (c) SAD pattern along [200] zone axis (sample tilt: a = �5.51 deg, b = �5.51
deg) within the dendrite, (d) calculated lattice parameters in the dendritic and the interdendritic regions.

regions. Selected area diffraction (SAD) patterns were
used to determine the lattice parameter of the relevant
areas and to compare these values with the earlier XRD
analysis. The lattice parameter values were calculated
from measured d values of (110), (200), (210), (211),
(220), (310), and (321) reflections. For each region, 15
values were obtained from 5 different diffraction images.
The averaged values of the lattice parameters are

3.154 ± 0.002 and 3.178 ± 0.002 Å for the interden-
dritic and the dendritic regions, respectively. Thus, in
tendency, the lattice parameter of the interdendritic
region is slightly smaller than that of the dendritic
region. However, the difference between two values is
smaller than the accuracy of electron diffraction, since
accuracy is usually in the region of 2 to 3 pct.[21]

Interestingly, the lattice parameters determined by SAD
are somewhat higher than those obtained from the XRD
measurements. This difference can likely be attributed
to the local concentration fluctuations within the
respective dendritic and interdendritic regions which
were observed in both, SEM and TEM (see
Figures 1(b), (c) and 3(d)). Finally, Ga ions stemming
from FIB preparation of the TEM lamellae may
have an additional influence on the lattice parameter.



Figure 5 shows the corresponding change of the
element concentrations in the dendritic and interden-
dritic regions during heat treatment at 1273 K
(1000 �C). In the interdendrites, no significant changes
were observed, while element concentrations in the
dendrites change substantially: a moderate decrease of
Ti and Cr and a notable decline of the Mo concentration
were detected, while the Al concentration seems to
remain nearly constant. A peculiar behavior is noted for
tungsten in this region. Based on the above findings, one
would intuitively assume that the concentration of W
would decrease in the dendrites and, consequently,
increase in the interdendrites since the W content in the
dendrites was found to be significantly higher than that
in the interdendrites in the as-cast conditions (see
Figures 1(b) and (c)). Instead, the tungsten content in
the dendrites drastically increases, implying that W does
not necessarily participate in the diffusion processes in
the earlier stages of homogenization. Considering this
very high W concentration in the dendrite as a result of
the heat treatment, the lattice parameter of the dendrites
obtained from the in situ XRD measurements (3.148 Å)
at 1273 K (1000 �C) can be reinterpreted in that the
dendrite lattice constant should approach the value of
pure tungsten. Karabacak et al.

[22] determined the lattice
parameter of pure W at 1223 K (950 �C) yielding 3.157

A˚ which is very close to the value of the dendrite lattice
parameter obtained in our XRD measurements at
1273 K (1000 �C). However, Figure 6 clearly shows
that the outward diffusion of W takes place in the
sample that was heat-treated for 48 hours at the higher
temperature of 1373 K (1100 �C), indicating that W
leaves the dendrites when a critical value of the W
concentration is exceeded or when the diffusivity of W
becomes significant. It should be kept in mind that the
diffusion of W becomes significant at high temperatures.
Mundy et al. reported on the self-diffusion coefficient in
tungsten in the temperature range 1705 K to 3408 K
(1432 �C to 3135 �C). At the lowest temperature, i.e., at

Table I. Lattice Parameters of the Two bcc Phases Obtained from In Situ XRD Measurements (bcc1: Dendrite,

bcc2: Interdendrite)

Calculated
Lattice Parameter a

298 K
(25 �C)

473 K
(200 �C)

673 K
(400 �C)

873 K
(600 �C)

1073 K
(800 �C)

1273 K
(1000 �C) a1273K � a298K (Å)

a (110) bcc1, (Å) 3.106 3.112 3.116 3.124 3.137 3.142
a (110) bcc2, (Å) 3.087 3.092 3.098 3.103 3.120 3.126
a (200) bcc1, (Å) 3.132 3.122 3.132 3.133 3.143 3.160
a (200) bcc2, (Å) 3.098 3.099 3.125 3.109 3.130 3.143
a (211) bcc1, (Å) 3.115 3.121 3.141 3.133 3.134 3.137
a (211) bcc2, (Å) 3.097 3.099 3.122 3.113 3.121 3.133
a (220) bcc1 (Å) 3.127 3.132 3.137 3.142 3.145 3.152
a (220) bcc2, (Å) 3.103 3.108 3.115 3.122 3.130 3.151
a (310) bcc1, (Å) 3.110 3.125 3.126 3.131 3.136 —
a (310) bcc2, (Å) 3.098 3.108 3.110 3.123 3.127 —
abcc1, (Å) 3.118 3.122 3.130 3.133 3.139 3.148 0.030
abcc2, (Å) 3.096 3.101 3.114 3.114 3.126 3.138 0.042
abcc1 � abcc2, (Å) 0.022 0.021 0.016 0.019 0.013 0.010

interdendrite phase has lower lattice parameters of 3.096

Å and 3.138 Å at room temperature and at (1273 K)
1000 �C, respectively. It is obvious that the difference
between the lattice parameters of dendrites and inter-
dendrites decreases continuously with increasing tem-
perature underpinning the results of earlier measure-
ments.[8] At 1273 K (1000 �C), this difference is negli-

gibly small yielding a value of 0.010 Å indicating the
progressing homogenization process. This fact allows to
state that the alloy 20W-20Mo-20Cr-20Ti-20Al pos-
sesses a single-phase microstructure. It should finally be
mentioned that during the in situ XRD measurements,
small amounts of pure W and a Ti-Al compound were
detected at 1273 K (1000 �C). The formation of the last
compound at 1273 K (1000 �C) is, in fact, not surpris-
ing, as it was predicted by thermodynamic calcula-
tions.[8] The appearance of pure W will be discussed
later in this section.

Previous and current investigations reveal that the
alloy 20W-20Mo-20Cr-20Ti-20Al shows a clear ten-
dency to homogenize at high temperatures. After
40 hours annealing at 1473 K (1200 �C), a nearly fully
homogeneous microstructure was observed in the
alloy.[8] In order to examine the early stages of alloy
homogenization as well as associated diffusion pro-
cesses, heat treatments were carried out for 24 and
48 hours at 1273 K (1000 �C) and for 48 hours at 1373
K (1100 �C). Figure 4 shows a decrease of the dendrite
volume fraction in the alloy during heat treatment at
1000 �C. By means of the software tool Image J, the
changes of the dendrite volume fraction were quantified
using the contrast differences between the interdendritic
and the dendritic regions. The results are summarized in
Table II. Obviously, the dendrite volume fraction
decreases with increasing annealing time at 1273 K
(1000 �C), indicating that the complete homogenization
would occur if the annealing temperature and the
annealing time were chosen sufficiently high and long,
respectively.



expected.[24] However, these concentration values were
confirmed by very similar concentration values mea-
sured in the as-casted alloy using TEM. Therefore,
element concentrations obtained for the alloy after heat
treatment using SEM can be used to identify mecha-
nisms causing the microstructure evolution. In addition,
to obtain the average values of element concentrations,
for example, in the dendrites, at least three dendrites
were analyzed with at least three EDS measurements
conducted in each of the dendrites. In other words, the
average values and the connected scatter bars in
Figures 1(b) and (c) represent at least 9 single measure-
ments each. During heat treatment at high temperatures,
the alloy tends to form a single bcc phase. To under-
stand the mechanisms determining the microstructure
evolution in the alloy, it is necessary to take a closer
look at the driving forces governing the microstructural
evolution.
In order to assess the kind of interaction prevailing

between elements present in the alloy 20W-20Mo-
20Cr-20Ti-20Al, enthalpies of mixing DHmix in the bcc
phase for all binary and ternary equiatomic alloys were
calculated using the software FactSage. The majority of
the equiatomic systems show positive enthalpy of
mixing. Only Al-containing alloys apparently render

Fig. 4—Microstructure evolution of the alloy 20W-20Mo-20Cr-20Ti-20Al at 1273 K (1000 �C); (a) as-cast condition, (b) after 24 h at 1273 K
(1000 �C), and (c) after 48 h at 1273 K (1000 �C).

Table II. Volume Fraction of Dendrite During Heat

Treatment at 1273 K (1000 �C)

Annealing duration (h) 0 24 48
Dendrite volume fraction (pct) 54 47 41

1705 K (1432 �C), the value of D = 3.17 9 10�18 cm2/s
was obtained.[23] Considering the correlation between
the element diffusivity and its melting temperature, it is
obvious that the self-diffusion of tungsten is substan-
tially slower than the self-diffusion of the other alloy
elements at 1273 K (1000 �C).

IV. DISCUSSION

The experimental results presented in the previous
section clearly show that the alloy 20W-20Mo-20Cr-20-
Ti-20Al forms a dendritic microstructure with signifi-
cant chemical differences between dendritic and inter-
dendritic regions in the as-cast condition. It should be
pointed out that the values of the elemental concentra-
tion attainable with EDS in SEM must be considered
critically as relative errors up to ±8 pct can generally be



negative enthalpy of mixing. Table III contains values
for the four binary equiatomic systems containing Al at
1373 K (1100 �C). As expected, the strongest bond
energy should exist between Al and Ti, followed by Mo,
Cr, and W. Based on these results, it can be supposed
that Al strongly bonds primarily Ti building stable in-
terdendritic regions. It should be noted that Al exhibits
a notable attractive bond to Mo, too. This strong
attractive interaction between Al and Mo may force Mo
to leave dendrites to join Al predominantly enriched in
inderdendrites. This assumption is consistent with the
experimental observation that Mo concentration in the
dendrites substantially decreases during heat treatment
(see Figure 5(b)).
Further, DHmix was calculated for all bcc ternary

systems at 1373 K (1100 �C) in order to analyze the
effect of the third element on the bond energy between
two respective elements. The corresponding values are
summarized in Table IV. Again, only for Al-containing
systems, negative values of enthalpy of mixing were
calculated. Also, the bond energy between Al and Ti
seems to be still dominant since the systems containing
both elements show the lowest values of DHmix. Inter-
estingly, the ternary system Al-Ti-Mo yields the
strongest bond energy among all ternary systems rein-
forcing the assumption that Mo in the dendrites is
probably attracted by Al towards the interdendrites. In
general, it can be concluded that Al shows a clear
tendency to build up extremely strong bonds with other

Fig. 5—Element concentration changes in the interdendrite (a) and
dendrite (b) regions at 1273 K (1000 �C).

Fig. 6—Element distribution in the alloy 20W-20Mo-20Cr-20Ti-20Al after 48 h heat treatment at 1373 K (1100 �C).

Table III. Calculated Enthalpy of Mixing in Binary Systems

at 1373 K (1100 �C)

System Al-Ti Al-Mo Al-Cr Al-W

DHmix (kJ/mol) �30.8 �18.9 �13.9 �6.9



outward diffusion of these elements from dendrites into
interdendrites as actually observed during heat treat-
ment (see Figure 5(b)). Finally, considering the results
shown in Figure 7, it can be explained why the Mo
concentration in the dendrites decreases, while the W
content notably increases during heat treatment despite
the higher Dxi of W than that of Mo (see Figure 5(b)).
Apparently, this can be attributed to the fact that the
activity difference Dai of Mo is substantially higher
compared to that of W. The outward diffusion of Mo
from the dendrites is, therefore, preferential from a
thermodynamic point of view.
The results shown in Figure 7 raise further questions

such as why the activity difference of W between
dendritic and interdendritic regions was found unex-
pectedly small. or, in other words, how does each
element influence the activity and, therefore, affect the
driving force of concentration changes by diffusion of
other elements in the alloy studied. Figure 8 shows
results of thermodynamic calculations illustrating the
effect of the element concentration on the activity of
other elements constituting the alloy 20W-20Mo-
20Cr-20Ti-20Al. Activities of four elements were calcu-
lated as a function of the concentration of the fifth
element at 1273 K (1000 �C), assuming that the bcc
phase is the only stable phase at this temperature. The
concentrations of other elements were kept equal. It is
obvious that both, Cr and W, have no significant effect
on the activities of the other elements (see Figures 8(a)
and (b)). Ti exhibits the same negligibly small impact
(not shown here). Mo, in contrary, significantly dimin-
ishes the W activity (see Figure 8(c)). This implies that a
high Mo content in the dendrites decreases the W
activity in this region. In addition, the low content of Al
in the dendrites decreases the W activity even further.
The opposite effect occurs for W in the interdendrites:
the low Mo and high Al concentrations cause an
enhancement of the W activity. As a result, a low W
activity difference results between the dendritic and
interdendritic regions (see Figure 7). Interestingly, Al
considerably influences the activities of all elements in
the alloy. The Cr activity, for example, substantially
decreases with increasing Al content. As a consequence,
the low Al content in the dendrites results in a Cr
activity being higher in the dendrite than in the
interdendrite (see Table V). In turn, this leads to the
outward diffusion of Cr from the dendritic into the

Table IV. Calculated Enthalpy of Mixing in Ternary Systems at 1373 K (1100 �C)

System Al-Ti-Mo Al-Ti-Cr Al-Ti-W Al-Mo-Cr Al-Mo-W Al-Cr-W

DHmix (kJ/mol) �21.3 �18.2 �16.8 �11.2 �11.1 �5.7

Table V. Calculated Element Activities for the Dendritic and Interdendritic Regions

Element Al Ti Cr Mo W

a
interdendrite 0.031 0.11 0.357 0.127 0.59
a
dendrite 0.005 0.22 0.51 0.22 0.64

Fig. 7—Calculated concentration and activity differences of elements
between dendritic and interdendritic regions.

elements. In contrary, W effectively weakens the bonds
between elements (compare, for example, enthalpy of
mixing in Al-Ti-Mo and Al-W-Mo or in Al-Mo-Cr and
Al-Cr-W).

In order to understand the peculiar diffusion pro-
cesses taking place during heat treatment as indicated in
Figure 5 and described in the previous section, activities
of the elements in the alloy were calculated for the
respective dendritic and the interdendritic regions at
1373 K (1100 �C). The required chemical compositions
for the dendrites and interdendrites were taken from
Figures 1(b) and (c). The results are summarized in
Table V. To understand the driving forces for diffusion
of each element, the element activity differences Dai

between corresponding regions were calculated. For the
sake of completeness, the element concentration differ-
ences Dxi were also determined. The results are shown in
Figure 7. Al and W are correlated with the highest
values of Dxi. This means that if diffusion of these
elements takes place during heat treatment, the concen-
tration changes are easily detectable. However, no
significant concentration changes were detected for Al,
neither in the dendrites nor in the interdendrites. Taking
the lowest value of the activity difference Dai (see
Figure 7) into account, it becomes clear that despite the
fact that the concentration difference Dxi is very high, Al
possesses the lowest driving force for diffusion in the
alloy studied. Further, Ti and Cr exhibit significantly
higher activity values in the dendrites than in the
interdendritic regions creating a driving force for



values confirm the trend observed earlier by XRD.
2. The homogenization process of the alloy 20W-

20Mo-20Cr-20Ti-20Al was investigated by moni-
toring the microstructure evolution during and
short-term annealings at moderate temperature
[473 K to 1273 K (200 �C to 1000 �C)] as well as
long-term treatments at elevated temperatures [1273
K to 1373 K (1000 �C to 1100 �C)]. It was observed
that the difference in the lattice parameters becomes
less pronounced with increasing annealing temper-
ature and time [0.022 Å at 289 K (25 �C) and 0.010

A˚ at 1273 K (1000 �C)]. The alloy shows, therefore,
a clear tendency to homogenize and possesses a
single-phase microstructure. A significant decrease
of the dendrite volume fraction from 53.9 to 41.1
vol pct was detected during annealing for up to
48 hours at 1273 K (1000 �C).

3. Thermodynamic calculations were conducted to
assess the driving forces governing the alloy
microstructure evolution. The calculations of the
enthalpy of mixing for binary and ternary systems
reveal that Al builds the strongest bonds with other
elements, especially with Ti. In contrast, W seems to
weaken the bonds between elements. The activity

Fig. 8—Effect of element concentrations on the element activity.

interdendritic regions (see Figure 5(b)). The same obser-
vation holds true for Ti.

V. CONCLUSIONS

The following main results were obtained in this
study:

1. The microstructure of the alloy 20W-20Mo-
20Cr-20Ti-20Al in the as-cast condition was inves-
tigated using various experimental techniques such
as SEM, TEM, and XRD. It was found that
primarily W and Mo are enriched in the dendrites,
while interdendrites are rich in Al, Cr, and Ti.
Within both regions, elemental distribution is not
homogeneous as significant scatter of elemental
concentrations was measured. W exhibits a partic-
ularly large concentration scatter from 26 to 49 at.
pct in the dendrites. This feature was explained by
an iterative of thermodynamic calculation proce-
dure reflecting the element distribution in both
relevant regions. Lattice parameters for the den-
dritic and interdendritic areas were determined as

3.178 and 3.154 Å, respectively, using TEM. These



differences between dendrites and interdendrites for
corresponding elements were calculated. It was
found that the experimentally observed microstruc-
ture evolution during heat treatment is in good
agreement with these parameter values. The knowl-
edge of the effect of element concentration on the
element activity is important to understand the
driving forces determining the alloy constitution.
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a b s t r a c t

The high temperature oxidation behavior of a refractory high-entropy alloy (HEA) 20Nbe20Moe20-
Cre20Tie20Al at 900 �C, 1000 �C and 1100 �C was investigated. The oxidation kinetics of the alloy was
found to be linear at all temperatures. Oxide scales formed are largely inhomogeneous showing regions
with thick and porous layers as well areas with quite thin oxide scales due to formation of discontinuous
chromium-rich oxide scales. However, the oxidation resistance can be moderately improved by the
addition of 1 at.% Si. The thermogravimetric data obtained during oxidation of the Si-containing alloy at
1000 �C and 1100 �C reveal pronounced periods of parabolic oxidation that, however, change towards
linear oxidation after prolonged exposure times. Microstructural investigations using scanning electron
microscopy (SEM) and transmission electron microscopy (TEM) document that the Si addition gives rise
to a nearly continuous alumina-rich layer which seems to be responsible for the good protection against
further oxidation. Pronounced zones of internal corrosion attacks consisting of different oxides and ni-
trides were observed in both alloys. In order to determine the chemical composition of the corrosion
products and their mass fraction, quantitative X-ray diffraction (XRD) analysis was performed on
powdered oxide scales that formed on the alloys after different oxidation times. Rutile was identified as
the major phase in the oxide scales rationalizing the relatively high mass gain during oxidation.

© 2016 Elsevier B.V. All rights reserved.

1. Introduction

Equiatomic multicomponent alloys have attracted great atten-
tion among material scientists worldwide in the last few years [1,2]
due to their unique properties. Regarding the microstructure, HEAs
stand out due to their tendency to possess simple, highly sym-
metric crystal structures, which often lead to single-phase micro-
structures [3], to nanoparticles in the matrix [4] and to sluggish
diffusion of elements [5e7]. High temperature stability was re-
ported by Hsieh et al. and Liu et al. for the alloy systems AlCr-
FeMnNi and FeCoNiCrMn, respectively [8,9]. With respect to
mechanical properties, the so-called Cantor alloy sticks out in
having simultaneously high strength and ductility, both of which

increase with decreasing temperature [10,11]. Refractory HEAs
exhibit extremely high strength at elevated temperatures
exceeding even the levels provided by advanced Ni-based super-
alloys [12].

Characterization of the oxidation resistance of the alloy AlSi-
TiCrFeCoNiMo0.5 and AlSiTiCrFeNiMo0.5 was in part studied by
Huang et al. whomainly focused on processing, microstructure, and
wear resistance of the alloys [13]. It was concluded that the for-
mation of the chromia-based layer underneath the outermost ti-
tanium oxide scale accounts for the good oxidation resistance of
these materials. Daoud et al. characterized the oxidation behavior
of three alloys based on the alloy system AleCoeCreCueFeeNi
[14]. Thin layers of a-Al2O3 and Cr2O3 were identified after 200 h of
oxidation at 1000 �C, however severe spallation of oxide scales was
also observed. High temperature oxidation behavior of multicom-
ponent alloys of the system AleCoeCreNi-(Fe or Si) was investi-
gated by Butler et al. [15]. They found that the formation of the* Corresponding author.
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external alumina is strongly dependent on the Al content in the
alloys. The oxidation behavior of other transitionmetal-based HEAs
has been frequently reported in the literature [16e21]. By contrast,
there is a pronounced lack of studies dealingwith high temperature
oxidation behavior of refractory metal-based HEAS, despite the fact
that these materials have been designed for high temperature ap-
plications. Senkov et al. investigated oxidation resistance of a re-
fractory HEA NbCrMo0.5 Ta0.5TiZr in flowing air at 1000 �C [22]. A
scale consisting of complex oxides was found on the alloy surface.
Nevertheless, the alloy exhibits a much better combination of
mechanical properties and oxidation resistance than commercial
Nb alloys as well as NbSiAlTi and NbSiMo materials [22]. The study
by Liu et al. revealed that the oxidation rates of refractory HEAs is
significantly decreased by Ti and Si additions, while V additions
cause on the contrary increased oxidation rates at 1300 �C [23]. The
properties of HEAs as protective coating have also been investi-
gated. The oxidation resistance of the alloy Tie6Ale4V could be
improved due to the laser clad TiVCrAlSi high entropy alloy coatings
[24].

The equiatomic alloy 20We20Moe20Cre20Tie20Al is the first
material from the recently proposed new alloy family that has been
developed for high temperature structural applications [25]. Since
W and Mo possess very high melting points, these elements were
considered as prime candidates for the new alloy system. To
possibly enable the formation of a protective oxide scale, Cr and Al
were added to the alloy system, while Ti should reduce the alloy
density. Further details regarding the alloy design concept can be
found in Ref. [25]. Microstructure analysis of the alloy
20We20Moe20Cre20Tie20Al in the as-cast condition as well af-
ter annealing at high temperatures revealed that the alloy shows a
clear tendency to homogenize yielding a simple single-phase body
centered cubic (BCC) microstructure [26]. The microstructure and
mechanical properties of the second alloy of this family,
20Nbe20Moe20Cre20Tie20Al, were presented and discussed by
Chen et al. [27] whereby tungsten has been replaced by niobium to
further reduce density and to ease the fabrication by arc melting
due to the lower melting point of Nb. The purpose of the present
paper is twofold: (a) to assess the high temperature oxidation
behavior of the equiatomic HEA 20Nbe20Moe20Cre20Tie20Al
and (b) to study the effect of 1 at.% of the Si addition aiming at
enhancing the oxidation resistance following the recommendation
by Ref. [23].

2. Experimental

The alloys were produced from elemental bulk materials by arc-
melting in ~0.6 atm of argon (arc-melter AM 0.5 by Edmund Bühler
GmbH). The purities of the starting materials Mo, Nb, Al, Cr, Ti, and
Si were 99.9%, 99.9%, 99.9%, 99%, 99.8% and 99.9999%, respectively.
Nitrogen impurities were found to be below the detection limit,
oxygen content was measured being between 50 and 100 wt ppm.
The prepared buttons were flipped over and remelted more than
five times in a water-chilled copper mold to facilitate alloy ho-
mogenization. The alloys were heat-treated under Ar flow for
20 h at 1200 �C. For the oxidation tests, samples of dimension of
approximately 10 mm � 10 mm � 2 mmwere polished up to 1000
grit. The samples were ultrasonically cleaned in ethanol directly
before testing in a Rubotherm thermogravimetric system. The ox-
ide scale morphology was analyzed by means of a FIB-SEM Dual-
Beam system of type FEI Helios Nanolab 600 equipped by the
energy dispersive X-ray (EDX) detector. Before cross-section anal-
ysis, oxidized samples were Ni-plated to protect the oxide scales. A
TEM-lamella was prepared applying ion milling in the FIB-SEM
system. TEM analysis was performed in the TEM of type FEI Talos
F200X. To analyze the composition of oxides formed on the alloys,

XRD measurements were carried out using the X'Pert Pro MPD
diffractometer (Cu-Ka radiation) operating with Bragg-Brentano
geometry. Divergence slits ½ degree and anti scatter slit 1� were
used for XRD measurements. Oxide scales were removed from the
oxidized samples and powdered into particle sizes smaller than
40 mm. Since the oxide scales were relatively thin, particularly after
short oxidation experiments, background-free sample holders
made of silicon single crystals (Panalytical PW 1817/32) were used.
The measurements were carried out using 2q angles between 10
and 78�, the step sizewas adjusted to 0,017�, the scan time for a step
was 30s. In order to quantify the amount of phases formed during
oxidation, Rietveld analysis was performed using the cif-files
(anatase (ICSD9852) [28], corundum (ICSD 160604 [29]), and
rutile (ICSD 9161) [30]). The values of the standard free energy of
formation of oxides and nitrides were calculated using the software
FactSage V6.4 in conjunction with the SGPS database.

3. Results

3.1. Oxidation kinetics

Fig. 1(a) shows thermogravimetric curves observed during
exposure of the alloy NbeMoeCreTieAl to laboratory air at 900 �C,
1000 �C and 1100 �C. The curves obtained at 900 �C and 1000 �C
obviously obey the linear oxidation kinetics, whereby the oxidation
rate at 1000 �C is substantially higher compared to that at 900 �C
indicating formation of non-protective oxide scales. Oxidation ki-
netics at 1100 �C shows a tendency to become decelerated after
approximately 25 h of air exposure. The total mass gain after 48 h of
oxidation at 1100 �C is slightly lower compared to that at 1000 �C. It
can be assumed that the oxide scale formed on the alloy Nbe-
MoeCreTieAl at 1100 �C becomes at least partially protective after
prolonged oxidation times.

Thermogravimetric curves of the alloy NbeMoeCreTieAle1Si
obtained during oxidation at the same temperatures as for the Si-
free alloy are shown in Fig. 1(b). The alloy oxidizes according to
the linear rate law at 900 �C, while the thermogravimetric curves
for 1000 �C and 1100 �C apparently show an initially parabolic
weight gain which changes to the linear rate law after approxi-
mately 30 h. The oxidation kinetics at 1100 �C is only slightly higher
compared to that at 1000 �C. The first few hours of transient
oxidation are usually characterized by rapid oxidation of all ele-
ments present in the alloy. After a period of parabolic oxidation, an
effect similar to breakaway oxidation, i.e. the oxidation rate in-
creases markedly approaching the linear mass gain, is observed for
the Si-containing alloy at 1000 �C and 1100 �C. This effect correlates
with a change in the scale structure during oxidation towards for-
mation of thick, porous oxide scales accompanied by enhanced
ingress of gaseous species down to the metal phase. This will be
discussed inmore detail below. Given the high fraction of refractory
elements contained in the HEAs studied, the weight gains found
after nearly 50 h are relatively low (below 10 mg/cm2).

3.2. Microstructural analysis of oxide scales

3.2.1. Alloy NbeMoeCreTieAl

The oxide scale formed on the alloy NbeMoeCreTieAl at 900 �C
after 48 h of oxidation is shown in Fig. 2(a). The scale is largely
homogeneous and is approximately 4 mm thick. The EDX analysis of
the oxide scale (not shown here) reveals that the scale consists of a
mixture of Ti, Al, Cr, and Nb oxides. Such oxide layers are non-
protective in nature and thus can explain the linear oxidation at
900 �C (see Fig. 1(a)). Fig. 2(b) shows the morphology of the oxide
scale formed on the alloy NbeMoeCreTieAl after 48 h of oxidation
at 1000 �C. Two different kinds of oxide morphology can be



Fig. 1. Oxidation kinetics of alloys (a) NbeMoeCreTieAl and (b) NbeMoeCreTieAle1Si.

Fig. 2. Cross-section (BSE) of the alloy NbeMoeCreTieAl after 48 h oxidation at (a) 900 �C, (b) 1000 �C, and (c) at 1100 �C.



behavior of the alloy NbeMoeCreTieAl. In literature, numerous
studies exist suggesting several hypotheses on the positive effect of

Fig. 3. XRD patterns of (a) the zone with internal precipitates formed underneath the
oxide scale on the alloy NbeMoeCreTieAl after 48 h oxidation at 1000 �C, (b)
powdered oxide scales formed on the alloy NbeMoeCreTieAl after 8 h oxidation at
1000 �C and (c) powdered oxide scales formed on the alloy NbeMoeCreTieAl after
48 h oxidation at 1000 �C.

observed: (i) a thick (up to ~ 80 mm) and porous oxide mixture and

(ii) a relatively thin (up to ~ 15 mm) and compact oxide layer. EDX

analysis (not shown here) of these two distinctive regions revealed
that Ti, Al, Cr and Nb, i.e. their oxides, are nearly homogeneously
distributed in the thick oxide layers, while a discontinuous Cr
oxide-rich layer was identified within the oxide scale in the case of
the thin oxide layer. Interestingly, enrichment of Mo was found at
the interface oxide/substrate indicating that evaporation of Mo
oxides can be neglected. At 1100 �C, the microstructure of the oxide
scale changes significantly compared to that formed at the lower
temperatures. The oxide scale is mostly homogeneous and is about
25 mm thick (see Fig. 2(c)). Underneath the coarse crystals of Ti

oxide clearly visible in the outermost part of the scale, a semi-
continuous Al oxide-rich layer can be identified. The decelerated
oxidation kinetics at 1100 �C can apparently be attributed to the
formation of this Al oxide-rich layer. However, the microstructural
analysis of the cross-sections after discontinuous oxidation tests
revealed that the Al oxide-rich scale could only be detected after a
prolonged oxidation time, i.e after at least 24 h. Further, a contin-
uous Cr oxide-rich layer was observed underneath the Al oxide-
rich scale that also contributes to slowing down the kinetics (see
Fig. 2(c)). Underneath the Cr oxide-rich scale, Ti and Nb oxides
were identified to prevail. It should also be mentioned that some
areas with the thick scale similar to that formed at 1000 �C were
pre-dominantly located on sample corners.

As shown in Fig. 2 (a)-(c), thick zones of internal precipitates
were found underneath the oxide scales. In order to analyze these
precipitates, the oxide scale was completely ground off from the
sample oxidized for 48 h at 1000 �C, and a XRD measurement was
carried out on the metallic substrate containing the internal pre-
cipitates. The results are shown in Fig. 3. The metallic substrate
consists of the major solid solution BCC phase, the minor Laves
phase (Cr2Nb) as well as an unknown phase. These findings are in
agreement with previous investigations of the alloy microstructure
[27]. In addition to the very stable oxides, i.e. Al2O3 and TiO2, three
types of nitrides were detected: TiN, Cr2N and a Nb2N. Considering
the rather thick zone of internal precipitates, it can be concluded
that the alloy NbeMoeCreAleTi is extremely susceptible to ni-
trogen ingress.

To identify the nature of corrosion products formed in the
outermost scale and to estimate the amounts of different oxides as
a function of the oxidation time, the oxide scales were removed
from the samples oxidized for 8 h, 24 h and 48 h in air at 1000 �C,
crushed into powders and quantitatively analyzed using XRD. Fig. 3
(b) and (c) shows the XRD patterns of the powdered oxide scales
formed on the alloy NbeMoeCreTieAl at 1000 �C after 8 h and 48
h of exposure, respectively. The results are summarized in Table 1.
Three crystal structures were identified, namely, rutile, corundum,
and anatase. For all oxidation times, rutile seems to be the pre-
vailing phase. The high amount of rutile can clearly be related to
the formation of TiO2 that was confirmed by the EDX analysis.
How-ever, Nb2O5 exhibits polymorphism and can also crystallize in
the rutile (TiO2) structure [31]. Furthermore, Novotny reported that
solubility of Nb2O5 in TiO2 varies between 2 at.% and 41 at.% [32].
Besides, Nb oxide was identified by the EDX analysis of the oxide
scale. Therefore, the two oxides TiO2 and Nb2O5 can be responsible
for the presence of rutile in the scale formed on the alloy Nbe-
MoeCreTieAl. The negligibly small amount of anatase was only
found after 8 h of oxidation. The two oxides Al2O3 and Cr2O3 that
can form in this alloy during oxidation, possess the crystal structure
of corundum. Bondioli et al. reported that below 950 �C a misci-
bility gap forms, where Al2O3 and Cr2O3 coexist, while above this
temperature complete miscibility is present [33].
Results of the thermogravimetric analysis shown in Fig. 1(b) clearly

demonstrate that Si has a beneficial effect on the oxidation



Si with respect to high temperature oxidation resistance [34,35].
The two most commonly accepted ones are: (i) depending on the
alloy system, Si favors the formation of either a protective external
silica scale or of a silica layer on the phase boundary oxide/alloy
[36] and (ii) SiO2 acts as nucleation sites promoting the rapid for-
mation of a continuous protective layer [37,38]. In order to proof
hypothesis (ii), on one side of the samples of the alloy Nbe-
MoeCreTieAl a thin (~20 nm) SiO2 layer was sputter deposited,
while the other side remained untreated. The sample was subse-
quently oxidized in air for 48 h at 1000 �C. As shown in Fig. 4, no
difference can be identified between the sputtered and non-
sputtered sides of the sample. It can, thus, be concluded that SiO2

sputter deposition does not lead to a noticeable improvement of
the oxidation resistance of the alloy NbeMoeCreTieAl. The fast
growing oxide mixture clearly governs the entire oxidation process
suppressing or even eliminating the possible positive Si effect from
the formation of nucleation sites.

3.2.2. Alloy NbeMoeCreTieAle1Si

Fig. 5(a)-(c) show the cross-sections of the alloy NbeMoe-
CreTieAle1Si after 48 h of exposure to air at 900 �C, 1000 �C, and
1100 �C. Similar to the case of the Si-free alloy, the oxide scale
formed on the Si-containing alloy at 900 �C is approximately 4 mm
thick and represents a mixture of Ti, Al, Cr, and Nb oxides. The main
parts of the oxide scales formed at 1000 �C and 1100 �C are 7 mm
and 20 mm thick, respectively. Thicker and more porous oxide
scales, if present, were occasionally observed on the sample corners
(see Fig. 5(d)). Obviously, the dramatic increase in the oxidation
rate after approximately 30 h of oxidation, Fig. 1(b), can be attrib-
uted to the formation of these thick layers on the sample corners.

In order to get a deeper insight into themorphology of the oxide

scales formed at higher temperatures, a TEM lamella was prepared
using ion milling in the SEM-FIB device from a sample oxidized at
1000 �C for 48 h. The morphology of the oxide layer and corre-
sponding results of EDX analyses carried out in TEM are shown in
Fig. 6. These results clearly reveal that nearly continuous Al oxide-
and Cr oxide-rich scales are formed underneath coarse Ti oxide
grains. The moderate mass gain during oxidation of the alloy
NbeMoeCreTieAle1Si at 1000 �C and 1100 �C for up to 30 h can be
explained by the formation of these oxide layers. Still as for the base
alloy described in the previous section, a significant amount of Nb
and Ti oxides was also observed in the oxide scale. The distribution
of Nb in the oxide scale indicates that the Al oxide-rich scale is the
only efficient barrier against Nb diffusion since Niobium was
detected exclusively underneath the Al-rich oxide layer. Another
important positive finding is that Mo was only detected in the
metallic substrate suggesting that the evaporation of Mo oxides can
be largely excluded. Results of the EDX analysis of the zone marked
in Fig. 6 as a black frame revealed that the small bright particles at
the interface oxide/substrate consists of nearly pure Mo (see the
magnified view of Fig. 6(a) in Fig. 7 together with the element
specific mapping of molybdenum and oxygen). In addition, a pro-
nounced zone of internal precipitates can clearly be seen in Figs. 5
and 6. These internally precipitated corrosion products are sup-
posed to be the same as the ones identified in the previous section
for alloy NbeMoeCreTieAl.

The results of the quantitative XRD analysis (prepared in the
same way as described above for the Si-free alloy) of corrosion
products after oxidation of the alloy NbeMoeCreTieAle1Si at
1000 �C are summarized in Table 2. Fig. 8 shows exemplarily the
XRD patterns of the powdered oxide scale formed during 24 h of
oxidation at 1000 �C. It was found that only two crystal structures
are present after both 24 h and 48 h air exposure, namely rutile and
corundum. No anatase could be detected, though. Different to the
Si-free alloy, the amount of the oxide powder available after 8 h of
oxidation was too small to carry out XRD measurements. The rutile
phase is again the major phase of the corrosion products formed on
the alloy NbeMoeCreTieAle1Si. The phase fraction of rutile in-
creases slightly with oxidation time, while the percentage of
corundum decreases correspondingly. The observed increase of the
oxidation rate after 30 h of oxidation (see Fig. 1(b)) is an indication
that the alumina and/or chromia scale loses its protectiveness,
especially at the sample corners, causing the enhanced formation of
fast growing and non-protective rutile.

4. Discussion

The experimental results presented in the previous section
reveal a moderately beneficial effect of the Si addition on the
oxidation behavior of the equiatomic alloy NbeMoeCreTieAl.
Comparing the thermogravimetric curves of the Si-free and Si-
containing alloy, it can be concluded that the better oxidation
resistance at 1000 �C and 1100 �C of the alloy NbeMoeCreTieA-
le1Si manifests itself (i) in a lower values of the total mass gain
after 48 h of air exposure compared to the Si-free alloy and (ii) in an
interim period of parabolic oxidation. However, at 900 �C, the
thermogravimetric results of both alloys are rather similar. The
microstructural analyses of the oxide scales formed on both alloys
at 900 �C reveal this resemblance in the oxide thickness and the
constitution of the oxide layers. These oxide scales represent a non-
protectivemixture of various oxides explaining the linearmass gain
at 900 �C. At higher temperature, however, the constitution of the
oxides scales formed on both alloys substantially differs. While the
oxide scale of the Si-free alloy includes only a partly continuous Cr
oxide-rich scale at 1000 �C and an additional semi-continuous Al
oxide-rich scale that forms after a prolonged oxidation time at

Table 1

Phase fractions of corrosion products after oxidation of the alloy NbeMoeCreTieAl
at 1000 �C.

Oxidation time 8 h 24 h 48 h

Rutile, % 98.4 88.3 84.5
Corundum, % e 11.7 15.5
Anatase % 1.6 e e

Fig. 4. Effect of SiO2 sputter deposition on the oxidation behavior of the alloy
NbeMoeCreTieAl after 48 h of oxidation at 1000 �C; (a) sputtered side of the oxidized
samples, (b) non-sputtered side of the oxidized samples (BSE-images).



1100 �C, the alloy NbeMoeCreTieAle1Si forms both, Cr oxide- and
Al oxide-rich layers, at 1000 �C as well as at 1100 �C that are also
noticeably more dense and compact compared to those formed on
the Si-free alloy. Thus, it can be concluded that the formation of an
Al oxide-rich scale in the alloy system NbeMoeCreTieAl is pro-
moted by higher temperatures, prolonged oxidation time as well as
Si additions. It should, however, be pointed out that the sample
surfaces of both alloys after oxidation at 1000 �C and 1100 �C are
covered by a non-uniform oxide scale showing regions of a thick,
non-protective and quickly growing scale as well as regions with a
relatively thin, to some extent protective oxide scale due to the
formation of the Cr oxide-rich and Al oxide-rich layers mentioned
above. The thick and non-protective scale seems to form at random
on the alloy NbeMoeCreTieAl, while on the alloy NbeMoe-
CreTieAle1Si it appears predominantly on the sample corners. It is
well-known that oxide scales are less adherent on convex surfaces,
e.g. corners of specimens, than on flat or concave surfaces because
of the high tensile stresses developing in the growing scale [39]. As
a consequence of these stresses, porosity and microchannels form
in the scale resulting in the loss of protectiveness primarily on the

specimen corners [39]. For the alloy NbeMoeCreTieAle1Si it can,
hence, be concluded that an effect similar to the breakaway
oxidation, i.e. the local formation of thick and fast growing scales
after a certain period of oxidation, takes place explaining the in-
crease of the oxidation rate after 30 h of oxidation at 1000 �C and
1100 �C. The general reason why the Si-containing alloy shows a
better oxidation behavior compared to that of the Si-free alloy is
still unclear as the coverage of the alloy surfaces by a thin sputtered
SiO2 layer that should promote the formation of protective oxide
scales did not show an appreciable effect on the oxide scale for-
mation at least after longer oxidation times. A possible explanation
of the positive effect of Si addition would be that Si favorably in-
creases the activities of Cr and/or Al in the alloy, hence, leading to a
higher driving force for the formation of the protective oxides Cr2O3

and Al2O3. The thermodynamic effect of Si in the alloy system
studied will, thus, be explored in a future investigation in detail.

The mass fractions of oxides observed using XRD and their
evolution during oxidation can be discussed only qualitatively, i.e.
in terms of the major phase, minor phases and traces, and, there-
fore, cannot be unambiguously correlated with other experimental

Fig. 5. Cross-section (BSE) of the alloy NbeMoeCreTie1Si after 48 h oxidation at (a) 900 �C, (b) 1000 �C, and (c) at 1100 �C; (d) corner of the oxidized sample NbeMoeCreTie1Si at
1100 �C.



results, such as the thermogravimetric data. The reason for this
restriction is that the phase fractions were determined assuming
that rutile is represented by TiO2 and corundum by Al2O3. The EDX
results, however, show that other oxides are also extensively pre-
sent in the oxide scales and possess the same crystal structures,
which for instance holds true for Cr2O3 and Al2O3. A comparison of
the oxide mass fraction differences between the alloy NbeMoe-
CreTieAl and the alloy NbeMoeCreTieAle1Si is hardly possible
because these two alloys seem to essentially form the same oxides
and the differences of the oxide mass fractions are rather small and
therefore not meaningful. Nevertheless, some important conclu-
sions can be drawn from the quantitative XRD analysis. Fig. 9 shows
the lattice parameters rutile identified using Rietveld analysis on
powdered oxide scales formed on alloys NbeMoeCreTieAl
(designated as “Nb” in Fig. 9) and NbeMoeCreTieAle1Si (desig-
nated as “Nb1Si” in Fig. 9) after different oxidation times at 1000 �C.
It is obvious that the lattice parameters determined from samples
of both alloys oxidized for 24 h and 48 h are almost identical. A
slight deviation was only observed for the Si-free alloy oxidized for
8 h at 1000 �C. This difference might be explained by the suppo-
sition that the initially formed rutile compound has not yet reached
equilibrium. Further, Fig. 9 reviews literature data on lattice pa-
rameters of pure TiO2 (designated as “TiO2”) [40e47], TiO2 with Nb
substituting Ti sites (designated as “Ti1-xNbxO2”) [48,49] as well as
TiO2 with Nb and Al substituting Ti (designated as
“Ti0.6Al0.2Nb0.2”) [50]. Comparing the lattice parameter deter-
mined for rutile in this study with the literature data, it can be
concluded that a certain amount of Nb may be dissolved in the
rutile formed during oxidation of both alloys causing a significant
cell distortion towards higher lattice parameters compared to pure
TiO2. Considering that both Nb and Al can occupy Ti sites in rutile, it
cannot be excluded that Al may also be dissolved in the rutile
formed on the HEAs studied.

As relatively thick oxide scales were observed on the surface of
both alloys, the dominant contribution to the mass gain of the al-
loys studied can obviously be attributed to the oxygen uptake
through the formation of external oxide scales. It is well-known
that the growth rate of pure chromia and a-alumina forming a
dense layer is very slow and consequently low values of the para-
bolic oxidation constants are reported in the literature, e.g.
2 � 10�11 mg2cm�4 s�1 for chromia and 7 � 10�12 mg2cm�4s�1 for
a-alumina [51] at 1000 �C. During exposure to air at temperatures
above approximately 800 �C, pure Mo and Mo-based alloys form
gaseous oxides that evaporate [52]. In case of the alloys investi-
gated in this study, the evaporation of Mo oxides is presumably
restricted to the initial transient oxidation stage, if it takes place at
all. After a longer time of oxidation this effect can be neglected,
since a clear Mo enrichment was observed at the interface oxide/
substrate. It has been reported in the literature that both, Ti [53]
and Nb [54], oxidize at 1000 �C according to the linear rate law
that is usually typical of the growth of non-protective surface
scales. The linear oxidation constants of Ti and Nb are
0.013 mgcm�2 min�1 [53] and 1 mgcm�2 min�1 [54], respectively.
As oxides of these two elements may possess the same rutile
structure (see above) that was identified as the predominant phase,
the oxidation of Ti and Nb seem to primarily account for the for-
mation of the thick oxide scales. However, the relatively high mass
gain during oxidation in air can also be attributed to a nitrogen
uptake forming the nitrides TiN, Cr2N and Nb2N, which were

Fig. 6. TEM-bright field micrograph of a cross-section through the oxide scale of the
alloy NbeMoeCreTieAle1Si after 48 h oxidation at 1000 �C and the corresponding
element-specific EDX mappings. The black box indicated in the bright field micrograph
is presented as an enlarged view in Fig. 7.



experimentally identified in the thick zone of internal corrosion in
the alloy NbeMoeCreTieAl exposed to air for 48 h at 1000 �C.
Similar findings hold true for the alloy NbeMoeCreTieAle1Si.
Thick and porous oxidemixtures can form on the alloy surface if the
oxides constituting the scale possess similar thermodynamic sta-
bilities, such as Al2O3 and TiO2 [46]. In order to assess the ther-
modynamic stability of the most relevant oxides in this alloy
system, the standard free energies of formation of the possible
oxides at 1000 �C were calculated using the commercial software
FactSage. The calculations were carried out assuming the element
activities being equal unity. The calculated values of the standard
free energy can however be considered since all elements in the
alloys possess the same concentrations. The numbers are

summarized in Table 3. In addition to the well-known similar
thermodynamic affinity of oxygen to Al and Ti [55], almost identical
values of the standard free energy of formation can be found for
Nb2O5 and Cr2O3. It can be assumed that the formation of a pure
alumina on the alloy surface is retarded because of similar ther-
modynamic stability of Al2O3 and TiO2, while the formation of
chromia is hampered because of the nearly equal values of the
standard free energy for Nb2O5 and Cr2O3. Probably due to the
slightly higher thermodynamic stability of TiO2 in the rutile
modification as compared to anatase, the latter was detected by the
XRD analysis only after 8 h of oxidation as a transient phase. In
terms of the thermodynamic stability of oxides listed in Table 3 it
can be concluded that all oxides, except MoO3, exhibit apparently
high affinity to oxygen. Considering the very high oxidation rates of
Ti and Nb discussed above, the predominant formation of the rutile
phase consisting of Nb2O5 and TiO2 becomes reasonable.

The values of standard free energies of formation of relevant
nitrides at 1000 �C are summarized in Table 4. As described above,
three types of nitrides, i. e. TiN, Nb2N and Cr2N, were identified
experimentally in the outer zone of internal corrosion of the alloy
NbeMoeCreTieAl after air exposure for 48 h at 1000 �C. As shown
in Table 4, Nb and Cr can form two corresponding types of nitrides,
in each case the most stable one (Nb2N, Cr2N) was detected using
XRD. It is also not surprising that TiN as the most stable nitride in
this alloy system was identified in the inner zone of internal
corrosion.

In terms of the high temperature oxidation resistance, the re-
sults presented here show the high potential of the new refractory
HEAs. It is obvious that the oxidation behavior of these alloys can be
moderately improved by micro-alloying, e.g. by Si, as was shown in
this study. An increase of the Si concentration in the alloy Nbe-
MoeCreTieAl up to 2e3 at.% may lead to a further improvement of
oxidation resistance. However, the strongest effect on the oxidation
behavior can certainly be achieved by macro-alloying, i.e. by
substituting of some elements, for example Nb, in the alloy's
chemical composition. The development of the new refractory
HEAs primarily aims at the definition of a core alloy system
providing the best combination of mechanical properties, ductility,
and oxidation resistance. Hence, in our further studies, the effect of
macro-alloying will be investigated and discussed by comparing
the oxidation behavior of the alloy systems NbeMoeCreTieAl,
WeMoeCreTieAl, and TaeMoeCreTieAl.

Fig. 7. EDX analysis of the zone marked in Fig. 6.

Table 2

Phase fraction of corrosion products after oxidation of the alloy
NbeMoeCreTieAle1Si.

Oxidation time 24 h 48 h

Rutile, % 89.7 93.2
Corundum, % 10.3 6.8

Fig. 8. XRD patterns of the powdered oxide scale formed on the alloy NbeMoe-
CreTieAle1Si after 24 h of oxidation at 1000 �C.



5. Summary

In this study, high temperature oxidation behavior of the
equiatomic refractory high-entropy alloy NbeMoeCreTieAl was
investigated. The effect of 1 at.% of Si additionwas also studied. The
results can be summarized as follows.

1. Although the alloy 20Nbe20Moe20Cre20Tie20Al contains a
high amount of refractory elements, moderate mass gain was
measured during oxidation in air. The oxidation kinetics follows
the linear rate law at 900 �C and 1000 �C, while the decelerating
oxidation rate was observed after approximately 30 h at
1100 �C. The metal surface was largely covered by thick, porous
and non-protective oxide scales consisting of a mixture of
various oxides. Localized, a relatively thin and more protective
scale was observed containing an intermediate, semi-
continuous Cr oxide-rich layer. At higher temperatures, an
additional Al oxide-rich scale was identified after a prolonged
oxidation time. A pronounced zone of internal corrosion was
observed at all temperatures. The quantitative XRD analysis
showed that rutile is the predominant phase in the oxide scale
formed at 1000 �C.

2. The addition of 1 at.% Si to the alloy 20Nbe20Moe20Cre20-
Tie20Al improves the oxidation behavior moderately. The mass
gain of the Si-containing alloy is by trend significantly lower
compared to the Si-free alloy. The oxidation kinetics obeys the
parabolic rate law up to approximately 30 h and changes

subsequently towards a linear oxidation rate. The Si-containing
alloy largely forms the quite thin and compact oxide scale at
1000 �C and 1100 �C that contains nearly continuous and
compact Cr- and Al-rich oxide layers. Thick and rather porous
scales were predominantly observed on the sample corners. The
moderate mass gain during oxidation and formation of the
relatively thin oxide scale is mainly attributed to the formation
of an Al-rich oxide layer. However, zones of internal corrosion
were observed in all oxidized samples.

3. Though the HEAs represent a new material class, they show a
high potential in terms of possible high temperature applica-
tions. The results of this investigation indicate that the oxidation
behavior of these materials can be substantially improved by
macro- and micro-alloying.
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Abstract Characterization of oxidation kinetics of composites based on refractory

metals like Mo by means of thermogravimetry is often very complex, because of the

simultaneous formation of both volatile and stable oxides. Specifically, thermo-

gravimetrically measured specific mass changes represent the sum of opposite mass

change processes: (i) mass loss due to the formation of volatile oxide species and (ii)

mass gain as a result of oxygen uptake due to the growth of solid, adherent oxide

layers. In order to unambiguously assess the oxidation resistance of such alloys, a

separation of these two opposing processes and their quantitative description are

needed. In this study, a novel approach is proposed that enables determination of the

amount of the material affected during oxidation using the measured oxide layer

thickness. This approach also permits a quantitative separation of thermogravi-

metric data into mass loss (oxide evaporation) and mass gain (oxygen uptake). The

advantage of splitting of the thermogravimetric curve into mass gain and mass loss

is discussed on the basis of the multiphase material Mo–9Si–8B.

Keywords Refractory metal-based in situ composite � Thermogravimetric analysis �
Oxidation kinetics � Volatile oxides

& M. A. Azim

maria.azim@uni-siegen.de

1 Institut für Werkstofftechnik, Universität Siegen, Paul-Bonatz-Str.9-11, 57076 Siegen,

Germany

2 Institut für Angewandte Materialien, KIT, Engelbert-Arnold-Straße 4, 76131 Karlsruhe,

Germany

3 Department of Chemistry and Biology, Universität Siegen, Adolf-Reichwein-Str. 2,

57076 Siegen, Germany

Oxid Met (2017)

DOI 10.1007/s11085-016-9659-3



3

Fig. 1 a Specific mass change versus time for a Mo-Si-B-Ti-based alloy oxidized in air at 1100 8C for

50 h, b the corresponding cross-section after exposure of 50 h

Introduction

Research activities of the last decades have shown that several material classes are

currently being considered as ultra-high temperature materials for applications in

advanced jet engines [1]. Amongst these, in situ composite materials based on

refractory metals such as Mo–Si–B-based alloys do already show a good

combination of mechanical properties and oxidation resistance. Additionally taking

into account their inherently high melting points, these materials may pave the way

for development of aeroengine parts with superior efficiency. As the main

drawback, however, refractory metals such as W, Mo, and Nb form volatile oxides

during oxidation. Thus, the thermogravimetric curves of alloys containing such

elements often show the sum of opposite mass change effects, namely oxide

evaporation (mass loss) and adherent oxide formation (mass gain).

This phenomenon is illustrated in Fig. 1 for novel Mo–Si–B-Ti alloys [2]. It can

be seen that a horizontal oxidation curve (see Fig. 1a) does not necessarily indicate

a complete passivation, but can also result from the interplay of a (nearly) equal

mass loss by evaporation of oxides, such as MoO3 and B2O3, and mass gain by the

formation of adherent oxides, in this case SiO2 and TiO2, forming a non-protective

porous oxide layer (see Fig. 1b).

There have already been different attempts to describe the oxidation kinetics of

Mo–Si–B-based alloys. Rioult et al. developed a kinetic model based upon

individual phase oxidation behavior considering the phase fraction [3]. The

measured phase size distribution was taken into account to represent the mass

change versus time for different microstructural size scales [3]. This model perfectly

reflects the trends of the mass changes of the single phases Moss, Mo Si, and

Mo5SiB2 as well as of the multiphase alloy Mo–9Si–8B (unless denoted otherwise,

all chemical compositions are given in at.%). However, the calculated mass change

does not exactly match the oxidation kinetics and does not separate the mass change

into mass loss due to the formation of evaporating oxides and mass gain due to the

formation of solid oxides. Burk calculated the depth of the internal oxidation of

Mo–Si–B alloys using a numerical approach by linking the FEM-software



COMSOL with the thermodynamic library ChemApp [4]. He described the

penetration depth of oxygen and predicted the oxide morphology verifying the

results by cross-section analyses. However, he did not consider the oxidation

kinetics in his calculations.

The aim of this study is the characterization of the oxidation kinetics of Mo–Si–B-

based alloys by splitting the thermogravimetric curve into the mass loss resulting

from the consumption of Mo and B by oxide evaporation and the mass gain due to

the oxygen uptake by formation of adherent solid oxides. Application of this concept

enables a better understanding of oxidation processes of the refractory metal-based

alloys and is useful for the verification of the derived oxidation mechanisms. The

new approach will be presented using the example of the composite alloy Mo–9Si–

8B. The oxidation mechanisms of this alloy have extensively been explored by [4–7]

and will only be summarized here. However, some data needed as input for the

method used to quantitatively separate the thermogravimetric result into mass gain

and mass loss, such as the amount of B dissolved in the silica scale, are missing in the

literature. In this paper, experimental results on the oxidation behavior of the alloy

Mo–9Si–8B at 1100 �C that are essential for the method proposed here will be

shown, i.e., alloy microstructure characterization, thermogravimetric curves, cross-

section analysis as well as results of the SIMS studies on the amount of B dissolved

in the silica layer. FIB cutting technique is used in order to verify the concept.

Through verification it will be shown that the concept applied allows the calculation

of the material affected during oxidation and, therefore, the real damage depth of the

cross section of an oxidized technical component.

Experimental Procedures

Alloy Preparation

Elemental Powder Mixtures of Mo, Si, and B of 99.95, 99.9, and 98 % Purity,

respectively, were used to produce the multiphase Mo–9Si–8B composite alloy

using a mechanical alloying route (MA). MA was carried out under Ar atmosphere

in an attritor (ZoZ GmbH, Simoloyer CM01) at a speed of 1200 rpm and a powder

to ball weight ratio of 1:12 for 10 h with an active cooling of the milling unit at

-10 �C. Afterwards, the material was compacted by cold isostatic pressing at 200

MPa and sintered in hydrogen at 1600 �C to decrease the content of oxygen. Finally,

the material was hot isostatically pressed at 1600 �C and 500 MPa to reduce the

porosity of the material to a level below 1 %. For further details, see e.g., Krüger et

al. [8].

Alloy Characterization

To ensure reproducible experimental conditions, oxidation samples having a

dimension of *4 9 4 9 3 mm3 were machined using a slow-cutting diamond saw
and ground to a surface finish of 1200 grit. To avoid edge effects on oxidation, the



edges of the samples were slightly rounded. Finally, the samples were ultrasonically

cleaned in ethanol.

Samples utilized to verify the proposed calculation method had a specific

geometry, i.e., two angles of 90� being placed adjacent to one another to assure a

sufficiently high accuracy of the cross-section analysis. For this purpose, a specially

designed right-angle grinder was used (see Fig. 2a) having a maximum deviation of

less than 0.5� from the perpendicularity as inspected by optical microscopy. To

obtain parallel opposite surfaces, the specimen had to be turned four times in the

same direction. Then, two markers were placed by FIB technique near one of the

two 90� edges to allow the precise measurement of the distance between the marker

and the sample edge before oxidation and the distance between the marker and the

front of the zone of internal oxidation after oxidation (see virtual model of the

specimen in Fig. 2b). Two parallel planes and the 90� angle assure that the distance

between the markers and the zone of internal oxidation does not change during

cross-grinding because of sample asymmetry. The distance between the markers and

the sample edge is chosen such that on the one hand, the markers are close enough

to enable the comparison of images with a high magnification. On the other hand,

the marker–edge distance should be sufficiently high to keep sufficient space

between the marker and the zone of internal oxidation.

Two different marker geometries were tested—the circular- (Fig. 2c) and

quadratic-shaped ones (Fig. 2d). The experiment shows that due to symmetry

reasons, the center of the circular markers can be retrieved with a higher precision

Fig. 2 a Tailor-made right-angle grinder, b virtual model of the grinded specimen with FIB-cut markers
in the near vicinity of a right-angle edge and SEM-BSE images of the edge-near FIB-made markers with

c circular and d quadratic shape



than those of the squared markers. Edge effects, which play a significant role for

samples experiencing longer oxidation times, can distort the squared marker and

make it more difficult to retrieve its center.

For the characterization of the oxidation kinetics, multiphase Mo–9Si–8B was

oxidized at 1100 �C in air for 1, 5, 10, 50, and 100 h.Oxidation kinetics wasmonitored

under isothermal testing conditions in static laboratory air using a tailor-made

Rubotherm magnetic suspension balance with a resolution of 10-5g equipped with

automatic electronic drift compensation. For cross-section analyses, the oxidized

samples were first nickel-coated to protect the oxide layer during sample preparation.

Then the samples were embedded in epoxy and ground down to 4000 grit.

The microstructure and the corrosion products were characterized by scanning

electron microscopy (Dual Beam FE-SEM of type FEI Helios Nanolab 600) in

secondary-electron (SE) and backscattered-electron (BSE) mode. The SEM is

equipped with a Si drift detector for energy-dispersive X-ray spectroscopy (EDS/

Apollo XL) to qualitatively determine the elements present in the scale while

ensuring high count rates even for light-weight elements. Additionally, X-ray

powder diffraction analyses were performed using a Philips 3000 PTS X-ray

generator equipped with the ultra-fast X-ray detector X’Celerator based on RTMS

(Real Time Multiple Strip) technology. The X-ray diffraction (XRD) patterns were

taken with Cu Ka-radiation operating at 45 kV and 40 mA at room temperature at

k = 0.15406 nm, a step size of 0.01�, and a count time of 100 s/step.

The presence of the light-weight element B was detected by an ION-TOF–SIMS

IV-100 with a liquid metal ion gun generating a pulsed 25 kV Bi1
? beam and an

electron impact gun to generate the 5 kV O2
- beam. The Bi1

? beam was scanned

over a 150 9 150 lm2 area and centered inside the 500 9 500 lm2 O2
- crater

hitting the target at an angle of 45�. Charge compensation was performed by a low-

energy electron flood gun. The sputter beam current was 200nA.

The question about the modification of SiO2 was studied using electron

backscattered diffraction (EBSD/TSL-EDAX) integrated in the FIB system.

Rietveld analysis to determine the volume fraction of the different phases was

performed using X́Pert High Score Plus. The amount of new phases formed during

oxidation was determined using the image processing program ImageJ� based on

the BSE cross sections. The calculation of the material affected during oxidation

and the mass of the evaporated and the scale-forming oxides was performed with

MATLAB�.

Results and Discussion

Characterization of the Alloy Microstructure and the Oxidation Behavior

of Mo–9Si–8B

Alloy Microstructure

The in situ composite Mo–9Si–8B investigated in this study consists of molybde-

num solid solution, Moss, and the intermetallic phases Mo3Si and Mo5SiB2 (see



Fig. 3a). Moss serves as the phase, which provides adequate mechanical properties

such as sufficient toughness at ambient temperature and plastic deformation

capability at elevated temperatures [6, 9, 10]. The intermetallics are reservoirs for

SiO2 and B2O3�SiO2 scale formation. The dots appearing black in the BSE contrast

are segregations of SiO2 which are known to form when residual oxygen due to the

manufacturing is present in the alloy [11].

Two charges of Mo–9Si–8B were used to characterize the oxidation kinetics.

Charge I was used for the verification of the applied concept, and charge II for the

case study. The microstructure of both charges was very fine with an average phase

size of\1 lm.

For the method to quantitatively separate the thermogravimetric result into mass

gain and mass loss, the phase fractions in the alloy should be determined. As the

difference in the BSE contrast between the Mo3Si and Mo5SiB2 phase is very low,

the determination of the phase distribution was performed using two different

methods: (i) the BSE contrast and (ii) Rietveld analyses of the XRD data. The phase

fraction of SiO2 in Charge I was calculated to be 1.4 % on the basis of 20

representative BSE images each covering an area of 100 lm2. The volume fraction

of SiO2 was used as reference for the Rietveld analysis. For the Rietveld refinement

the ICSD data codes 076279, 030640, and 044489 of Moss, Mo3Si, and Mo5SiB2

were used, respectively. Considering literature data [12, 13], the SiO2 in the

substrate is expected to be in the state of trigonal low-quartz. A careful investigation

of the phase fraction of the phases was done for each sample separately, as the

method is very sensitive to microstructural changes.

As the density is an important parameter in the Rietveld calculation and it varies

in the case of SiO2 up to 30 % depending on the modification

Fig. 3 a BSE-SE image of the microstructure of Mo–9Si–8B, b area of EBSD investigation with
corresponding Kikuchi pattern to prove the dark areas in the microstructure to be quartz in the low-

temperature modification (image on the left) and c superposition of the recorded (red curve) as well as
calculated (blue curve) room temperature X-ray diffraction profile for multiphase Mo–9Si–8B. The inset

shows an enlarged view of the major diffraction peak. d Intensity difference between the experimental
and the calculated scan



cm

performed. They revealed Kikuchi patterns which are characteristic for low-quartz

(see Fig. 3b). This is in coincidence with the observations by Lima et al. who

concluded that devitrification of borosilicate glass can be largely enhanced when

powdered glass samples with high surface area were used [14]. Figure 3c shows the

experimental (red) and calculated (blue) X-ray diffraction profile. As it is clearly

visible in the difference plot (Fig. 3d), the optimization process under variation of

the usual parameters utilized in Rietveld refinement results in an expected profile

R value below 5, a weighted R value below 7, and a profile R value below 5

indicating high curve fitting quality.

Table 1 summarizes the phase fraction of the present phases as well as their

densities that were determined by the Rietveld analyses of the XRD data.

Oxidation Behavior

The oxidation kinetics of Mo–9Si–8B above 1000 �C can be divided into an initial

severe mass loss due to the evaporation of MoO3 and a steady-state stage of

oxidation as soon as a continuous B2O3�SiO2 layer is formed on the surface [7, 15]

(see Fig. 4). B2O3 formed during the oxidation of Mo5SiB2 reduces the viscosity of

the silica layer facilitating a fast coverage of the substrate and sample passivation.

However, even in the steady-state stage, a continuous mass loss is observed which

can be attributed to the evaporation of B2O3 and MoO3 [16].

To separate mass gain and mass loss of Mo–9Si–8B at different stages of

oxidation, TGA was carried out at 1100 �C for 1, 10, 50, and 100 h in air. The

curves of specific weight change versus time reveal a good reproducibility of the

oxidation kinetics of this material.

Figure 5a–d show the cross sections of the corresponding samples after oxidation

for 1, 10, 50, and 100 h at 1100 �C in air (Charge II). It becomes obvious that with

increasing exposure time the formation of a continuous MoO2 layer visible in Fig. 5

a is suppressed. No MoO2 is visible after 10 h of oxidation. Mo particles are still

located in the oxide layer. MoO2 particles have been observed by Helmick in the

outer oxide layer of the oxide scale of the arc-melted alloy Mo8.9Si7.7B after

oxidation at 1100 �C for 3 and 20 h [16] and by Rioult et al. for Mo14,2Si9,6B

(1100 �C/20 h) [3]. In this study, the powder metallurgically processed alloy Mo–

9Si–8B shows lower oxidation rates as a result of the very fine-grained

microstructure. That is why the oxide layer is more protective and after 10 h of

Table 1 Crystal structure, space group number, density, and distribution of phases investigated and

calculated by XRD for the in situ composite Mo–9Si–8B

Moss Mo3Si Mo5SiB2 SiO2

Crystal structure Im-3m P m -3 n I 4/m c m P 32 2 1

Space group number 229 223 140 154

Density 10.21 8.98 8.86 2.65

Phase fraction (Charge I) 54.9 14.7 29.0 1.4

(qglass ¼ 2:2
cm

g ;ql quartz ¼ 2:65 g
3), EBSD investigation of the SiO2 regions was

3



Fig. 4 Specific weight change versus time for Mo–9Si–8B (Charge II) oxidized in air at 1100 �C for

100 h

Fig. 5 Cross sections of Mo–9Si–8B oxidized at 1100 �C for a 1 h, b 10 h, c 50 h, and d 100 h

oxidation Mo particles are trapped within the oxide scale according to the

undergrowth mechanism proposed by [16]. Mo and MoO2 can be well distinguished

by the BSE-SEM phase contrast. The outer oxide layer does not change

significantly, but grows with increasing exposure time to air, while the amount of



Mo particles decreases and the MoO2 layer visible after 1 h (Fig. 5a) disappears.

That is consistent with the observations of Helmick and Rioult et al. who reported

MoO3 and B2O3 evaporation in the steady-state stage of oxidation after the

formation of a continuous oxide layer free of channels [3, 16]. That therefore

supports the subsequent outward diffusion of Mo and B after the formation of a

continuous oxide layer with no channels reported by [16]. Although no voids and

channels are visible in the oxide layer in the BSE-SEM contrast, the disappearance

of embedded Mo oxide and Mo particles and the growth of the outer silica layer

indicate the presence of nanopores.

To prove that Mo and B are on the surface after 100 h of oxidation at 1100 �C,

although no voids are visible in the BSE-SEM cross-section image (see Fig. 5a),

TOF–SIMS maps have been collected (see Fig. 6). The maps show that B-Ions and

Mo-Ions are concentrated in bubbles located at the surface. Further, the ion

intensities normalized to the total ion intensity decrease for 10B?, 11B?, 95Mo?,

BO-, and BO2
- from the sputter time of 5 and 10 s indicating their increased surface

concentration.

The thickness of the zone of internal oxidation increases even in the advanced

stage of oxidation. In this zone, no pores are visible by SEM, but they are present as

has been shown by TEM analyses conducted by Burk [4].

At 1100 �C, the volatilization rate of B2O3 is 1 mg�cm-2�h-1 [17]. Thus, the silica

scale is expected to have a very low B2O3 content. Consequently, the fluidity of the

silica scale decreases and kinetics is mainly controlled by oxygen diffusion through

the silica scale and outward diffusion of Mo. As already demonstrated by Burk et al.

[18] and Rioult et al. [3], the microstructure has a significant effect both on the

transient behavior and the steady-state stage of oxidation. Due to the fine

microstructure, the transient stage is negligibly short so that the diffusion-controlled

oxidation starts after only 1 h and the total specific mass loss after 100 h at 1100 �C is

\8 mg�cm-2. The SEM analysis of the oxide morphology reveals the formation of

an outer borosilicate/silica layer of\10 lm thickness with a pronounced zone of

internal oxidation which forms just below the oxide scale and comprises Moss and

SiO2 (see Fig. 5). Due to the low oxygen partial pressure under the scale, MoO2 can

additionally form at the interface between the oxide layer and the zone of internal

oxidation (see Fig. 5a). This issue has been reported in [18].

The room temperature crystal structure of SiO2 and the amount of B2O3 dissolved

in the glass significantly influence the density which is relevant for the calculation.

According to the calculated B2O3–SiO2 phase diagram taking into consideration the

re-evaluated and re-optimized phase diagram by Decterov et al.[13] (see Fig. 7), no

intermediate compounds are formed. This diagram was calculated using FactSage�

and coincides with the one experimentally assessed by Gupta et al. [12].

It can be concluded that B2O3 as well as SiO2 in the modification of low-

temperature quartz are expected to be present at room temperature. However,

amorphous silica can form after quenching [12, 13] and was also observed by Burk

after oxidation of Mo–9Si–8B in air at 1100 �C and subsequent cooling in air [4].

Likewise, XRD as well as TEM (EDS and diffraction) analyses by Yoshimi et al.

detected amorphous silica on monolithic Mo5SiB2 exposed at 1200 �C for 24 h [19].



Fig. 6 a Video Snapshot at start of the TOF–SIMS measurement of Mo–9Si–8B oxidized for 100 h at

1100 �C, b–f TOF–SIMS maps together with the 10B?, B?, Mo?, BO-, and BO2
- intensities normalized

to the total ion intensity after different prior sputtering times for 3D reconstruction of the ion distribution.

TC is the total ion count, MC denotes the ion count in the brightest pixel

EBSD analyses in this study confirmed that cooling in air is sufficiently fast to form

vitreous silica. No Kikuchi patterns could be observed in the silica scale, while

distinct patterns for MoO2 and the substrate could be detected. Only at a few

isolated positions, Kikuchi bands of low-quartz could be identified indicating that

the low-quartz from the substrate did not transform into vitreous silica and led to the

development of crystalline silica regions. As the crystalline regions are rare, the

calculation presumes that the silica formed during the oxidation process is



Fig. 7 B2O3–SiO2 phase diagram calculated with the data optimized by [13] using FactSage�

amorphous silica and quartz in the substrate remains in the trigonal state after

cooling to room temperature. Due to the large atomic size difference between B and

Si, no substitution of Si by B in SiO2 was observed in XRD studies by Rockett and

Foster [20]. Later studies by Vortmann et al. [21] and Elomari et al. [22] indicated

that B substitutes Si with a probability of only 4 %. Thus, B2O3 and SiO2 can be

treated as two different phases in the upcoming calculation. As the addition of

30.5 mol % B2O3 to SiO2 causes a density reduction of only 7.18 % [23], the

density reduction caused by the substitution of Si by B is neglected in this study.

The amount of B2O3 remaining in the oxide layer after different oxidation times

was investigated by SIMS comparing the concentration of the B isotopes with

increasing exposure time.

Figure 8 exemplifies that B isotopes are well-visible in the positive spectrum as is

described in [24]. Due to the natural isotope ratios, the intensity for the 11B? is

higher than for 10B?. Further, the intensity of 11B? and 10B? in the positive

spectrum of a sample not oxidized is very low when the measurement is performed

without sputtering the sample surface (see Fig. 8). A sputter time of 5 s enhances

the intensity of the 11B? peak (see Fig. 8). A sputter time of 160 s increases the

intensity of the 11B? peak to a stable level. It is obvious that due to the large

differences in the hardness of the phases present in the composite, even the polished

sample surface exhibits an appreciable topography (see Fig. 3b). Sputtering of the

surface is, thus, needed to determine the correct B content for the samples before

oxidation.

Figure 9 compares the intensities of the 11B? and 10B? surface ion concentration

(normalized to the total ion intensity) of Mo–9Si–8B before oxidation and after

oxidation at 1100 �C for 1, 10, and 100 h. It becomes obvious that the surface

concentration of B decreases with increasing exposure time and reaches a stable low

level after 10 h (see Fig. 9). It can be concluded that severe B2O3 evaporation takes



Fig. 8 TOF-SIMS spectra showing the abundance of 11B? detected on an unoxidized sample that was

directly probed without sputtering the sample surface (bottom) and after sputtering the surface for 5 s

(top), respectively

Fig. 9 Overview of the measured 10B?-peak and 11B?-peak intensity (normalized to the total ion
intensity) of the sample before oxidation (corresponds to 0 h of oxidation time) and oxidized samples

after 0 h, 1 h, 10 h, and 100 h exposure time

place during proceeding oxidation, especially in the initial stage of oxidation. After

10 h, the amount of B present in the scale is highly reduced.

Application and Verification of the Method Applied to Separate Mass Gain

and Mass Loss

Calculation Method: Prerequisites and Input Parameters

The calculation method used in this study is based on easily accessible data gained

from the cross sections of the oxidized sample, e. g., the volume fraction of the



– Knowledge about the microstructure (composition of the different phases etc.)

and oxide nature, i.e., crystallography and stoichiometry, as well as the oxide

scale morphology;

– The formation of a continuous and adherent protective oxide which presumes

the formation of a continuous, preferably straight oxidation front;

– Negligible or homogenously distributed porosity in the oxide layer formed;

– Possibility to quantify the amount of outward diffusing elements by quantitative

EDX analyses in the case of affected zones with the depleted elements;

– Possibility to distinguish oxides formed during the oxidation process using the

BSE contrast if several oxides are formed;

– High measuring accuracy of the microbalance or TGA and precise measurement

of the sample surface.

The calculation method is presented in detail in ‘‘Appendix A’’ section. Table 2

summarizes the input parameters as well as the corresponding data sources for Mo–

9Si–8B.

Characterization of the Oxidations Kinetics

Figure 10 summarizes the results calculated on the basis of the thickness of the SiO2

layer and the zone of internal oxidation. Figure 10a shows (i) the changes of the

Table 2 Input and reference parameters required for the calculation as well as the corresponding data

sources

Composite material forming one adherent solid oxide scale

Input parameters Reference parameters

Values Thickness of the layer of the adherent oxide

Thickness of the internal oxidation zone

Sample surface

Mass change

Source Cross sections TGA or sensitive microbalance

SiO2, MoO2, and Moss formed during the oxidation process. As SiO2 forms at the

surface as adherent solid oxide and has a very low Gibbs free energy change, the

thickness of SiO2 can be representative for the substrate material which was affected

during the oxidation process. The calculation of the affected material depth is

important as it provides information about the ‘‘true’’ damage depth of the cross

section of technical components exposed to oxidizing environments at elevated

temperatures and, therefore, represents an important parameter for the aviation and

aerospace industry. As a significant amount of refractory metal-based materials can

evaporate due to the formation of volatile MoO3 and B2O3, the real damage depth

can be much higher than the thickness of the oxide formed on the material.

Likewise, the evaluation of the material affected enables the calculation of the mass

loss due to the evaporating oxide and mass gain due to the formation of solid oxides.

Prerequisites for the high calculation accuracy are:



Fig. 10 Time-dependent development of a the thicknesses of the material affected and the sum of the

outer SiO2-layer and the internal oxidation zone formed during oxidation of Mo–9Si–8B at 1100 �C and

b the mass gain due to the oxygen uptake by the growth of adherent oxides and mass loss due to the loss
of Mo and B by the formation of volatile oxides

time-depending thicknesses of the material affected (distance from the original

surface to the internal oxidation front, for details see next chapter) and (ii) the sum

of the external oxide layer and the zone of internal oxidation. It becomes obvious

that the thickness of the oxide layer plus the zone internal oxidation is lower than

the thickness of the material affected during corrosion. Both values increase with

increasing exposure time.

Figure 10b shows the mass gain due to oxygen uptake during the corrosion

process and the mass loss of Mo and B lost due to the formation of volatile MoO3

and B2O3. The black curve represents the TGA-measured weight change. It

becomes obvious that the mass loss of the metal Mo and the metalloid B exceeds the

mass gain due to oxygen uptake. This effect is confirmed by the TGA curves which

show overall mass loss and continuous, negative oxidation rates (see Fig. 4).

Verification of the Approach by FIB-Marker Insertion

The validity of this concept was verified. For this reason, FIB markers with a radius

of 11 lm and a depth of 30 lm were set at a distance of 127 lm from the original

surface as the depth of the corrosion attack was estimated to be about 60 lm after

100 h of oxidation at 1100 �C (see Fig. 11).

The mass change Dm was interpreted as the difference between (i) the ‘‘positive

contributions’’ (abbreviation Dmpositive) resulting from the remaining Moss_i.O. in the

zone of internal oxidation as well as the corrosion products MoO2, SiO2, and B2O3

and (ii) the ‘‘negative contributions’’ (abbreviation Dmnegative) caused by the

material affected during the oxidation (see Fig. 12; Eq. (15) in ‘‘Appendix A’’

section). In the calculation the actual oxide morphology is considered. Using the

calculation scheme presented in Fig. 12, it is not necessary to distinguish between

Moss from the substrate and Moss formed by the reaction equation. Only the net

volume of Moss is needed which is visible in the BSE-SEM image. The evaluation

of the cross sections of Mo–9Si–8B oxidized for 100 h at 1100 �C was carried out



yielding a thickness of the affected material lMc ¼ lt¼100h � lt¼0h ¼ 42:2 lm. Based

on this value, the volume of the affected material is calculated with respect to a unit

cell with a depth and width of 1 lm. The number of unit cells N in the volume

element of phase u is given by Eq. (2) in the ‘‘Appendix A’’ section.

The expected silica thickness dSiO2;calc of the volume unit VSiO2
of SiO2 formed

during the oxidation was computed using Eq. (1) with mSiO2
denoting the mass of

VSiO2
with the density qSiO2

and a being the atomic weight of the component named

in the subscript, and the atomic mass unit u:.

dSiO2;calc ¼
VSiO2

1 � 1
¼

mSiO2

qSiO2

¼
NSiO2

� 1aSi þ 2aOð Þ � u

qSiO2

ð1Þ

Fig. 11 Direct comparison of the circular marker before (left image) and after oxidation (right image)

with the measured distance between sample edge and marker center point lt

Fig. 12 Scheme of calculation of the net mass change and definition of positive and negative

contributions

The experimental value of the silica layer which was determined using the BSE

contrast is dSiO2;calc ¼ 11:04 lm. The calculated value is dSiO2;calc ¼ 11:00 lm

resulting in a relative error of f\ 1 %. The relative error f amounts to 5.2/4.2/–2.9/–



2.8 for the samples analyzed in the case study (see Fig. 5) oxidized for 1/10/50, and

100 h, respectively. The relative error f indicates that the calculation accuracy of the

method proposed increases when less B2O3 is dissolved in the amorphous oxide

layer. The highest value of f is reached for the sample oxidized for 1 h, as the

calculated mass change overestimates the mass loss because a certain amount of

B2O3 is still dissolved in the oxide layer as was verified by SIMS measurements (see

Fig. 6). After 10 h of exposure the relative measuring error is less than 5 % and

remains below 3 % after 50 h of exposure. If we assume that B2O3 does not

evaporate, the calculation yields an oxide thickness of dSiO2B2O3;exp ¼ 15:30 lm for

the sample oxidized for 100 h. The error rises to 39 % and the calculation heavily

overestimates the expected oxide thickness indicating that the B2O3 evaporates

nearly completely from the oxide layer and the B content left in the oxide layer is

sufficiently low to be neglected.

In order to verify the method proposed here, experimental mass change was

compared with the calculated values. The calculation of the mass change takes into

account the thickness of the MoO2 region as well as the thickness of the Moss region

formed in the zone of internal oxidation. The fractions of both phases can be clearly

distinguished using the BSE contrast of the cross-section images. The deviation

between the calculation of the mass change on the basis of the material which was

consumed during the oxidation which we observe by TGA and the experimental

result yields a value of f = 3 % (Dmexp ¼ �13:31mg; Dmcalc ¼ �13:15mg) for the

sample oxidized for 100 h at 1100 �C. This deviation can be explained by edge

effects and inhomogeneities in the microstructure. Furthermore, micropores at the

interface of B2O3�SiO2/substrate, which were observed by Burk in TEM analyses

[4], are not taken into account. However, the high accuracy in the calculation of the

SiO2 layer thickness indicates that this assumption is durable. Thus, the thickness of

the SiO2 layer is representative for the material affected and, therefore, for the depth

of the material damaged during the oxidation process.

Conclusions

The mass change of refractory metal-based alloys measured by TGA is a result of

(i) mass gain due to oxygen uptake (ii) mass loss due to the loss of Mo and B by

formation of volatile oxides. To separate both opposed mass effects and determine

the real material damage in a more accurate way, a new concept was applied. The

calculation accuracy was verified by specific FIB markers and the calculated mass

change values were compared with the experimental values for the multiphase

material Mo–9Si–8B. The deviation between theory and experiment is very low.

Thus, the method can be applied for the alloy Mo–9Si–8B without FIB markers.

This method enables (i) the characterization of the oxidation kinetics of refractory

metal-based alloys with components forming volatile oxides in a more accurate way

and (ii) the determination of the real damage depth of the material cross section.
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N/ ¼
m/

Pj
k¼1

ak � nk

� �
� u

ð2Þ

Which corrosion products are formed depends on the oxygen partial pressure.

The mass of the oxides SiO2 and B2O3 formed during the oxidation process is

assessed applying the silicide/oxide ratio given in the reaction Eqs. (3–4), valid at

higher oxygen partial pressures and in the transient stage of oxidation:

Mo3Siþ 5:5 � O2 ! 3 �MoO3 þ SiO2 ð3Þ

Mo5 SiB2 þ 10O2 ! 5MoO3 þ SiO2 þ B2O3 ð4Þ

Moþ 1:5O2 ! MoO3 ð5Þ

After formation of a continuous B2O3�SiO2 scale, lower oxygen partial pressures

are estimated at the oxide/substrate interface which result in the formation of

corrosion products according Eqs. (6–8).

Mo3 Siþ 4O2 ! 3MoO2 þ SiO2 ð6Þ

Mo5 SiB2 þ 7:5O2 ! 5MoO2 þ SiO2 þ B2O3 ð7Þ

Moþ O2 ! MoO2 ð8Þ

As soon as the oxygen partial pressure at the oxide/substrate interface reaches

values B 10-21bar, corrosion products are formed according to Eqs. (9–10).

Mo3Siþ O2 ! 3Moss þ SiO2 ð9Þ

Appendix A

The verification of the method applied (see Chapter 3) shows that the thickness of the

silica layer is representative for the material affected during oxidation. The

correlation between the thickness of the material affected (M_A) and the thickness of

the SiO2 layer (dSiO2
) is linear and can be described by first degree polynomial

function of the form M_A = a0�dSiO2
with the coefficient a0, if there is no change of

the microstructure. Thus, the thickness of the material affected can be calculated on

the basis of the dSiO2 estimated by the BSE contrast in the SEM image using an image

processing program.

For the beginning, all calculations are made for the volume of the affected

material with the respect to a unit cell with height, width, and length of 1 lm each.

The number of unit cells N of the phase u in the volume element of the material

affected is given by Eq. (2) where ak describes the atomic weight of the j = 3 basic

components k ¼ Mo; B; Sif g of the unit cell, nk is the number of atoms of each

element in the unit cell, mu is the mass of phase u, and u denotes the atomic mass of

the unit.



2Mo5 SiB2 þ 5O2 ! 10Moss þ 2SiO2 þ 2B2O3 ð10Þ

The mass of the oxides MezOy (here: SiO2, MoO2 and B2O3) formed was

calculated by eq. (11).

moxide ¼ Noxide � aoxide � u ð11Þ

The reaction equations are based on thermodynamics and show which corrosion

products are formed at which oxygen partial pressures. But as the oxidation process

is a sum of thermodynamics and kinetics which depend on time, the oxygen

distribution along the oxide layer changes with different annealing times. That is

why Mo and MoO2 can transform to MoO3 with time when the oxygen

concentration increases.

In the model, only the amounts of solid oxides are used as input parameters. As

we cannot quantify the amount of gaseous oxides, the amount of Mo and B which

evaporates in the form of volatile oxides is the output value. That is an advantage,

because considering of volatile oxides by reaction equations is not needed.

For the calculation of the mass gain due to oxygen uptake, the conversion factor c

is calculated by Eq. (12) for the oxide MezOy with M as the molar mass.

c ¼
y �MO

MMezOy

ð12Þ

Then, the mass gain due to oxygen uptake is given by (8.12):

mass gain ðO� uptakeÞ ¼ cSiO2
� mSiO2

þ cMoO2
� mMoO2

ð13Þ

The specific mass change Dm(calculated) (for comparison with the specific mass

change Dm(TGA) measured by TGA) can be calculated as the sum of the mass gain

due to oxygen uptake by formation of adherent oxides (mass_gain(O-uptake)) and

the mass loss due to the loss of Mo and B by the formation of volatile MoO3 and

B2O3 (mass_loss(Mo ? B)):

DmðcalculatedÞ ¼ mass gainðO� uptakeÞ þ mass lossðMoþ BÞ ð14Þ

The value mass_loss(Mo ? B) cannot be used as input into model because there

is no possibility of quantitative and time resolved measurement of evaporated

oxides. That is why this value must be calculated using the net mass change Dm

which is interpreted as the difference between (i) ‘‘positive contributions’’

(abbreviation Dmpositive) resulting from the remaining Moss_i.O. in the zone of

internal oxidation as well as the corrosion products MoO2, SiO2, and B2O3 and (ii)

‘‘negative contributions’’ (abbreviation Dmnegative) resulting from the mass reduction

caused by the material affected during the oxidation as presented in Fig. 12.

Dm ¼ Dmpositive � Dmnegative

¼ mMoSS i:O: þ mSiO2
þ mMoO2

ð Þ � mMoSS þ mMo3Si þ mMo5SiB2
ð Þ ð15Þ



Dmnegative ¼
X
/¼1

x/ � VMC � q/ ð16Þ

The measuring accuracy was calculated by the accuracy value f given in %:

f ¼
Dm ðTGAÞ � Dm ðcalculatedÞÞ

Dm ðTGAÞ
H100
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Abstract The high-temperature oxidation behavior of a new family of refractory

high-entropy alloys (HEAs) with compositions of W–Mo–Cr–Ti–Al, Nb–Mo–Cr–

Ti–Al and Ta–Mo–Cr–Ti–Al was studied at 1000 and 1100 �C. Based on these

quimolar starting compositions, the main incentive of this study was to select the

most promising alloy system whose properties may then be successively improved.

Despite the high amount of refractory elements, Ta–Mo–Cr–Ti–Al showed good

oxidation resistance at 1000 and 1100 �C. Moderate values of mass gain and
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complex oxidation kinetics were observed for the W- and Nb-containing HEAs.

These alloys formed inhomogeneous oxide scales possessing regions with thick and

porous layers as well as areas revealing quite thin oxide scales due to the formation

of discontinuous Cr- and Al-rich scales. The most promising behavior was shown by

the alloy Ta–Mo–Cr–Ti–Al which followed the parabolic rate law for oxide growth

due to the formation of a thin and compact Al-rich layer.

Keywords High-entropy alloys � Refractory metals � Oxidation kinetics � Oxide
scale morphology � Oxide evaporation

Introduction

Alloys based on refractory metals are potentially very attractive for high-

temperature applications primarily because of their high melting points [1].

Extended explorations of refractory-based materials aiming at a practical use of

these materials in ambient environment at high temperatures were undertaken

during the 1950s and 1960s of the twentieth century [2]. However, the commercial

implementation of these alloys as structural materials has largely been prohibited

since they suffered from severe drawbacks such as insufficient ductility at low

temperatures and poor oxidation resistance. Currently, refractory elements, such as

Mo, W, and Re, are added in only moderate concentrations to conventional high-

temperature materials such as Fe- and Ni-based alloys, to enhance their strength [3].

Nevertheless, some refractory-based alloy systems are still intensively investigated,

and their properties have been significantly improved. For example, Bewlay et al.

reported on the excellent balance between room- and high-temperature mechanical

properties and oxidation behavior of advanced Nb-based composites consisting of a

Nb-based solid solution with Nb3Si and Nb5Si3-type silicides [4]. Significant

improvements in high-temperature oxidation behavior of Mo-based alloys have

been recently achieved due to macroalloying with Ti [5].

In the recent years, the so-called high-entropy alloys (HEAs) and particularly

refractory HEAs have attracted steadily increasing attention among the scientists

worldwide [6–9]. InHEAs, elements possess equal or nearly equal concentrations. From

the thermodynamic point of view, such alloys exhibit high entropy of mixing; the

formation of simple solid solution is, therefore, favored, while the appearance of

intermetallic phases is suppressed because of their ordered structure and, consequently,

much lower entropy ofmixing [6]. However, experimental studies on themicrostructure

of HEAs show that most of the HEAs contain more than one phase [6, 7]. Some new

refractory HEAs show extremely high strength at elevated temperature and have, thus,

been considered as prospectivematerials for high-temperature application [7]. Recently,

a new equimolar refractory alloy system X–Mo–Cr–Ti–Al was proposed by Gorr et al.

[10]. Extensivemicrostructural analyseswere carried out forW–Mo–Cr–Ti–Al andNb–

Mo–Cr–Ti–Al alloys, andmechanical properties at roomandelevated temperatureswere

investigated for the Nb-containing alloy [10–12]. The oxidation resistance has been

studied in detail for the alloy Nb–Mo–Cr–Ti–Al [13], while oxidation behavior of the



W-containing HEA was only briefly assessed [10]. Novel experimental results on the

oxidation behavior of the alloy Ta–Mo–Cr–Ti–Al have meanwhile been obtained.

Hence, this paper represents a comparative study of a refractory-based HEA

family of type X–Mo–Cr–Ti–Al (with X = W, Nb, Ta) in terms of high-

temperature oxidation resistance aiming at selecting the most promising equimolar

alloy systems properties of which might be further improved by microalloying in

future work.

Experimental Procedures

All alloys were produced from elemental bulk materials by arc-melting process in

*0.6 atm of argon (arc-melter AM 0.5 by Edmund Bühler GmbH). The purities of

the starting materials Ta, Mo, Nb, Al were all 99.9%, W was available in 99.96%

purity, whereas Cr and Ti had purities of only 99 and 99.8%, respectively. In the

alloys, nitrogen impurities were found to be below the detection limit of 5–10 wt

ppm, oxygen content was measured to be between 50 and 100 wt ppm. The prepared

buttons were flipped over and remelted more than five times in a water-chilled copper

mold to facilitate alloy homogenization. The analyses of nitrogen and oxygen

impurities were carried out after the remelting. Oxidation tests of the alloy W–Mo–

Cr–Ti–Al were performed on samples in the as-cast condition, while Nb- and Ta-

containing alloys were heat treated (1200 �C for 20 h) before oxidation. The samples

having the dimension of 6 9 6 9 2 mm were ground to the 1200 grit and cleaned in

ethanol before oxidation tests. Thermogravimetric experiments were carried out in

static laboratory air at 1000 and 1100 �C. Detailed sample preparation procedures as

well as detailed description of oxidation tests can be found elsewhere [13]. The oxide

scale morphology was analyzed by means of a FIB-SEM DualBeam system of type

FEI Helios Nanolab 600 equipped with an energy dispersive X-ray (EDX) detector.

To analyze the composition of oxides formed on the alloys, X-ray diffraction (XRD)

measurements were carried out using the X’Pert Pro MPD diffractometer operating in

Bragg–Brentano geometry. Oxide scales formed on W- and Nb-containing alloys

were removed from the oxidized samples, powdered into particle sizes smaller than

40 lm, and analyzed as described in Ref. [13]. Since the oxide scales formed on the

alloy Ta–Mo–Cr–Ti–Al were extremely thin, XRD measurements were conducted

directly on oxidized samples, i.e. without removing the oxide layers. To support

experimental observation and to get a more fundamental knowledge of the alloy

systems, thermodynamic calculations were carried out using the software FactSage

V6.4 in conjunction with a commercial database FRAN.

Results

Figure 1a, b compares the oxidation kinetics of the alloys W–Mo–Cr–Ti–Al, Nb–

Mo–Cr–Ti–Al, and Ta–Mo–Cr–Ti–Al at 1000 and 1100 �C. The alloy Nb–Mo–Cr–

Ti–Al exhibits a relatively high mass gain at both temperatures, while the curve at

1100 �C shows clearly decelerating oxidation kinetics. The oxidation kinetics of the
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Fig. 1 Thermogravimetric curves of HEAs W–Mo–Cr–Ti–Al, Nb–Mo–Cr–Ti–Al, and Ta–Mo–Cr–Ti–

Al at a 1000 �C and b 1100 �C; plot of the mass change versus square root of the oxidation time at

c 1000 �C and d 1100 �C

alloys W–Mo–Cr–Ti–Al and Nb–Mo–Cr–Ti–Al seem to be complex, while the

oxidation curves of the alloy Ta–Mo–Cr–Ti–Al may follow the parabolic rate law.

In order to understand, whether the oxidation curves of alloys studied obey the

parabolic or linear rate law, the mass change is plotted versus square root of the

oxidation time (Fig. 1c, d). Obviously, the oxidation behaviors of the alloys W–

Mo–Cr–Ti–Al and Nb–Mo–Cr–Ti–Al do not obey the parabolic rate law. As

opposed to this, the oxidation curves of the alloy Ta–Mo–Cr–Ti–Al follow the

parabolic rate law after a short period of oxidation at both temperatures indicating

the formation of a protective oxide scale.

Figure 2a, b shows the nonuniform oxide scale formed on the alloy W–Mo–Cr–

Ti–Al after 48 h of oxidation at 1000 �C. Two different kinds of oxide morphology

can be observed: (i) thick (up to *180 lm) and porous oxide mixture, and (ii) a

relatively thin (up to *20 lm) and compact oxide layer. EDX analysis (not shown

here) of these two distinctive regions revealed that Ti, Al, Cr, W, and O are nearly

homogeneously distributed in the thick oxide, while a discontinuous layer of a Cr-

rich oxide was identified at the interface oxide/substrate in the case of the thin oxide
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Fig. 2 Corrosion products formed on the alloy W–Mo-Cr–Ti–Al after 48 h of oxidation at 1000 �C;

a cross section (BSE-mode) of the oxidized sample, b high magnification of the thin oxide scale region,

and c formation of Cr2N and TiN as internal precipitates

layer [10]. Interestingly, enrichment of Mo was found at the interface oxide/sub-

strate underneath the thin oxide layers. A closer look at this interface (see Fig. 2b)

reveals some additional particular features: (i) the W- and Mo-rich dendrites (bright

phase in the BSE contrast) possess a poorer oxidation resistance compared with the

matrix and (ii) underneath the relatively thin oxide layer, internally formed

precipitates (marked in Fig. 2b) are observed. To determine the nature of these

precipitates, EBSD analysis was performed. Figure 2c shows that these precipitates

are rich in Ti, Al, and Cr. Two types of nitrides were identified, namely, Cr2N and

TiN. It should be mentioned that the alloy W–Mo–Cr–Ti–Al in the as-cast condition

consists of two BCC phases with very close lattice parameter; for details, see Ref.

[10, 12].

To identify the nature of the corrosion products formed on the alloy W–Mo–Cr–

Ti–Al depending on the oxidation time, the oxide scales were removed from the

samples oxidized for 8, 24, and 48 h in air at 1000 �C, powdered, and then analyzed

using XRD. The results of this analysis reveal that three types of lattice structures

were present, namely, rutile, corundum, and aluminum tungstate Al2(WO4)3. Rutile
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was detected after all oxidation times, and can clearly be related to the formation of

TiO2 as confirmed by the EDX analysis. With respect to corundum, two oxides that

can form in this alloy during oxidation, i.e. Al2O3 and Cr2O3, possess this crystal

structure. Bondioli et al. reported that above 950 �C, a solid solution exists between

alumina-rich and chromia-rich crystalline phases [14]. In the alloy W–Mo–Cr–Ti–

Al, corundum was detected after 8 and 48 h of oxidation, while after 24 and 48 h,

the formation of aluminum tungstate Al2(WO4)3 that results from the reaction of

Al2O3 with WO3 was found. According to Waring, this compound may form in a

wide concentration range and remains stable at temperatures up to 1200 �C [15].

The formation of aluminum tungstate was also observed during heat treatment of

plasma-sprayed Al2O3 and Al2O3–WO3 coatings above 700 �C [16, 17]. As

aluminum tungstate was only detected after prolonged oxidation time in the alloy

W–Mo–Cr–Ti–Al, and the kinetics of Al2(WO4)3 formation is obviously slow.

The detailed description of the microstructure analyses of the metallic substrate

as well as oxide scales formed on the alloy Nb–Mo–Cr–Ti–Al can be found

elsewhere [11, 13]. In summary, the alloy consists of three phases, BCC solid

solution, hexagonal Laves phase, and one unknown phase. Oxide scales formed on

this alloy after air exposure at 1000 and 1100 �C are rather inhomogeneous

exhibiting regions with thick layers as well as areas showing quite thin oxide layers

due to the formation of discontinuous chromium- and aluminum-rich scales (see

Fig. 3). XRD analysis revealed that two crystal structures, rutile and corundum are

present as corrosion products in the outer oxide scale after 24 and 48 h air exposure

at 1000 �C. After short oxidation time, i.e. 8 h, anatase, TiO2 in the tetragonal

structure, was additionally found in the oxide scale. Underneath the thin layers, Mo

enrichments were identified using EDX. In contrast to the W-containing alloy, a

thick zone (up to 30 lm) of internal oxidation was observed beneath the thin oxide

scales [13].

As opposed to the W- and Nb-containing alloys, a homogeneously thin (up to

7 lm) and continuous oxide scale was observed on the alloy Ta–Mo–Cr–Ti–Al after

48 h of oxidation at 1000 �C. Figure 4 shows the microstructure of the oxide scale:

beneath the coarse Ti oxide particles, an Al oxide layer can be identified that

obviously provides a high oxidation resistance (see also the weight gain curves in

Fig. 3 Oxide scales formed on the alloy Nb–Mo–Cr–Ti–Al after air exposure at 1000 �C for 48 h; the
white box on the farthest left micrograph indicates the area chosen for EDX analysis (right color-coded

micrographs)
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Fig. 4 Oxide scale formed on the alloy Ta–Mo–Cr–Ti–Al after air exposure at 1000 �C for 48 h; again
the white box on the left upper micrograph indicates the area chosen for EDX analysis

Fig. 1). Underneath the Al oxide layer, Cr, Ti and Nb were detected using EDX.

However, a pronounced zone (up to 15 lm) of internal corrosion was also identified.

Results of the XRD analysis reveal that TiO2, Al2O3, Cr2O3 and probably CrTaO4

are present in the oxide scale after 48 h of air exposure at 1000 �C, while some

Cr2N seems to have been internally precipitated. It should, however, be mentioned

that these microstructural investigations of oxide scales and internal precipitates are

of preliminary nature and need to be intensified in future work.

Discussion

Considering the high amount of refractory elements in all HEAs studied, it can be

stated that the alloys show acceptable or even good oxidation resistance at least

during the 48 h of air exposure at high temperatures. Figure 5a compares the

parabolic oxidation constants of the alloy Ta–Mo–Cr–Ti–Al investigated in this

study with those of Ni-based alloys, i.e. Cr2O3- and Al2O3-formers. Figure 5a

reveals that the alloy Ta–Mo–Cr–Ti–Al reaches the level of the Cr2O3-former Ni-

based alloys. However, the oxidation resistance of the Al2O3-former Ni-based alloys

is clearly better as compared to the alloy Ta–Mo–Cr–Ti–Al.

The dominant contribution to the mass gain during oxidation can obviously be

attributed to the oxygen uptake as relatively thick oxide scales were observed on the

alloys W–Mo–Cr–Ti–Al and Nb–Mo–Cr–Ti–Al. Refractory metals, however,
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Fig. 5 a Parabolic oxidation constants of Ta-HEA and Ni-based alloys [21] and b linear oxidation rates
of pure refractory metals W, Nb, and Ta [18]

exhibit very poor oxidation resistance. Geyer studied oxidation resistance of pure

refractory metals at high temperatures [18]. In order to understand the role of

refractory elements in the alloys studied in this paper, linear oxidation constants of

the pure refractory metals W, Nb, and Ta calculated by Geyer [18] are summarized

in Fig. 5b. Apparently, oxidation rates of W, Nb, and Ta are very high at these

temperatures. It is well known that pure Mo forms gaseous oxides above 800 �C that

evaporate extremely fast [19]. By contrast, W, Nb, and Ta oxidize to form solid

oxides at temperatures of interest. In fact, W also forms gaseous WO3, however,

Gulbransen et al. observed severe evaporation of tungsten trioxide only at

temperatures well above 1150 �C [20]. Figure 5b clearly shows that W yields the

highest oxidation rate at temperatures between 900 and 1100 �C. This seems to be

the probable reason for the high mass gain of the alloy W–Mo–Cr–Ti–Al during air

exposure at 1000 �C, especially of the dendritic regions that have a very high W

content (see Fig. 2b). In the temperature range between 900 and 1100 �C, pure Ta

and Nb possess similar oxidation resistance, where Ta exhibits only a slightly lower

oxidation rate as compared to Nb.

Weight gain curves of HEAs observed during oxidation in air can be ascribed not

only to oxygen but also to nitrogen uptake as nitrides were experimentally identified

in the zones of internal corrosion observed in all alloys. It should be pointed out that

the zone of internal corrosion is the most pronounced for the Nb-containing alloy,

while the thinnest one was observed in the alloy W–Mo–Cr–Ti–Al. In order to

understand this experimental finding and to assess the effect of each element in the

alloy W–Mo–Cr–Al–Ti on the ability of the metallic matrix to dissolve nitrogen, the

mole fraction of dissolved nitrogen in the BCC phase was calculated as a function of

alloy element concentrations (Fig. 6). It was assumed that the BCC phase is the only

stable phase in the alloy system that is in equilibrium with the atmosphere 20Ar–

80 N at 1000 �C. The concentration of one element was changed, while the contents

of the other elements were kept ‘‘equimolar’’. The results shown in Fig. 6 represent

the solubility limit of nitrogen in the BCC phase at 1000 �C. It seems that W in this

alloy plays a crucial role in terms of nitrogen solubility decreasing the amount of

dissolved nitrogen in the BCC phase extremely efficiently. It can, therefore, be



concluded that the decreased concentration of W may lead to the enhanced

formation of various nitrides in the considered alloy system. In contrary, Cr

additions do not influence the nitrogen solubility notably. Further, decreasing the Ti

content up to 15 at.% may cause substantial lowering of the nitrogen solubility in

the alloy (see Fig. 6). Ti concentrations below this critical value, however, do not

affect the nitrogen solubility significantly.

Table 1 summarizes the literature values of oxygen and nitrogen solubilities in

those elements being present in the alloys studied. It is apparent that W, Mo, Cr, and

Al do not support gas solubility in HEAs, while Nb, Ta, and Ti may contribute to

oxygen and/or nitrogen solubility in the alloys. The extremely low values of oxygen

and nitrogen solubilities in pure W support the above suggestion that W seems to

counteract the gas solubility. Comparing the corresponding values of oxygen and

nitrogen solubilities in pure W, Ta, and Nb, it can be concluded that Nb-containing

alloys, compared with Ta- and especially W-containing ones, may be intrinsically

prone to dissolve notable amounts of oxygen and nitrogen which cause substantial

internal corrosion. Taking into account that all the alloys in this study contain the

same concentration of Ti, which possesses an extremely high ability to dissolve

gases, and considering the rather thin zone of internal corrosion in the W-containing

HEAs, it seems that the deleterious effect of Ti in terms of gas solubility may be

largely excluded.
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Table 1 Oxygen and nitrogen solubilities in pure elements at 1000 �C

Elements W Nb Ta Mo a-Ti Cr Al

O solubility

(at.%)

0.03 [22] 2.5 [23] 3 [24] 0.03 [22] 33 [25] 0.0006 [22] *0

N solubility 0.4 ppm

[26]

14.5 at.%

[27]

4 at.%

[28]

20 ppm

[29]

17 at.%

[30]

0.08 at.%

[22]

*0



1. J. H. Perepezko, Science 326, 1068 (2009).

2. R. Syre, Niobium, Molybdenum, Tantalum and Tungsten: A Summary of Their Properties with

Recommendation for Research and Development (North Atlantic Treaty Organization, Advisory

Group For Aeronautical Research and Development, 1961).

Results of the XRD measurements are useful to indicate tendencies in the oxidation

behavior of HEAs. Comparing the development of oxides formed on the alloys W–

Mo–Cr–Ti–Al and Nb–Mo–Cr–Ti–Al, it becomes clear that despite the slightly less

mass gain after 48-h oxidation at 1000 � C, the alloy W–Mo–Cr–Ti–Al shows a

significantly lower potential in terms of high-temperature oxidation resistance. This is

because of the disadvantageous reaction between Al2O3 and WO3, which results in the

formation of aluminum tungstate Al2(WO4)3. Obviously, this reaction reduces the

probability to form a continuous and protective Al2O3 layer. Although corundum

could be detected in the oxide scale of the W-containing alloy after 48 h of oxidation

at 1000 �C, it is likely attributed to Cr2O3 rather than to Al2O3 formation, as a thin and

discontinuous Cr-rich oxide layer was identified at the interface oxide/substrate.

Despite the high oxidation rates during oxidation, the alloy Nb–Mo–Cr–Ti–Al shows

a higher potential to form a protective alumina scale. The formation of a protective

alumina in this alloy can successfully be facilitated by higher temperatures, prolonged

oxidation times, and microalloying, e.g. with Si [13]. The alloy Ta–Mo–Cr–Ti–Al

forms a protective alumina scale after 48 h of air exposure at 1000 and 1100 �C and

seems to be the most promising system. The mechanisms of alumina scale formation,

the protective properties of CrTaO4, as well as the role of TiO2 in oxidation

mechanisms are, however, not clear and should be thoroughly studied in future work.

Conclusions

The comparative study of oxidation resistances of three HEAs at 1000 and 1100 �C

revealed that the alloy W–Mo–Cr–Ti–Al possesses the lowest ability to form a

protective alumina scale because of the disadvantageous reaction between Al2O3

and WO3, which results in the formation of fast growing aluminum tungstate

Al2(WO4)3. Even though the HEA Nb–Mo–Cr–Ti–Al exhibits rather high oxidation

rates, this alloy possesses a clear potential to form an alumina scale. However, this

alloy system shows a particular tendency to dissolve high amounts of oxygen and

nitrogen, as a thick zone of internal corrosion was observed. The alloy Ta–Mo–Cr–

Ti–Al exhibits a superior oxidation resistance comparable to those of its

counterparts. Due to the formation of a continuous and dense alumina scale

underneath the rutile layer, oxidation kinetics obeys the parabolic rate law and low

mass gain. Apparently, the oxidation mechanisms of this alloy need to be

investigated in more detail to exploit its full potential.
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