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Abstract
In the context of my thesis I describe my investigations of the interaction of surface grafted polymer
brushes with homopolymers. The interaction of surface grafted polymer brushes and homopolymers
is mainly determined by their molecular weight ratio1. By tailoring this molecular weight ratio,
fascinating, new effects can be obtained: e.g. a controlled self assembly of nanoparticles2 or
increased surface wear resistance3. Furthermore the geometry of the surface to which the polymers
are grafted plays a major role. In particular, not only flat surfaces can be coated, also curved surfaces
like nanoparticles can be coated with dense polymer brush layers. Composites of polymer grafted
nanoparticles with like homopolymers show intriguing material properties that are used in high
technology products such as car tires. The most studied nanoparticle composites are made from
hard, inelastic particles with the aim to increase hardness or tensile strength and decrease abrasion.
In contrast to that, my work focuses on the behavior of polymer grafted soft nanoparticles mixed
with like homopolymers. Such composites are rarely studied. The aim of my research was to gain
some fundamental understanding of the surface wear mechanisms which take place at the surface of
these composites on a nanometer scale. I found that the resistance to surface wear of
nanocomposites composed of poly(ethyl methacrylate) (PEMA) and PEMA-grafted nanoparticles can
be increased while the elastic modulus of the composite remains constant (chapter 5). The
increment of the resistance to surface wear depends on the molecular weight ratio of grafted
brushes (N) and the free homopolymer (P) in the matrix. In a nanowear experiment based on
scanning probe microscopy (SPM), I associated a critical force to the onset of nanowear. The
definition of this critical force allowed quantitative comparison of nanoparticle-polymer systems of
different composition. Increased nanowear resistivity was obtained only for composites where the
matrix molecular weight was smaller than the brush molecular weight i.e. N/P > 1. The elevated
nanowear resistivity was attributed to the increased number of entanglements with the grafted
polymer brushes and is a direct consequence of the dispersion behavior of the PEMA-grafted
nanoparticles in a PEMA matrix.
In order to get insight into the dispersion behavior, I investigated the dispersion of PEMA-grafted
nanoparticles, in terms of the distance between neighboring nanoparticles in a PEMA matrix of
varying molecular weight. Daoud and Cotton4 extended the model of Alexander and de Gennes5, 6 for
polymer brushes on flat substrates to describe the behavior of star polymers. I could show that this
extension is also applicable for polymer-grafted nanoparticles (chapter 4). By SPM and grazing
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incidence small angle X-ray scattering I was able to analyze the composites on a nanometer scale not
only at the surface but also inside the bulk. I found a transition from stable dispersions to aggregated
nanoparticles when the molecular weight of the matrix was by a factor of 0.3 to 0.5 smaller than that
of the grafted brushes. The transition was assigned to the swelling of the polymer brushes by matrix
polymers with low molecular weight. Thus swelling of the surface grafted polymers plays a key role in
the surface nanowear behavior while the mechanical properties of the nanoparticles determine the
overall mechanical properties which were found to be almost constant (chapter 4).
The above characterization of the composite materials was necessary to understand the basic
interaction between nanoparticles and its surrounding homopolymers matrix. However, additional
parameters like grafting density of the polymer brush layer and processing of the composite
materials determine its properties significantly7. A detailed study of those properties would go
beyond the scope of my thesis. Therefore, I focused on a method allowing for a screening of the
mechanical properties of polymers or polymer nanocomposite materials. For the purpose of
screening of materials I discuss my approach of using nanomechanical cantilever sensors (chapter 7).
In order to achieve a homogeneous coating of polymers the same concept is applied that was used to
achieve a homogeneous distribution of polymer nanocomposites: The surface of nanomechanical
cantilever sensors was functionalized with polymer brushes having a higher molecular weight than
the subsequent Inkjet-printed polymer layer. This approach leads to thick homogeneous polymer
coatings on cantilevers. When the surface of the cantilever was not functionalized with brushes, the
printed polymer did not wet the surface. Only thick polymer films enabled us to explore the
mechanical properties of soft films. The mechanical properties of the printed films were then
determined by measuring the resonance frequency of the cantilevers (chapter 7). An analytical
approach was applied to compare the measured resonance frequency of the coated cantilevers with
theoretical values. In addition, I performed finite element analysis (FEM) of uncoated and coated
cantilevers to identify critical parameters of the coating process. Furthermore, I have shown that the
formation of continuous films formed by fusion of colloidal monolayers on a cantilever can be
modeled by FEM. Experimental data could be reconstructed qualitatively by a modal analysis of a
cantilever-shaped structure covered with spheres in a close-packed pattern. The most exciting part of
my work during the PhD was to investigate how small changes in the properties of polymers like the
molecular weight can cause dramatic changes of composites with nanoparticles.
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1. Introduction
Composite materials are a class of materials with two or more constituents having substantially
substantial
different mechanical, chemical or optical properties. Within the composite each constituent remains
remain
distinct, i.e. they do not dissolve
lve in each other. The constituent which is present in the greater
quantity in the composite
mposite is named as the matrix. It is also called the continuous phase and is
percolated by the constituent of the smaller quantity. Therefore,
Therefore the properties of the matrix
matri are
tailored by incorporating another constituent to form a composite. One of the
he earliest man-made
man
composite was a mixture of straw and mud formed into bricks for building construction (Figure 1a).
Because neat mud bricks were too brittle after drying in the sun, straw was added to reinforce the
brick.. A straw stalk can accommodate high tensile forces due to its internal,
internal, fibered structure (the
tensile strength of wheat straw is about 20-30
20
MPa8) and the mud acts as an adhesive for the straw
and as additional stiffener. Because the straw percolates the mud in random orientations the brick is
reinforced in all directions.

Figure 1. a) A mud brick made in Egypt is one of the first man-made composite material. b) SEM micrograph
m
of a MWCNT
9
9
composite dispersed in a polystyrene matrix . c) TEM image of MWCNT synthesized by pyrolysis of CH4.

In analogy to the straw-reinforced
reinforced mud bricks, carbon nanotube reinforced polymers (Figure 1b)
have gained a lot of interest in material research, chemistry and engineering.
engineering. Similar to the straw in
sun dried mud bricks, the carbon nanotubes (Figure 1c) can accommodate high tensile forces since
their tensile strength is approximately 100-600
100
GPa10.
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Beside the fiber reinforced composites mentioned above, today’s best known example of a particle
composite is the rubber of car tires which was first invented by John Boyd Dunlop in 188811. Tires
typically consist of a mixture of styrene-butadiene rubber and natural rubber along with many other
additives for vulcanization and lifetime enhancement. One crucial constituent to enhance the
mechanical properties of tires is silica, which nowadays substitutes carbon black as a reinforcing filler
material. It is added in different amounts, depending on the requirements of the tire to enhance
abrasion, hardness or tensile strength. The use of silica has several advantages compared to carbon
black. The surface of silica can be functionalized with coupling agents via silane chemistry to enhance
the compatibility of the particles with the rubber matrix. When the size of the silica particles is in the
nanometer range, the composite is called a nanocomposite.
While in car tires the addition of silica increases the hardness and the tensile strength, in
thermoplastic materials like polypropylene these effects are sometimes not desired. Polypropylene is
widely used in textile, packaging and automotive industry because of its good processibility.
However, because of its relatively poor impact toughness, the application as an engineering
thermoplastic is somewhat limited12. Toughness is the ability of a material to absorb energy while
plastically deform without fracturing. For some applications it may therefore be advantageous to
increase the toughness of a material while keeping its other mechanical properties like elasticity
modulus constant. Dental fillings for example must exhibit the ability to withstand wear while their
impact toughness should be kept high13. A possible route to achieve increased wear resistivity might
be the addition of soft, deformable nanoparticles to the polymer matrix.
Because of the high surface to volume ratio of nanometric particles, the particles are most favorably
homogenously dispersed in polymer matrices consisting of a homopolymer with linear chains. The
central task in the preparation of nanocomposite materials is the intrinsic incompatibility between
the high energy inorganic filler surfaces and the lower energy polymer matrix. As a consequence of
this incompatibility, contact aggregation of the filler and macro-phase separation may occur14, 15.
Asakura et al. created the term “depletion demixing” for this phenomenon and described it
theoretically16. Entropic effects are the reason for this depletion attraction, as verified experimentally
by Bechinger et al.17. Surface modification (e.g. via silane chemistry) is a typical approach used to
overcome the intrinsic incompatibility between nanoparticles and the homopolymer matrix. The
surface modification reduces the surface energy difference between the constituents of the
nanocomposite and allows for the preparation of homogenous blends. To understand the effect of
the surface energy difference on the dispersion behavior of nanoparticles in polymers. The concept
of wetting and dewetting of polymers at interfaces is introduced.
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2. Fundamentals
2.1 Wetting & Dewetting of polymers at interfaces
In general the terms wetting and dewetting are referring to the study of characteristic spreading of a
liquid on a surface. This phenomenon is of great importance in many industrial areas like paint and
ink industry, food packaging and automobile manufacturing as well as tire fabrication. In material
science and in particular in composite material design the understanding of wetting and dewetting
phenomena is crucial for the preparation and the composition of new materials with desired
properties (e.g. homogeneity, dispersion). The wetting and dewetting phenomena can be explained
by having a look to the surface of liquids. The liquid surface might be seen as a stretched membrane
characterized by the surface tension that opposes its distortion. A molecule inside the liquid phase L
benefits from the interactions of all its neighboring molecules. However, a molecule located at the
liquid-gas (L-G) interface looses half of its attractive interactions (Figure 2a) which is the physical
reason why liquids adjust their shape in order to expose the smallest possible surface area at the
liquid gas interface. If a liquid drop is placed on a solid surface two more interfaces come into play
which affects the shape of the drop (Figure 2b). The liquid-gas interface is characterized by the
surface tension of the liquid. The liquid-solid (S-L) interface is determined by the difference in surface
energy of the liquid L and the solid S and the solid-gas interface (S-G) is determined by the surface
energy of the solid.

a)

b)

G
L

γLG

c)

L
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γSG γSL
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Figure 2. Illustration of the surface tension phenomenon. a) Liquid molecules at the gas-liquid interface. b) Liquid drops
with different surface tension on a solid substrate. Indicated are the interfacial surface tensions
,
,
and the
contact angle . c) Solid particles dispersed in a liquid matrix with similar surface energy.

The surface energy is a measure of the energy necessary to break the chemical bonds of a solid or a
liquid to form a new surface. It is defined as the energy that is consumed to generate the surface per
unit area. The surface energy of liquids equals their surface tension which can be measured easily
Page |3

and is given in units of ·

or

·

. As a rule of thumb one can say that materials with strong

covalent bonds (mostly materials with a high melting and boiling point) have higher surface energies
than materials with weak bonds. For solids the surface energy cannot be measured directly because
the above mentioned creation of a new surface involves many other processes that consume energy.
With the help of quantum mechanical calculations it is possible to estimate surface energies of
solids18. Whether a drop spreads on a solid surface or not is a question of the energy difference at
the S-G- the S-L- and the L-G-interface. The wetting behavior can be described by Young’s relation.
cos Θ
The spreading parameter

(2.1)

distinguishes the two different regimes of wetting.

It measures the difference between the surface energy (per unit area) of the substrate when dry and
0, total wetting of the surface will occur and the drop spreads out to a film of nanometric

wet. If

thickness. If

0, the drop does not spread out but forms a cap remaining on the substrate with a

contact angle Θ. This effect is referred to the term partial wetting. In contrast to a liquid drop placed

on a flat, solid substrate we could also think of a solid particle surrounded by a liquid matrix (Figure
2c). If

0, the particles would likely disperse in the liquid, like a drop would preferably spread on a

surface. Rearranging equation 1) and inserting the spreading parameter leads to the Young-Dupre
equation:
cos Θ
which only has a physical solutions for Θ when S < 0. Here

1

(2.2)

is the surface tension of the liquid and

Θ is the contact angle of the drop (Figure 2b). If S is close to zero we observe complete wetting. For

S<<0 partial wetting will occur. A drop of poly(ethyl methacrylate) (PEMA) melt placed on a clean

silicon wafer has a contact angle of about 36±6°. This contact angle would lead to a spreading
parameter S = -0.03 if we consider a surface energy of 180 mJ/m² for silicon (Table 1). This spreading
parameter is referred to partial wetting. If we modify the surface of the silicon wafer with a PEMA
layer (Table 1) to lower the surface energy of the silicon, a drop of PEMA exhibits a contact angle
< 5°, which leads to a spreading parameter of S = -0.0001. We observe complete wetting in this case.
How such a modification of a surface can be performed is explained in the following sections.

2.2 Tailoring surface properties
An elegant way to tailor the wetting behavior of a solid surface by a liquid is to modify the surface in
a way to make it hydrophilic or hydrophobic. We know that silicon or glass are high surface energy
solids and are wetted by almost all liquids since their surface tension is quite high (Table 1). It has to
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be noticed here that total wetting only occurs for perfectly clean and neat surfaces. In the natural
state of silicon and glass (that is to say, when stored under ambient conditions) the surface is
contaminated with organic and other impurities that have to be removed carefully. On clean surfaces
it is possible to lower the surface tension by forming a layer of fluoroalkanes and thus mimicking a
fluorinated polymer like PTFE (Teflon).
Table 1. Surface energy

Elements18

[mJ/m2]

Polymers

for selected materials.

[mJ/m2] @ 25°C

Liquids19

[mJ/m2] @ 25°C

Si

144 - 180

PDMS20

21

Pentane

17

C

400 - 970

PE21

30

Toluene

29

Water

74

PEMA22, 23

33-36

PMMA21

40

The surface becomes hydrophobic and the wetting behavior is changed dramatically. Typically the
fluorination of silicon or glass is done by self assembly of perfluoroorganosilane24 molecules at the
surface of the sample. Furthermore, low surface energy materials can be altered by a plasma
treatment to make the surface hydrophilic. In this process silanole groups are formed in a plasma
reactor by feeding a gaseous monomer like hexamethyldisiloxane (HMDSO) which reacts with
additional oxygen to form a thin hydrophilic layer on the sample surface25.
In polymer chemistry, the surface-initiated polymerization to generate tailor-made surfaces has
become an active research field since around 20 years. Polymer layers in which the polymer chains
are irreversibly attached to a substrate surface are of high interest when it is required to balance the
surface energy of different materials to allow e.g. wetting of flat surfaces or dispersion of particles in
a matrix. I will therefore briefly discuss the concept of surface-initiated polymerization and the
theory of polymer brushes in the next section.

2.3 Surface-initiated polymerization
Surface-initiated polymerization is a technique based on the growth of polymer chains at initiator
molecules, which are covalently bound to a substrate surface. This technique is also called “grafting
from” in opposition to the approach called “grafting to”, where already existing polymer chains are
grafted to the surface. Polymer layers obtained via grafting from are attractive for a variety of
applications because of their stability against mechanical impact and solvents. In a polymer layer
with a high grafting density Γ the polymer chains adopt a rather unusual conformation. The

individual coils overlap and the chains are strongly stretched away from the surface (Figure 3a). This
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conformation is far away from how a polymer chain would configure in solution and such systems are
referred to as “polymer brushes”.
2.3.1 Polymer brushes
There are several methods of surface modification reported including silanization26, 27, surfactant
absorption28 and polymer grafting29. For large particles, the stabilization by grafting polymers to the
particle surface has been conducted for many years30. As shown by Schärtl et al.31 and others32-34
grafting polymer brushes can also stabilize nanoparticles in suspensions. These polymer grafted
nanoparticles can be homogenously dispersed in polymer matrices forming stable suspensions with
exceptional mechanical properties35, 36 e.g. an increased dynamic storage modulus G’.
Scientifically and practically polymer brushes are very interesting systems because the strong
stretching of the chains leads to drastic changes in the physical properties of the polymer layer. If
random coils are molecularly deformed, only a small amount of energy is stored in the system as an
increase in entropy. If the chain is attached to a surface and is already strongly stretched like in
polymer brushes (Figure 3), it has less degree of freedom compared to the random coil. Thus, to
induce a small deformation in the brush, the energy penalty is much larger. Such a deformation
might be induced by the penetration of solvent molecules or other polymer molecules from solution
into the polymer brushes. However, these entropic reasons lead to totally different conformational
changes of the brushes when they are in contact with other molecules compared to free coils in
contact with other molecules.

a)

b)

c)

ξ(r)

L

ξ(r)

R

R

r1

d

r2

r1
r2
rP

Figure 3. Schematic illustration of stretched polymer brushes. a) The Alexander model theoretically describes the chains
with “blobs” of size " where the segments behave like random coils. The segments are illustrated as alternating red and
black parts of the chain. b) Star-polymers as described by Daoud and Cotton and c) polymer brushes grafted on spherical
particles with radius rP and blob size " # .

The very first theoretical description of polymer brushes attached to planar surfaces at distance d in
a good solvent (Figure 3a) was given by Alexander5 and got further developed by de Gennes6 for
polymer brushes in contact with a polymer melt. In both models the brushes are represented by a

succession of blobs with size $. Each blob contains a number of polymer segments (illustrated as
alternating red and black parts of the chain in Figure 3), resulting in a segment density % for each
blob.
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Alexander calculated the interaction energy of binary monomer-monomer interactions and the
elastic energy of a Gaussian chain and minimized the results with respect to the brush height. In this
way he proposed a relation which predicts the experimentally observed scaling behavior more or less
correctly. For good solvents the brush length L scales with the degree of polymerization N and the

grafting density Γ as

&~ · Γ

⁄(

and for brushes in a poor solvent, that is close to the

(2.3)

condition as

&~ · Γ

/

(2.4)

For star shaped polymers, Daoud and Cotton4 developed a model which extended the work of
Alexander and de Gennes. They considered a star with + branches joining at the origin of the star.
Each branch has

statistical units of length ,. The size of the blobs in this case is a function of the

distance to the centre of the star $

$ - assuming spherical coordinates (Figure 3b). Each blob has

a local monomer concentration % which is also a function of the distance to the centre %
Three different regions for the conformation of a single brush can be defined:

% - .

1. The core region: At small distances . to the centre of the star the concentration % - is unity
for .

- . They expressed - as

-

+

/

,

(2.5)

2. The unswollen region: In this region the excluded volume effects start to influence the

monomer concentration. - denotes the crossover distance between the unswollen and the
swollen regime and is defined as

-

+

/

/

,

where / is the monomer excluded volume parameter (/

interaction parameter which is zero for athermal mixtures37, 38.

(2.6)
0), and 0 is the Flory

3. The swollen region: In the swollen region the branches behave like single chains. Thus, in a
good solvent and for large distances ., the local behavior is supposed to be swollen.
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The radius of the star R can then be evaluated by the condition
+, (

3

1 % - 2-

(2.7)

4

leading to4

5

6 +

1 + (/
10 /

(/9

1 (/
+ 8
6

/

/9

+

/9

,

(2.8)

The model for star shaped polymers of Daoud and Cotton can also be applied as a first approximation
to brushes attached to curved surfaces, i.e. spherical particles of radius - (Figure 3c). Since in this

model the blob size $ - increases with radius r, it leads to the main difference when we go from
planar to curved surfaces. For polymer brushes attached to planar surfaces the segment density %
stays constant and drops at a distance .

& depending of the polydispersity of the brushes (Figure

4a). For star shaped polymers, the segment density is constant for .

attached to a spherical particle with radius -: the density is zero for .

- (Figure 4b). If the brush is
-: (Figure 4c). For .

segment density % drops in a nonlinear behavior and reaches the swollen region.

a) ϕ

ϕ

L

x

- the

c)

b) ϕ

r2 r1

x

rP r2 r1

x

Figure 4. Schematic illustration of the segment density profile of polymer brushes attached to a) planar surfaces, star
shaped polymers b) and brushes attached to curved surfaces.

Since the segment density at .
volume at the brush ends (.

- is decreasing with increasing distance r, there is more free

- ) which might be occupied by “solvent” molecules. These solvent

molecules might also be free polymer molecules from a surrounding polymer melt that can interact
with the polymer brushes. As stated before, the aim of a surface modification with polymer brushes
is to balance the surface energy difference between the nanoparticles and the surrounding matrix, to
allow the preparation of homogeneous blends. The case in which the miscibility is affected by the
interaction between brush and matrix will be discussed in the next section.
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2.4 Entropy controlled miscibility of brush coated nanoparticles in like
homopolymers
Current approaches in polymer media design aim at adding new functionalities, reducing the weight
of fabricated components and furthermore enhancing mechanical properties of polymeric
materials39. Promising candidates to fulfill these conditions are nanocomposites40, which consist of a
polymer matrix and a nanoscale inorganic filler, which can be, for example, a spherical particle with a
non-penetrable and smooth surface. As explained before, the grafting of polymer brushes on
nanoparticles can stabilize dispersions of nanoparticles in homopolymer matrices. The explanations
for the stabilizing effect of grafted polymers on nanoparticles dispersed in polymer melts were
derived from theories initially developed for flat substrates. If the system is chosen in such a way that
the polymer grafted on the surface is of the same chemical nature as the polymer melt wetting the
surface, brush - matrix interactions are determined by entropy-driven forces41. For flat silicon
surfaces with end-attached polystyrene brushes, Maas et al.1 reported on a theoretical wetting
diagram which shows two different wetting transitions (Figure 5). They indicate a first order wetting
transition at low grafting densities and a second order wetting transition at high grafting densities.
Green and Mewis7 were able to map out a similar phase diagram for a nanoparticle suspension
experimentally. They chose PDMS-grafted silica spheres dispersed in a PDMS matrix with moderate
grafting densities and low core volume fractions. Recent studies, complementing the work of
Hasegawa and coworkers42, have shown that the thermodynamic wetting of a grafted polymer brush
by an identical homopolymer melt is controlled by the degree of polymerization of the free chain (P)
of the melt as well as by the grafting density (Γ) of the brush. At a constant chain length of the

grafted polymer (degree of polymerization, N), the parameters (P, Γ) define the complete wetting

region. This wetting region is a result of the enthalpic attraction provided by the grafted polymers on

the free matrix chains. For a given chain length, the discontinuous (jumplike) first order transition at
low grafting densities is called allophobic dewetting as it is caused by unfavorable polymer-substrate
interactions. At high grafting densities the transition from complete wetting to incomplete wetting is
gradual and thus associated to a second order transition called autophobic dewetting.
These transitions can be explained theoretically by calculating the Gibbs energy G of a homopolymer
chain with molecular weight P in contact with a brush of molecular weight N. For a given grafting
density the transition is a function of the ratio N/P. It is, however, clear that the brush conformation,
i.e. a swollen or a contracted state, plays a crucial role in the mixing/demixing behavior of a
suspension. If the brush is swollen by surrounding homopolymer chains these chains must somehow
interpenetrate with the brush.
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Figure 5. Theoretical phase diagram for a polymer brush (N=200) in contact with a chemically identical melt of linear
chains.

The degree of interpenetration of the matrix chains will have an influence on the conformation of the
brushes (Figure 6) and thus also an influence on the distance between neighboring particles. We
considered a scenario with three different cases for the brush conformation in a system with high
grafting density. a) Polymer-grafted nanoparticles without polymer matrix. The polymer brushes are
contracted. Thus the distance between single particles should be minimal (Figure 6 a). b) Polymergrafted nanoparticles dispersed in a homopolymer matrix with molecular weight comparable to that
of the brushes ( /; < 1). The brushes should be swollen by the surrounding homopolymer chains
thus inter-particle distance is increased (Figure 6b). c) Polymer-grafted nanoparticles dispersed in a
homopolymer matrix with molecular weights higher than that of the brushes ( /;

1). The

homopolymer chains could not swell the brush anymore and thus aggregation should take place,
leading to a reduced inter-particle distance (Figure 6c). The transition between the swollen and
contracted state leading to demixing is referred to in the literature as the drying/interpenetration
limit7. Considering the theoretical phase diagram of Green and Mewis (Figure 5), we see that at a

grafting density, e.g. 0.7 brushes*nm-2, the transition between complete and incomplete wetting is
predicted to take place at very low values of P. Although this phase diagram is constructed for a
polymer brush with degree of polymerization N = 200, we may extrapolate the autophobic dewetting
transition line. This would lead us to transition that would occur at a degree of polymerization for the
matrix P < 50, which in turn for poly(ethyl methacrylate) (PEMA) corresponds to a molecular weight
< 6000 g/mol.
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Figure 6. Influence of brush conformation on the distance between polymer-grafted nanoparticles: a) Without polymer
matrix. b) With low molecular weight polymer matrix (N = P). c) With high molecular weight polymer matrix (N/P < 1).

In this work I show that the transition in the brush conformation between the swollen and
contracted state can be inferred by means of quantitative measurements of the distance between
neighboring particles. Furthermore, the role of the inter-particle distance is studied for the
mechanical stability of nanocomposites. The attractive interaction between brushes in a contracted
state and high molecular weight matrix is weaker (Figure 6c) compared to brushes swollen by low
molecular weight matrix (Figure 6b). To check at which molecular weight the transition from
complete wetting to partial wetting occurs in our system and to see if this transition is a function of
the conformation of the brush (swollen, contracted), we prepared dispersions of PEMA-g-µgels in
homopolymers with different N/P ratio. As a first approach we imaged the surface of such samples
with as scanning probe microscope and analyzed the distance between neighboring particles as a
measure for the transition. The preparation of the silsesquioxane core particles and the principle
grafting procedure to attach polymer brushes to such particles is reported in detail elsewhere36, 43.
However, the system used in this work involves a different monomer and thus the reaction
conditions are different at some stages of the preparation routine. A system based on poly(ethyl
methacrylate) (PEMA) with a much higher grafting density (0.7 chains*nm-2) and a much higher
molecular weight of the hairs was selected.
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3. Experimental Methods to Investigate Physical
Properties of Composites and its Constituents
In this chapter I will explain the experimental methods that I have employed to investigate the
physical properties of the materials used for my thesis. I will start with the classic methods to analyze
mechanical properties and measure the molecular weight distribution of polymers. This is followed
by the description on how to determine the thickness of thin films and the size of particles. Before I
go into detailed delineation of the methods, I want to point out some terms which are important in
most of the explained techniques.
The modulus is a quantity which describes the viscous and elastic stresses and their relation to
material properties through a factor of stress to strain. If the strain is applied parallel to the surface
(Figure 7a) the modulus is called the shear modulus G.
>

=

?A
@
∆.A
&

?·&
@Δ.

(3.1)

Here the shear stress τ is the ratio of the shearing force F applied to the area A of the specimen. The
strain

Δ.⁄& is equal to the tan θ. ∆x is the resulting transverse displacement and L the length of

the specimen.

a)
∆x
L θ

b)
A

F
∆L

F
A0

L0

Figure 7. Stress applied to a specimen in a) shear and b) tension resulting in a shear strain and tensional strain
respectively which is a measure of a body’s change in shape.
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If the stress is applied in tension or bending, the modulus is called the Young’s modulus E (Figure 7b),
where F is the force applied to the specimen, A0 is the original cross-sectional area through which the
force is applied, ∆L is the value by which the length of the specimen changes and L0 is the initial
length of the specimen.
?A
@4
∆&A
&4

E
F

D

? · &4
@4 Δ&

(3.2)

If we consider the specimen in (Figure 7b) to be an ideal spring and assume that its extension is in
direct proportion with the load applied to it, according to Hooke’s law we can write
?

G · ∆&

(3.3)

where k is the spring constant.

3.1 Classic methods
3.1.1 Dynamic Mechanical Thermal Analysis (DMTA)
DMTA is a nondestructive method to mechanically characterize a variety of materials regardless of
their physical state or form. The material may be a liquid with high or low viscosity in form of a paste,
foam, dispersion or emulsion. It also can be solid with elastic or viscoelastic properties or containing
fillers like particles or fibers. DMTA is rooted in the field of rheology which studies the deformation of
a material in terms of elasticity and viscosity with instruments called rheometers. This is done by
applying a defined strain to a sample while measuring the resulting stress at a certain temperature.
Through Hooke’s and Newton’s laws the stress is related to the material properties elasticity and
viscosity. The ratio of elastic stress to strain is called the elastic or storage modulus G’, while the ratio
of viscous stress to strain is called the viscous or loss modulus G’’. The two moduli can be combined
to a complex modulus = H

=I

J=KK which reflects the contribution of both elastic and viscous

components. If the strain is applied to the sample dynamically, e.g. with a sinusoidal oscillation
(Figure 8a), strain and stress can be expressed like
F
E
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F4 sin NO
E4 sin NO

(3.4)
P

(3.5)

where N is the frequency, t the time and P the phase lag between stress and strain. In purely elastic
0) whereby in purely viscous materials the strain lags

materials stress and strain are in phase (P
the stress by a 90° (P

Q⁄2) phase lag (Figure 8b). So the storage and loss modulus become
>4

=K

4

cos P

(3.6)

sin P.

(3.7)

and
= II

>4

4

These complex numbers can be expressed in the form = H
with the property J

a)

1.

Actuator

=I

J=KK where J is the imaginary unit

b)

Viscous

Elastic
Strain

t
δ

Sample
Stress
Sensor

t

t

t
π/2

π/2

Figure 8. Schematic of a DMA experiment. a) The strain is applied to the sample via an actuator and the resulting stress is
measured by a sensor. b) In purely elastic materials the applied strain is in phase with the stress while in purely viscous
materials the stress lags the applied strain by π/2.

A material with both elastic and viscous properties exhibits a phase shift which is between 0 and Q⁄2

and its damping behavior can be expressed as the tangent of the phase angle shift P between the
stress and strain vectors: =KK⁄= I

tan P . From equation (3.4) and (3.5) we can see that the moduli G

and E vary with frequency. The physical reasons for these variations are the relaxation processes that
take place when a polymer chain is deformed by external forces. In the glassy state an elastic
response is observed at high frequencies (short times). In this region, the polymer lacks molecular
mobility since no motion longer than a segment exists, so it maintains the disordered nature of a
melt. Net movements of the chain backbone are impossible. At lower frequencies segmental
movement becomes possible and segments of a few repeating units start to flow. As the frequency
decreases further, parts of the polymer chain are able to change their position. This movement or
rearrangement is called creep and takes place in the viscoelastic regime. When a stress is applied in
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this regime the material creeps, which gives the prefix visco-. If the stress is released, the material
fully recovers, which gives the suffix –elasticity. At very low frequencies, motion of entire chains
takes place. This is called the viscous flow regime. The procedure used to determine the storage and
loss moduli over a very broad frequency range is based on what is known as the time-temperature or
frequency-temperature equivalence principle44. It states that the viscoelastic behavior at one
temperature (VWXY ) can be related to that at another temperature (V) by a change in the timescale
only. In other words, the temperature change is equivalent to the change of the deformation
frequency of a given material. Typical rheometers are working in a frequency window of N = 0.1-100

rad/s. To cover the entire time range in which the above mentioned relaxation processes take place
(~10

Z

O[ ~10\ ])45, the temperature of the sample has to be varied. In this way a number of

frequency dependent modulus curves according to (3.6) and (3.7) can be measured. From these

measurements, a curve can be constructed by shifting the individual dynamic mechanical
N⁄NWXY ,

measurement curves measured at certain temperatures (Figure 9a) by a shift factor ^ _

relative to a reference temperature. The resulting curve is called the mastercurve (Figure 9b) which
encompasses a huge frequency range of about 15-20 orders of magnitude.
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Figure 9. Individual dynamic mechanical measurements at certain temperatures of poly-(ethyl methacrylate) (a) can be
superimposed by the time-temperature superposition principle to construct a mastercurve (b). For better visibility only
the Storage modulus G’ is shown. The shift factors aT (c) are fitted with the WLF equation.
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The relationship between the shift factors aT and the temperature (Figure 9c) can be expressed by
the WLF equation, which was postulated by Williams, Landel and Ferry46
a bV VWXY c
a
V VWXY

,[` ^ _

,[` d

N
e
NWXY

(3.8)

where C1 and C2 are empirical constants adjusted to fit the values of aT. Rearrangement of equation
(3.8) leads to a useful expression of the WLF equation.
V

VWXY

1

a

a

N
,[` fN g

(3.9)

WXY

With equation (3.9) it is possible to transform the mastercurve from a frequency dependent to a
temperature dependent interpretation of the storage and shear moduli. Important values which
describe the properties of the polymer can be extracted from the mastercurve.
1.

In the viscoelastic regime we can determine the location of a plateau modulus GN which
reflects the unrelaxed, fully elastic response of the material corresponding to the flow
transition.

2.

The plateau modulus GN is connected with the entanglement molecular weight Me which
is an important factor contributing to the unique physical properties of polymers.

The plateau modulus GN can be obtained from the frequency where the minimum of the loss tangent
(tan δ) is located by47-49 :
=h

=I N

ijk lmno

(3.10)

and is directly connected with the entanglement molecular weight Me via50:
pX

qh · 5 · Vh
=h

(3.11)

where qh is the density of the polymer at the temperature Vh at which the plateau modulus is
measured. R is the ideal gas constant 5

8.314 ·

[,

·u

.
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Setup used in this work
The DMTA measurements were performed using the Advanced Rheometric Expansion System (ARES,
TA Instruments, Delaware, USA) in a parallel plate geometry. The studied materials were compressmolded as circular plates of 6 mm diameter and 1mm thickness. Before the measurements,
isothermal strain sweeps at different temperatures were performed in order to separate the linear
from the non-linear viscoelastic regimes. The shear deformation was applied with controlled
deformation amplitude, which was kept in the range of the linear viscoelastic response of the studied
materials. Frequency dependencies of the storage and the loss parts of the shear modulus have been
determined from frequency sweeps measured within the frequency range 10-2-102 rad/s at various
temperatures. Master curves for G’ and G” at a reference temperature have been obtained using the
time-temperature superposition, i.e., shifting the data recorded at various temperatures only along
the frequency coordinate.
3.1.2 Gel Permeation Chromatography (GPC)
Physical properties of polymers like the temperatures for transitions from solids to rubbers to liquids,
e.g. glass transition temperature (Tg), depend on the molecular weight of the polymer. Furthermore,
mechanical properties such as stiffness, strength, viscoelasticity, toughness, and viscosity of polymers
also depend on their molecular weight. It is then obvious that also the molar mass distribution is of
great importance. GPC, also referred to as size exclusion chromatography (SEC), is a widely used
method to determine the molecular weight and the molar mass distribution of polymers.
By choosing different polymerization mechanisms, the molar mass distribution can be adjusted to
achieve the desired properties of the polymer (Table 2). A polydispersity index (PDI) is defined as the
quotient of weight average molar mass Mw and number average molar mass Mn (;vw
and describes the width of the molar mass distribution51.
51

Table 2. Polydispersity index for selected polymerization mechanisms .
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Polymerization method

PDI

Monodisperse Polymer (hypothetical)

1.00

Living Polymerization

1.01-1.05

Controlled Radical Polymerization

< 1.50

Radical Polymerization

1.50

Condensation Polymerization

2.00

px ⁄py )

GPC resembles high performance liquid chromatography (HPLC) forasmuch as a sample solution is
pressed through columns filled with a porous material. Contrary to HPLC, the separation mechanism
originates not from adsorption of molecules on the surface of the filler material, but ideally from size
exclusion effects. During a GPC measurement the molecules are passing the pores of a solventswollen gel which fills the column. Because of the concentration gradient of the solvent-filled pores
and the interspacing volume, polymer molecules can penetrate the pores. Depending on the size of
the molecules they can either enter or not enter the pores. Molecules that can not enter the pores
can not be separated at all and leave the column at first. Molecules with the ability to enter all pores
leave the column without separation at the end of the measurement. This is called the separation
threshold. The molecules with sizes in between the separation threshold are separated due to their
hydrodynamic volume and will leave the column at different elution times. Typically, UV- or
refractive index detectors are used to detect the mass-concentration of sample molecules in the
eluent. Because GPC is a relative method to determine the molar mass of a polymer, calibration with
well defined polymer standards is essential.
Setup used in this work
Analysis of all polymers used in this work was carried out at 20°C with a GPC set-up consisting of the
following components: Waters 515 HPLC Pump, Waters WISP717 Autosampler, three Polymers
Standard Service columns (SDV) in series (dimension: 300 x 8 mm, porosity: 500, 105 and 106 Å,
respectively), filled with poly(styrene/divinyl benzene), and an ERC refractive index detector.
Tetrahydrofuran, at a flow rate of 1 ml*min-1, was used as an eluent. For calibration, lowpolydispersity poly(methyl methacrylate) standards were applied.
3.1.3 Dynamic Light Scattering (DLS)
When a flashlight is pointed to a cloud of smoke, the light is scattered by the particles of the smoke
and the cloud appears of a slight bluish color. This effect is known as the Tyndall effect and the
intensity of the scattered light is determined by the size and shape of the particles. Similarly, the size
and shape of particles or polymer chains in solution/dispersion can be determined by analyzing the
scattered light. Two assumptions are required. First, the particles are assumed to be small compared
to the wavelength and moving in Brownian motion were the probability density function of the
position of a particle is expressed as52:
; ., O|0,0

4Qv · O

(⁄

{b

| } ⁄\~·• c

(3.12)

Here x is the position of a particle at time t. The temporal evolution of ; ., O|0,0 is determined by

the diffusion constant D of the moving particle. If the particle is a sphere with radius r, the StokesP a g e | 19

Einstein relation connects the diffusion constant to the viscosity € of the solvent with temperature T

and the Boltzmann’s constant kB by the equation52:
v

G• V⁄6Q€-

(3.13)

By using monochromatic and coherent laser light, time-dependent fluctuations in the scattered
intensity due to the continuously moving particles can be observed. The dynamic information is then
derived from an autocorrelation of the intensity trace recorded during the experiment. By using
equations (3.12) and (3.13) the radius of a particle can be calculated. For polydisperse systems the
autocorrelation is usually analyzed with the CONTIN algorithm developed by Steven Provencher53. It
should be noted that the radius r in equation (3.13) is not the effective radius of a hydrated particle
in solution but the radius of a hard, perfect sphere which diffuses at the detected rate. It is also
called the hydrodynamic radius (Rh) and is larger than the rotational radius of the particle, especially
when the particle surface is modified with e.g. polymer brushes.
Setup used in this work
We determined the hydrodynamic radius (Rh), the size distribution of polymer-grafted-nanoparticles
and the molecular weight of the neat nanoparticles by light scattering. The experiments were
performed at room temperature (25 °C), using a commercial setup (ALV-5000, ALV GmbH, Germany).
The samples of the neat particles and polymer-grafted-nanoparticles for DLS analyses were prepared
by diluting the substances in toluene, yielding dilute dispersions of 1 to 0.1 g/l.

3.2 Methods to investigate thin films
The properties of thin films are of crucial interest for many applications in microelectronics,
micromechanical sensing, data storage, as protective coatings and in biomedical applications. Herein
the thickness of the film is the determining factor for methods applicable to measure the desired
material properties. In the following I want to introduce the experimental methods and the
theoretical background of the techniques used in my work. I will start with methods like ellipsometry
and scanning probe microscopy. Then I will explain grazing incidence small angle X-Ray scattering
(GISAXS). I will elucidate the use of micromechanical cantilever sensors (MCS) for the
characterization of thin films and finally introduce the concepts of nanowear and wrinkling.
3.2.1 Scanning Probe Microscopy
The name Scanning Probe Microscopy (SPM) originates in the measurement principle of this method.
A scanning probe could be the finger of a blind person reading the embossed letters of Braille line by
line or the fine sapphire needle of a record player reading the audio track of the rotating vinyl disc. In
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scanning probe microscopy, also referred to as atomic force microscopy (AFM), the probe is a small
cantilever with a sharp tip at its end (Figure 10a, b). At the backside of the cantilever a laser is
focused on the end of the cantilever itself. The reflected beam is sensed by a position sensitive
detector (PSD). In a typical setup, the sample is moved under the tip in an x-y raster with a piezoelectric positioning system. Due to topographic features of the sample the cantilever is deflected and
the deflection is sensed by the PSD (Figure 10c). In such a way a data stream of topographical
information is produced. This stream is then used to construct an image of the scanned area. As will
be explained later, other information about material properties can be also obtained.
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Figure 10. Typical SPM cantilever (a) for intermittant contact mode SPM with a sharp tip (b) at the end of the lever. The
sample is moved under the tip and the topography is recorded by the reflected laser beam on a position sensitive
detector (c).

Static and dynamic operation modes
In the static operation mode, the force between tip and sample is kept constant by using the
cantilevers deflection as a feedback signal to adjust the z-position of the sample or the cantilever. For
small deflections it can be assumed that the force F has a linear dependency to the deflection ∆‚
given by ?

G · ∆‚, where k is the spring constant of the cantilever. This mode is called the

constant force or contact mode and is used to get topographical information of samples with a hard

surface like metals or oxide films. The contact mode has two major disadvantages. (i) Due to
frictional forces the tip wears off very fast. (ii) On soft surfaces such as polymers, even at very low
forces in the range of a few nN, the wear leads to elastic and plastic deformation and/or disruption
of the surface.
In the dynamic operation modes the cantilever is excited at or close to its resonance frequency N4 . In

the so called tapping or intermittant contact mode, the vibration amplitude is used as a feedback

parameter to measure the topography of a sample. To describe the dynamical behavior like
frequency and amplitude of the vibrating cantilever we can use Newton’s equation of motion.
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H

2 ‚ O
2O

~

2‚ O
2O

G·‚ O

?•ƒ

? O

(3.14)

were m* is the effective mass of the cantilever with thickness h, width w, length L and density q

(

H

0.2427 · … · † · & · q).

~

is the damping coefficient and k the spring constant. The oscillatory

movement is driven by a normal force ? O . As a first approximation by neglecting the tip-sample

interactions ?•ƒ , equation (3.14) can be solved in steady state by inserting a periodic excitation
? O

?4 sin NO to

‚ O

‚4 sin NO

%

(3.15)

with an amplitude ‡ˆ of
‚4

‰ N4

N

?4 ⁄

H

NN4 ⁄Š

(3.16)

In equation (3.16) the angular resonance frequency of the cantilever N4
factor Š

N4 ⁄

~

‰G⁄

H

and the quality

which describes the relative width of the resonance peak are introduced. The

phase shift can be expressed in terms of
tan %

G

~N
HN

(3.17)

From (3.16) and (3.17) we can see that the amplitude and the phase shift depend on the angular
frequency54, 55. Let us now consider that the cantilever is far away from the surface. It oscillates with
a “free” angular resonance frequency N4 and an amplitude ‚4 . Close to the surface the oscillation is
influenced by additional tip-sample forces ?•ƒ . In sum, ?•ƒ and
in a damped resonance angular frequency N~

N4 ‹1

Œ}

•

~

⁄

can damp the oscillation resulting

and an amplitude ‚~ . By scanning

over the surface we can use the amplitude information as a feedback to construct the topography
image and in addition material property changes can be mapped by recording the phase shift
between driving force and the tip oscillation %. The phase shift is a very elegant way not only to

obtain topographical information of the surface but also to distinguish regions with similar
topography but different material properties like elastic or shear modulus.
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Setup used in this work
The characterization and the imaging of all samples in this work, was carried out with a commercial
SPM setup (Dimension 3100, Veeco, USA), unless otherwise indicated. Silicon cantilevers (OMCL-AC
160 TS, Olympus, Japan) with a nominal tip radius of ~10 nm and a tip height of 11 µm were used.
The measurements were done in tapping mode with a resonant frequency of the cantilevers near
300 kHz.
3.2.3 Grazing Incidence Small angle X-ray Scattering (GISAXS)
Since the theory of scattering of electromagnetic waves can be applied to all wavelengths, visible
light, X-ray photons, neutrons or electrons can be used as probing species in scattering experiments
according to the length scales of interest and the sample properties. Any scattering process is
characterized by a reciprocal law, which gives an inverse relationship between scattering angle and
particles size.
Since X-rays are primarily scattered by electrons, small angle X-ray scattering (SAXS) is observed
when electron density fluctuations of colloidal size exist in the sample where the electron density is
represented by the square of the wave function Ψ . These fluctuations from 1 nm to 1 µm in size are

measured in terms of scattered intensity as a function of incident angle •• , volume fraction, contrast,

the shape and the size distribution of the scattering bodies in a SAXS configuration. To achieve
measurable signals, the contrast, which is the electron density difference between the scattering

bodies and the matrix, has to be sufficiently high. To visualize the scattering process we consider a
simple example of a small spherical particle (Figure 11a). Waves that are scattered at the indicated
points by an angle of 2θ have a path difference of 1’. If the scattering at all points within the sphere

is considered, it is obvious that no scattering will occur in the direction of 2θ when we superimpose

waves with all possible phases because of destructive interference. If smaller scattering angles are
taken into account, the phase differences become smaller and the waves start to amplify each other,
so that a scattering maximum will be observed in the direction of zero scattering angle, because here
all waves are in phase. Qualitatively the scattering curve has a shape as the illustrated curve 1 in
Figure 11c. In a much bigger sphere, phase shifts of 1’ will already occur at smaller scattering angles

for the same wavelength of the incident wave (Figure 11b). This leads to a narrower scattering curve
(Figure 11c, curve 2) and finally, for particles that are huge compared to the incident wavelength,
small angle X-Ray scattering is observed (Figure 11c, curve 3).
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Figure 11. Scattering of waves at particles of different size. a) A small particle, b) a large particle compared to the
56
wavelength of the incident waves. c) Qualitative shape of scattered intensities. Modified figure taken from .

Pursuing the above developed train of thoughts, it is possible to calculate the expected scattering
curves for any particle. Therefore, the electron distance distribution function “ - needs to be

considered. The electron distance distribution represents the likelihood of finding the electron in an
orbital at any given distance r away from the nucleus. It is typically expressed by the radial
distribution function. For s-orbitals, the radial distribution function is given by “ general, the scattering curve I is obtained by Fourier inversion of “ - .
”•c
wb†

–

4Q 1 “ 4

Ψ 4Q- . In

”•sin †
· 2†-

(3.18)

”• is the scattering vector which will be derived in the following. Let us suppose a similar
Here †

situation as depicted in Figure 11. We denote the direction of the incident beam as the unit vector ]•4
and the direction of the scattered beam by ]• (Figure 12).

y
x

Figure 12. The scattering of waves at two points and the resulting scattering vector h.

The path difference of a point P, assigned by the vector -•, against the origin 0 is given by .
cos •

– -•]•

—

-·

- · sin ˜. Multiplying the unit vectors and transforming into a dot product leads to

-•]•4

– -• ]•

]•4 . Since the phase % is 2Q/’ times the difference between the optical path

and some arbitrary reference point, the phase can be derived as %
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2Q⁄’ -• ]•

]•4 which takes

the form %

†”•-•. ]•

]•4 lies symmetrically on the angle bisector of the incident and the

”• has the same direction as ]•
scattered beam and its magnitude is 2 sin š. Consequently †
its magnitude is

4Q sin š
’

”•
†

(3.19)

By considering only constructive interference and substituting Bragg’s law (›’
”• is reduced to
equation (3.19), where d is the distance between scattering centers, †
”•
†

]•4 and

2Q
›2

22 sin š) into

(3.20)

So far, we have only considered the case of scattering of an isolated particle which was postulated by
Guinier57 in the early 19th century (Figure 13a). If the sample consists of monodisperse, sufficiently
dilute solutions, the scattered intensities simply add up56 (Figure 13b). The task in small angle X-Ray
scattering consists of deducing the size, shape or electron density distribution from the scattering
curve. This task is known as the inverse scattering problem which is the problem of determining the
characteristics of an object from measured data. However, there is one parameter which can be
easily deduced from the scattering curve of dispersed particles, that is the interparticle distance.
Similar to the diffraction pattern produced by diffraction of light through a slit with spacing d, we can
”•,
deduce the interparticle distance from small angle X-Ray scattering curves. At a scattering vector †

where the intensity has a maximum we apply equation (3.20) to calculate d.
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Scattering vector h

d
Scattering vector h

Figure 13. Schematic intensity profiles for scattered X-Ray beams at small scattering angles. a) Scattering at a single
particle. b) Scattering at many, monodisperse particles.
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However, SAXS is usually done in transmission geometry which limits its application to samples with
a sufficiently high amount of scattering bodies and small substrate thicknesses. When the sample is
aligned in grazing-incidence geometry (Figure 14), the analysis of thin films on thick substrates
becomes possible.

Figure 14. Small angle X-ray scattering setup in grazing incidence geometry. The incidence is coming from the right and is
reflected (red) and refracted (orange) at the surface of the sample which contains nanoparticles and the substrate. The
scattered intensity is represented as an intensity map in the scattering plane.

In order to understand the scattering patterns gathered in a GISAXS geometry, some examples are
given in Figure 15. If the sample consists of lamellae that are oriented parallel to the surface plane,
the scattering is represented by stripes of high intensity at equidistant spacing along the qz direction
(Figure 15a). These stripes in the diffuse reflectivity are referred to as Bragg sheets. If the lamellae
are oriented perpendicular to the surface plane, the signature is correlation peaks parallel to the
interface of the lamellae, with a rod-like shape normal to the surface (Figure 15b). If the sample
consists of partially ordered or disordered lamellae, the scattering pattern contains rings or partial
rings of high intensity (Figure 15c).

a)

b)

c)

d)

qz
q||

Figure 15. GISAXS scattering patterns for exemplary orderings inside a sample. The intense specular reflection from the
surface is omitted. a) Lamellae parallel to the surface. b) Lamellae perpendicular to the surface. c) Tilted lamellae and d)
58
dispersed particles. Modified figure take from .
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If the incident beam is aligned at the critical angle for total external reflection ••

•œ it is reflected

and refracted primarily at the substrate. The refracted beam travels along the surface of the

substrate and the film and thus holds information of the film structure (Figure 14). In the scattering
plane the GISAXS intensity distribution corresponds to a detector scan in diffuse Reflectivity. The
intensity distribution parallel to the surface plane corresponds to a line cut through the
corresponding transmission SAXS pattern.
By analyzing the full GISAXS intensity map one can extract lateral and normal density correlations
which, for example, give information about the distribution of nanoparticles in a polymer matrix. This
makes GISAXS a nondestructive, versatile tool to characterize nanocomposite materials especially as
thin films.
Setup used in this work
The GISAXS experiments were done at the BW4 beamline of the HASYLAB @ DESY using the µ-focus
option. We operated the experiments at a sample to detector distance of 2.0 m, a wavelength of λ =
0.138 nm and a beam size of 32 x 17 µm59, 60 (horizontal x vertical). For our experiments an incident
beam angle of αi = 0.7° was chosen. We performed transverse detector scans of the full 2D scattering
pattern in reciprocal scattering plane (•|| ) to extract the scattering curves. The transverse cuts were

carried out at the maximum intensity of the Yoneda peak (αc = 0.19°)61. We deduced the correlation
length of our samples from the position of the correlation peak in the scattering curves. The error
was given by the full width half maximum (FWHM) of the peak.

3.3. Theory of cantilever mechanics
The equation which describes the motion of an oscillating cantilever with an external applied force F
as a time (t) dependent deflection z at point x along the cantilever length L is given by62.
Dw

ž \ ‚ ., O
ž. \

ž ‚ ., O
&
žO
·

? ., O

(3.21)

Herein m is the mass of the rectangular beam of width w and height h with an elastic modulus E and
a moment of inertia I. By solving equation (3.21) the corresponding Eigenfrequencies +y are given by
+y

’y
Dw
Ÿ
2Q& q@

(3.22)

where q is the density and A the cross-sectional area of the beam. ’y is the nth Eigenavalue (n = 1, 2,
3 …) which satisfies the condition cosh ’ · cos ’

1

0. The first three values for ’ are 1.875, 4.694
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and 7.855. For higher order modes n, the very accurate approximation ’ ¡ Q ‹›

• may be used.

Let us now consider a bar consisting of two materials with an elastic modulus E1 and E2 as well as a
moment of inertia I1 and I2 (Figure 16a). By using a combination of E1I1 and E2I2 we can write equation
(3.22) as63
’y
Dw
D w
Ÿ
2Q& q¢X£y · @ ,

+y
where q¢X£y

¤¥ ·¦¥ §¤} ·¦}
¦¥ §¦}

(3.23)

is the average density of the composite beam. A1,2 is the is the cross-

section of the composite beam.
By taking the shift of the neutral axis hn into account we can derive I1and I2 for the individual layers as
… (
¨†
3 y
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The position of the neutral axis can be expressed as
†y

2 D†

1

D †

· bD †

2D † †

D † c

(3.26)

A typical geometry for a composite beam made of two materials is given in Figure 16a. Herein the
cantilever is denoted with the subscript 1 and the coated material is denoted with the subscript 2.
Microcantilevers used in this work
The micocantilevers (Octosensis, Micromotive GmbH, Mainz, Gemany) which were used in this work
consist of an array of eight silicon cantilever bars attached to a chip (Figure 16b). The cantilevers
were 500 – 1000 µm long and had a thickness between 0.7 – 5.0 µm. Within one chip the thickness
variation is < 1%.
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a)
E2

b)

h2

E1
L

h1
w

Figure 16. a) Geometry of a coated cantilever sensor with of length L and width w. The cantilever consists of a material
with elastic modulus E1 and height h1, while the coating of height h2 has an elastic modulus E2. b) Dimensions of a typical
micromechanical cantilever array consisting of eight cantilever bars.

3.4. Inkjet printing of polymeric solutions
Devices for printing text or digital images on sheets of paper are nowadays the standard equipment
of offices and also gained big markets in private consumer products. The inkjet printing technique
was first developed in the early 1950 and got further improved mainly by Canon, Epson and HewlettPackard. However, in the past years engineers and scientists have invested much effort to design
inkjet printing devices for industrial and scientific deposition processes64.
In principle the technique is based on the ejection of liquid ink drops through a fine jet nozzle. In
most consumer printers the ejection of the ink is carried out via a thermal impulse which causes a
rapid pressure increase inside a tiny ink chamber. In inkjet printers used for material deposition in
science and technology the ejection is typically achieved with piezoelectric devices.
Setup used in this work
To print polymer solutions onto cantilever sensors we used a Nano-plotter NP 2.0 (GeSIM,
Grossmerkmannsdorf, Germany). The setup mainly consists of a mobile pipet dispenser which is
driven by step motors with a precision of ±10 µm (Figure 17a). The dispenser is equipped with a
piezo-driven micro nozzle (Nano-Tip) which produces drop volumes from 10 to 50 nL (Figure 17b).
The drop volume, the ejection speed and ejection frequency can be adjusted by tuning the electric
signal of the piezocrystal of the Nano-Tip. The software provided by the manufacturer allows a fully
automated operation of the system. In addition, manual guiding of the drop position is possible. The
respective drop position can be defined in a live image provided by a video microscope. The video
assisted drop positioning is suitable for more complex substrates, like microcantilever arrays.
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a)

b)

Dispenser

Ink reservoir
with piezocrystal

Nozzle
Camera

Figure 17. a) Nano-Plotter NP 2.0 with pipet dispenser and microscope camera for position control. b) The piezo driven
Nano-Tip nozzle with a small ink reservoir.

3.5. Finite Element Method (FEM) with ANSYS
To calculate the physical behavior of a structural element, self-consistent solutions are available to
calculate e.g. the displacement ∆. of a cantilever (Figure 18a) similar to equation 1).
?&(
3Dw

∆.

(3.27)

When the geometry is more complex, e.g. a simple structured L-braked (Figure 18b), there are no
self-consistent solutions and the above mentioned approach can not be applied. The basic concept in
FEM is therefore to divide a complex geometry into discrete small parts (Figure 18c). These parts are
called elements and their deformation can be described individually. The individual solutions are
then summed up to get the solution for the whole geometry. The individual elements are connected
via knots, i.e. points at the vertices of the elements. Each knot has 3 degrees of freedom (ux, uy, uz)
which describes his movement in space.

a)

F
L

b)

F

∆x

c)

uz

uy
ux

∆x

Figure 18. a) Displacement of a simple cantilever due to an applied load. b) For more complex geometries the
displacement can not longer be described with self-consistent solutions. c) Therefore the geometry is divided into
discrete elements.

By assuming equations for the displacement u, e.g. a linear equation (ª .
computes the equation of motion of a structure65.
¨p© · ¬ª- ®
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(3.28)

Herein M is the inertia matrix, C is the damping matrix and K is the stiffness matrix. For a given
applied load F, equation (3.28) can be solved by iterative methods. The time which is needed for the
computation of (3.28) depends on the number of elements which are “meshed” over the geometry. If
the solution of (3.28) is known, all other physical values like stress, resonance or restoring forces can
be derived.
3.5.1 Modal analysis
Resonant vibration is mainly caused by an interaction between the inertial and elastic properties of
the materials within a structure. To better understand any structural vibration problem, the resonant
frequencies of a structure can be analyzed with finite element methods. Modal analysis has become
a widespread means of finding the modes of vibration and the resonance frequencies of structural
elements and arbitrary geometries.
The modes of a structure describe their inherent properties which are determined by material
properties like mass, damping, stiffness/rigidity and boundary conditions. Each structure has an
infinite number of modes which are defined by a resonance frequency and a mode shape. To
calculate the resonance frequency and the mode shape we can make use of the concept of singledegree-of-freedom systems (SDOF).
A SDOF system is mathematically described similar to equation (3.14) and (3.28) as:
ª- O

°ª̄ O

Gª O

+ O

(3.29)

where m, c and k are the mass, the damping coefficient and the spring constant respectively.
±¬+ O ® and assuming zero initial

Transforming equation (3.29) to the Laplace domain ? ]
conditions yields:

² ] ·³ ]
with s being the complex number ]
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(3.30)
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transfer function ´ ] between displacement u and force F, ³ ]

of the dynamic stiffness
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G the dynamic stiffness. The

´ ] · ? ] , equals the inverse

(3.31)

Since the roots of the denominator of the transfer function are the poles of the system, for small
damping coefficients we get ’

E µ JN¶ with +¶

N¶ /2Q as the damped resonance frequency
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and a damping ratio $

œ
¢·o

E/|’| for the undamped resonance frequency Ny

‰G/

|’|.

The properties of a more complex multiple-degree-of-freedom (MDOF) system, given by equation
(3.28), can always be represented as the linear superposition of a number of SDOF characteristics66.

Figure 19. Result of a modal analysis of a cantilever geometry. The image shows the shape of the second resonance mode
where displacements are indicated with a color map.

The FEM modal analysis is therefore a convenient way to simulate the mechanic behavior of coated
cantilevers (Figure 19) and offers the possibility to identify critical parameters of the coating process.
Once the geometry is designed, most parameters like film thickness, elastic modulus and film
homogeneity can be iterated to find best results or to fit them to experimental data.
Software used in this work
To simulate the resonance frequencies of the cantilevers used in this work we employed the ANSYS
DesignSpace software package. The iterations of the parameters were done using the ANSYS
Workbench 12.1 on a HP-Workstation xw4600.
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4. PEMA-g-µgels and Dispersions with like
Homopolymers
4.1 Preparation of PEMA matrix polymers
The matrix PEMA polymers were prepared according to Ramakrishnan et al.67 in 50 vol-% anisole
solution at 32°C. Polymers with a molecular weight > 200 kg/mol were prepared by living anionic
polymerization. In this case we used sec-buthyllithium/1,1-diphenylethylene in THF at -70°C as the
initiator system. MeOH was chosen for termination. The PEMA homopolymers were produced in a
controlled fashion as indicated by the narrow polydispersity index. The molecular weight in all cases
was above the entanglement regime (Me < 10k g*mol-1)68.

Table 3. Polymer characteristics for PEMA matrix homopolymers

Abbr.

Mw [g/mol]

PDI [Mw/Mn]

Tg [°C]

12k

11700

1.20

68

15k

14600

1.22

68

19k

18600

1.15

67

36k

36400

1.12

69

75k

75400

1.14

73

98k

98400

1.23

72

101k

100900

1.21

73

140k

139800

1.27

78

178k

177800

1.28

83

269k

269200

1.11

87

4.2 Cleaving of the grafted PEMA-chains
In order to analyze the PEMA brushes by GPC, the core of the nanoparticles was dissolved with
hydrofluoric acid. Dissolution was accomplished adapting a procedure described by Marutani et al.69
for PMMA-brushes and modified to work for PEMA brushes too. In a poly(ethylene) flask 80mg of the
PEMA-g-µgel particles were dispersed in 10 ml of Toluene by means of 10 min ultrasonification and
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90 min vigorous stirring. 0.7 g of the phase transfer catalyst Aliquat 336 (Alfa-Aesar) and 3 ml of 5 wt% HF were added. During two hours of stirring the cores were dissolved. Stirring was stopped and the
aqueous layer was allowed to separate from the organic layer. The aqueous layer was removed from
the bottom of the flask using a syringe and discarded after neutralization. The organic layer
containing the PEMA was stirred with 20 ml of a saturated aqueous solution of NaHCO3 to neutralize
residual HF. In a separating funnel the organic phase was separated and subsequently concentrated
under reduced pressure. The polymer was precipitated in a mixture of 8/2 ml of MeOH/Millipore
water, filtered (G2 glass filter crucible) and dried in a vacuum.

HF (5 wt-%), TOC , toluene
2h

Figure 20. Cleaving the PEMA-brushes from the µgel-particles with a phase-transfer catalyst Aliquat
336.

4.3 Characterization of the cleaved PEMA-chains
Because the interaction between matrix polymer and grafted polymer brushes depends on their
molecular weights, the determination of brush molecular weight was essential. Dissolution of the
µgel particles with HF was carried out and the free polymer recovered and subjected to GPC
measurements (green dash-dotted curve, Figure 21). This result was compared to the GPC-results of
the µgel particles (black dashed curve) and the PEMA-g-µgels (red solid curve).
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Figure 21. Representative GPC-results for the µgel-particles (black dashed line), the PEMA-g-µgels (red solid line), and the
cleaved PEMA brushes (green dash-dotted line).

The size of the particles increased after polymerization is represented by a decrease in retention
volume from 20 ml to 11 ml due to the addition of the polymer brushes. Dissolution of the core with
diluted HF gave “free” PEMA with a retention volume of 23 ml. From the retention volume of the
free PEMA we estimated the number average molecular weight Mn = 26100 g/mol, a mass average
molecular weight of Mw = 37700 g/mol and the polydispersity index PDI = 1.45 of the PEMA brushes,
(by comparing the data with a PMMA standard with known Mn and PDI) after cleaving them from the
µgel-particles. In conclusion, the GPC-data confirmed the successful grafting as well as the cleaving of
the brushes.
Several questions arise when looking in detail at the GPC. The GPC curve of the particles (black,
dashed) has a shoulder at lower retention volume. A reason for this shoulder could be the presence
of aggregates. The GPC curve of the core-shell particles (red, solid) has a second, but much smaller
peak at a higher retention volume, comparable to that of the cleaved polymer (green, dash-dotted).
This peak is attributed to the formation of unbound polymer during polymerization. Thus we
concluded that the polymer in solution grew to the same length as the polymer on the surface of the
particles. For the measurement of the cleaved polymer the question arises as to why we observed a
PDI of 1.45 in GPC. This was unusually high for a controlled reaction and could result in an elevated
polydispersity of the PEMA-g-µgels. An explanation could be that the HF-treatment hydrolyzed some
of the ester groups. In order to support the success of the synthesis and our hypothesis from GPC
data, we have performed DLS and SPM measurements of µgel-particles and PEMA-g-µgels.
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4.4 Characterization of individual particles
4.4.1 Determination of grafting density
Besides the molecular weight of immobilized chains and the size of the filler µgel-particle, the
grafting density of grafted PEMA can be estimated by using the following equation
Γ

› ;Dp@
› ¸`{, · “^-OJ°,{ ]ª-+^°{

(4.1)

where n(PEMA) = 1.12 * 10-7 mol and n(µgel) = 1.5 10-10 mol were obtained by TGA70. The particle
surface (1018 nm2) was calculated from SPM measurements of the µgel-particles (shown later). We

calculated a grafting density of Γ= 0.7 brushes*nm-2.
4.4.2 Dynamic Light Scattering

To clarify if the presence formed aggregates, as indicated by the shoulder in the GPC curve, we
performed dynamic light scattering on the µgel-particles and the PEMA-g-µgels. The hydrodynamic
radius of the µgel-particles (5¦

¹ºX» ¼£W••œ»Xƒ

) was determined by the average value of the data

obtained from five different scattering angles (30°-150° in steps of 30°). The measurement resulted
in a hydrodynamic radius 5¦

¹ºX» ¼£W••œ»Xƒ

of 14 ± 1 nm. The error is the standard deviation of the

mean value obtained from 5 scattering angles. After the “grafting from” of the PEMA chains we
found an increase in the hydrodynamic radius of the PEMA-g-µgel particles (5¦
48 µ 2nm).

60

:½¾¿ º ¹ºX»

PEMA-g-µgels

50
Rh [nm]

40
30

µgel-Particles

20
10
0
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angle [°]
Figure 22. Hydrodynamic radius Rh of µgel-particles and PEMA-g-µgels at different scattering angles, calculated from DLS
measurements.
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The brush shell thickness was calculated by
,« ~
resulting in ,« ~

5¦

:½¾¿ º ¹ºX»

5¦

¹ºX» ¼£W••œ»Xƒ

(4.2)

34 µ 2 › .

Comparison of experimental data and theory
An estimation for the radius of such swollen particles could be made by considering the model for
star shaped polymers explained earlier. Before we apply this model to our system of polymer-grafted
nanoparticles, we have to bear in mind that the model of Daoud and Cotton assumes a star shaped
polymer. The main difference between a star shaped polymer and a polymer-grafted nanoparticle is
the core region. In a star shaped polymer the core consists of polymer chains, where each
monomeric unit contributes to the radius of the star. The segment density stays constant up to a

certain radius - . In a polymer grafted nanoparticle the core consists of a different material which is
not accounted in the model. However, for high grafting densities, i.e. 0.7 brushes * nm-2 as calculated

for the µgel particles using equation (4.1), and small nanoparticles we expect that the segment
density stays constant with increasing distance to the particle surface up to a certain value (referring
to - in Figure 3 and Figure 4). So the calculations according to Daoud and Cotton should reflect the

length of the polymer brush which is attached to the µgel-particle.

Taking the radius of the µgel-particles and a grafting density of Γ

0.7 «-ª]†{]⁄›

calculate the number of brushes + grafted on one µgel-particle by +

4Q- ⁄Γ

, we can

1724 µ 255.

Furthermore, from the molecular weight of the brushes, which was determined by GPC, we can
calculate the number of monomeric units
monomeric unit ,XYY

relation (2.8) to ,«œ£»œ
,« ~

0.2546 ›

33 µ 1 ›

51

330, each having a effective bond length of a vinyl

. Thus we are now able to estimate the brush length by using

which is in perfect agreement to the measured brush length of

34 µ 2 › . These results lead us to some important conclusions:

1. The determination of the brush molecular weight by GPC after cleaving the brushes from the
µgel-particles and the evaluation of the grafting density by equation (4.1) gave reasonable
results.
2. The unusual high PDI for the cleaved PEMA brushes was a result of the cleaving process
because a high polydispersity would also affect the hydrodynamic radius of the PEMA-g-µgels
which in turn would lead to a bigger difference to the calculated values.
3. The length of the grafted brushes measured by DLS is in perfect agreement with the length
calculated by the model of Daoud and Cotton.
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Cleaning of silicon wafers
The silicon wafers we used as a substrate for SPM and GISAXS-measurements
GISAXS measurements were cleaned by
treating them in an argon plasma for 10 min at a pressure of ~2*10-2 mbar in a commercial plasma
cleaning setup operating at 30 watt plasma power (PDC-002,
(PDC 002, Harrick Plasma, USA).
4.4.3 Sample preparation for SPM and GISAXS measurements
We prepared the samples in the following way. We mixed PEMA-grafted
PEMA grafted µgels with core volume
fractions (Φc) of 0.26 and 0.49 with homopolymers of different molecular weight (Table
(
3). The
particle-matrix
matrix system was diluted in toluene (p.a. - grade, Riedel de Haën) yielding a concentration
of 100 mg/mL and treated with ultra-sound
ultra
forr 15 min. To prepare samples for GISAXS
measurements we spin-coated
coated (2000 rpm, 30 sec) the solution on pieces of silicon wafer (Si-Mat,
(Si
CZ),
previously cleaned as described above. The thickness of these films varied between 400 and 600 nm.
Furthermore, we prepared samples of PEMA-grafted
PEMA
µgels and non-modified
dified µgel-particles
µgel
without a
homopolymer matrix in the same way.
4.4.4 SPM-Imaging
By SPM-imaging of µgel-particles
particles which were spin coated on a silicon wafer we found that the µgel
particles were well-distributed
tributed over the wafer and single particles could be addressed for analysis
(Figure 24a,
a, c). More than 100 µgel-particles
µgel particles were analyzed and a Gaussian distribution was fitted to
the histogram of the height distribution
distrib
(Figure 24b,
b, I). The fit has a maximum at 18 ± 1 nm which
results in a radius of the µgel-particles
particles denoted as rc = 9 ± 1 nm. The height of the particles (h
( p) is
given by the displacement of the SPM-tip
SPM
in z-direction
direction during a scan across a particle. To measure
the width of a particle, we have to take the tip convolution
convolution into account. As long as the tip is much
sharper than the feature, the true edge profile of the feature is represented in the cross-section.
However, when the feature is sharper than the tip, the image will be dominated by the shape of the
tip. In Figure 23aa the origin of tip convolution is demonstrated. The lateral distance x is much larger
than the height of the particle hp (Figure 23b).

Figure 23.. Schematic illustration of SPM-imaging
SPM imaging of features with a size comparable to the tip size. Lateral dimensions
have to be corrected with the tip diameter. b) Topographic cross-section
cross
of a µgel-particle.
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We observed some aggregates of µgel-particles
µgel
(Figure 24a)
a) which could explain the shoulder in the
GPC curve for the µgel-particles
particles (Figure
(
21,, black, dashed). Furthermore, comparison of the DLS
(Rh(µgel-particle) = 14 ± 1 nm) and SPM (r
( c = 9 ± 1 nm) measurements showed that the hydrodynamic
radius was about 5 nm larger than the radius of µgel-particles
particles in the dry state. The reason for this
discrepancy was most likely the swelling of the µgel-particles
µgel articles in solvent during the DLS measurement.

Figure 24. a) Topography image of µgel-particles.
µgel
b) Histogram data of the height of µgel-particles
particles (I), height of PEMA-gPEMA
µgels (II) and diameter D of PEMA disk (III). c) Topography image of PEMA-grafted
PEMA
µgels spin-coated
coated on a silicon wafer. d)
Phase-contrast
contrast image where the PEMA brushes appear as a bright disk with diameter D around the core.

We found an increase in height of 3 nm for the PEMA-g-µgels
PEMA
(Figure 24b,
b, II) compared to the
unmodified µgel-particles.
particles. This increase was attributed to the presence of PEMA brushes underneath
and on top of the µgel particle as sketched in Figure 25.. From the topography image (Figure
(
24c) the
PEMA-g-µgels
µgels appear as heightened dots, whereby in the phase-contrast
phase contrast image the brushes appear
more intense as a disk around
und the µgel-particle
µgel
(Figure 24d).
d). The small features between the PEMAPEMA
g-µgels
µgels could be free polymers as the peak at bigger retention volumes in GPC data (Figure
(
21, red,
solid) suggests.. To determine the
th brush shell thickness we have the obtained radius rc of µgel
particles likewise from topography images and the diameter (D
( = 114 ± 8 nm) of the disk of PEMA-gPEMA
µgels from the phase-contrast
contrast image (Figure
(
24d). An estimate of the brush shell thickness from SPM
results was obtained on the basis of a geometric model (Figure
(
25)) and the following equation.
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,Á
The brush shell thickness ,Á

:¾

vA
2

:¾

-œ

(4.3)

was determined to be 48 ± 8 nm. The error was calculated via

Gaussian error propagation. A calculation using the same degree of polymerization as our polymer
brush (N = 330 monomeric units) having an effective bond length (,XYY
monomeric unit
-œÂy•

0.2546 › ) of a vinyl

· ,XYY

(4.4)

yields the conventional contour length -œÂy• of 84 nm. This value is the maximum end-to-end
distance of a physically completely stretched chain (all-trans conformation). This implies that the

PEMA brushes are spread on the silicon wafer to 57% of the contour length. Comparison of the DLS
(,Á

~

= 34 ± 2 nm) to the SPM (,Á

:¾

= 48 ± 8 nm) measurements showed a discrepancy of 15 nm

between the swollen state of the brush in DLS measurements and a dry, but spread state in SPM
measurements. This result showed that the brush is more stretched on a substrate (e.g. silicon wafer)
than in toluene solution.

rc

hp

lb
D
Figure 25. Schematic illustration of a PEMA-g-µgel particle of height hp lying on a silicon substrate. The diameter of the
PEMA-brush disc D and the radius of the core particle rc were taken to calculate a brush-shell thickness lb. Dimensions do
scale.

4.5 Characterization of dispersions of PEMA-g-µgels and homopolymers
After characterizing the neat µgel-particles, the polymer brushes, the PEMA-g-µgels and the
homopolymers we investigated the distribution and dispersion behavior of the PEMA-g-µgel particles
dispersed in PEMA homopolymer matrices. We chose PEMA-g-µgel dispersions with core volume
fractions of Φc = 0.26 and 0.49, corresponding to 20 and 40 wt.%.
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Surface imaging of PEMA-g-µgels dispersed in a homopolymer matrix
By analyzing the phase-contrast images of Φc = 0.26 samples, the PEMA-g-µgels appeared as bright
areas and the homopolymer matrix as darker areas. In the case without a matrix homopolymer
(Figure 26, P = 0k), we observed a dense packing of the PEMA-g-µgels. For the matrix with the lowest
molecular weight we observed distributed PEMA-g-µgels (Figure 26, P = 12k). The dispersion became
unstable (Figure 26, P = 101k) with a higher matrix molecular weight and finally aggregates (Figure
26, P = 269k) were formed.

P = 0k

21°

P = 12k

1 µm

P = 101k

1 µm

P = 269k

1 µm

1 µm

0°

Figure 26. Phase-contrast images of PEMA-grafted µgels (ÃÄ = 0.26) dispersed PEMA matrix homopolymer with different
molecular weights. PEMA-grafted µgels appear as bright dots embedded in a matrix with darker contrast.

In order to compare the different compositions more quantitatively, it would be very useful to find a
parameter which relates the dispersion behavior with the N/P ratio. The distance between
neighboring particles and the distribution of distances indicates aggregation or homogenous
distribution of particles, therefore the nearest neighbor distance might be a possible indicator. The
SPM images seen above contain all information we need to extract this distance and their
distribution.
NN1-Distance calculation
The images of PEMA-g-µgels dispersed in a homopolymer matrix were analyzed by applying a
straightforward k-nearest neighbor algorithm written in MATLAB. In this algorithm particle positions
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were assigned by hand and the Euclidian distance between each particle in the overall image was
calculated using:
Å

Æb.Ç

.• c

b—Ç

—• c

(4.5)

xj, yj are the coordinates of the particle of interest and xi, yi are the coordinates of every other
particle in the image respectively. NNv indicates an array of all k-nearest neighbors for a particle v in
which (0 < k < n-1). n is the number of all particles observed. In the following we will use NN1Distance as an abbreviation for the first nearest neighbor distance. To understand the results of this
analysis and to interpret the results correctly I like to give some exemplary results of test images that
have been analyzed with the algorithm. The basic test image consists of grid of 10*10 squares with a
lattice length of 100 nm. If we distribute imaginary particles randomly over this grid (Figure 27a), the
first nearest neighbor distance NN1 should have a Gaussian distribution (Figure 27b). The maximum
of this Gaussian represents the average distance of neighboring particles. In case of the test image in
Figure 27 we distributed n=50 particles randomly over the grid. The maximum is at 113 nm with a
standard deviation of ±22 nm.
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Figure 27. Results for the NN1 analysis of homogenous particle distribution over a given area. a) The test grid with 50
imaginary particles represented as red dots. b) Histogram of the first nearest neighbor distance. c) Histogram of all
calculated distances.

For (J, È

›

1) we achieve 1225 values using equation (4.5) for n=50 particles (Figure 27c). The

nearest neighbor distance can also be deduced from the histogram of all calculated distances (Figure
27c, first arrow “1”). Furthermore, the second nearest neighbor distance (165 nm), which also has a
Gaussian distribution, can be deduced from the histogram of all distances (Figure 27c, second arrow
“2”). If we assume a situation where the particles tend to accumulate at the edges of the sample, e.g.
because of interface effects (Figure 28a), we can deduce the different length-scales of the
distribution by analyzing the NN1-Distance and the histogram of all distances. In the NN1-Distance
histogram (Figure 28b) we can see two distributions. The first one representing the NN1-Distance
between the particles on the left and right face of the grid with of 65 nm. The second one represents
the NN1-Distance (183 nm) of the particles in the center of the grid. The distance of the particles on
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the left to the particles on the right side of the grid can be deduced from Figure 28c. Here the peak at
805 nm indicates the distance between the “lined up” particles.
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Figure 28. Results for the NN1 analysis of an inhomogeneous particle distribution over a given area with a preference of
the particles to the left and right face of the grid. a) The test grid with 50 imaginary particles represented as red dots. b)
Histogram for the first nearest neighbor distance. c) Histogram for all calculated distances

In conclusion, the analysis of the NN1-Distance and the histogram of all distances provides
information of interparticle distance and preferred particle positions, i.e. in case of particle
accumulation at interfaces (Figure 28a). The presented straight forward algorithm which calculates
the Euclidian distance between particles may therefore be a tool to analyze particle mixtures with
homopolymers of different composition.
In Figure 29 we plotted the NN1-Distance, obtained by the analysis of the phase contrast images of
samples with different matrix Mw , as a function of the N/P ratio for both Φc. For the sample without
homopolymers (Figure 26, P = 0k), we observed a NN1-Distance of 38 ± 4 nm (Figure 29a, star). This

means that for two neighboring µgel particles each having a radius of - œ = 9 ± 1 nm the brush shell

thickness ,Á

:¾,£ƒƒX¢Á»É

can be calculated by
,Á

:¾,£ƒƒX¢Á»É

We calculated the thickness of the brush shell ,Á

2

-œ

:¾,£ƒƒX¢Á»É

(4.6)

= 10 ± 2 nm. For high molecular

weight of the matrix with a ratio of N/P = 0.14 and 0.21, we observe a NN1-Distance of 38±6 and

39±6 nm respectively for the low core volume fraction. For the high core volume fraction we
measured a NN1-Distance of 37±6 and 38±6 nm respectively. Compared to the sample where no
homopolymer is present we can conclude that within the aggregates at low N/P ratios there is no
homopolymer present as depicted in Figure 6c.
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Figure 29. Particle distance as a function of N/P a) for a core volume fraction Φ c = 0.26 and b) for a core volume fraction
Φc = 0.49. The stars represent the respective samples without matrix polymer.

As we have seen from DLS measurements, if the brush is swollen by a good solvent like toluene, the
thickness of the brush-shell is about 34±2 nm. In the dry state when spread out on a silicon wafer,
the brushes even extend to a length of 48±8 nm as measured by SPM. So at small N/P ratios, the
brushes must be contracted and/or interpenetrate each other to a certain extend. If the N/P ratio is
increased, or in other words the molecular weight of the matrix is decreased, we observe an
increasing NN1-Distance for both core volume fractions until reaches a maximum of 63±8 and 56±8
nm for Φc = 0.26 and Φc = 0.49 respectively. The increasing NN1-Distance indicates that the polymerbrushes start to swell when the matrix Mw decreases. For Φc = 0.26 a plateau is reached at which the
NN1-Distance does not increase any more at N/P > 0.5, i.e. matrix Mw = 75400 g/mol. For Φc = 0.49
the plateau is not as distinct as for Φc = 0.26 but the NN1-Distance does not increase significantly for
N/P > 0.3, i.e. matrix Mw > 126000 g/mol. We may therefore say that a transition between well

dispersed and aggregated PEMA-g-µgels appears at N/P Ê 0.5 for Φc = 0.26 and at N/P Ê 0.3 for Φc

= 0.49.

In contrast, Dutta and Green71 observed a transition between stable and aggregated states of PDMSg-silica particles in concentrated polymer solutions at a N/P ratio ~1 by DLS. The first argument for
this difference could be that in our study the interface between the polymer and air plays a role
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when the PEMA-g-µgels distribute at the surface of our samples. As we have seen in Figure 2a, a
molecule located at the liquid-gas (L-G) interface looses half of its attractive interactions. If we
transfer this concept to the PEMA-g-µgels located at the L-G interface (the liquid in our case is the
polymer melt) we might expect a distance between particles that is larger than it would be inside the
bulk material. For brush coated particles which are dispersed inside the melt it is hard to calculate
the interacting forces. Wijmans et al.72 used self-consistent field methods to calculate the interaction
potentials between two parallel plates with grafted polymer brushes in the presence of nonadsorbing, “free” polymer chains. For free polymers that are larger than the brush (N/P < 1), a
depletion-induced attraction appears between the grafted plates. For a fixed grafting density this
attraction becomes stronger with increasing free polymer length.
To answer the question, whether the distance between particles is larger at the surface than inside
the bulk material, we prepared cross-sections of the above presented samples by fracturing them as
depicted in (Figure 30b). The fractured faces were then imaged by SPM.

a)

b)

c)

Film

Substrate
Figure 30. Preparation of cross-sections for SPM imaging. A sample a) is fractured b) and the cross-section is imaged c).

SPM-Imaging of fractured surfaces
In Figure 31a we present the topography image of a fractured sample (Φc = 0.26) with molecular
weight of the homopolymer Mw = 18500 g/mol, reflecting an N/P ratio of 2.04. The flat area on the
right side of the image is the fractured silicon substrate. It is followed by a ~500 nm thick
homopolymer film containing the PEMA-g-µgels and a dark area which is air. Some of the PEMA-gµgels are torn off the fractured surface and appear as highlighted dots in the image with a height of
about 30-40 nm. The holes also have a diameter between 25 and 40 nm indicating that particles were
torn off this cross-section but remained on the other face of the section. Interestingly the height of
the particles is much larger than the height of the particles measured in dry state (21 nm) by SPM
(Figure 25). This indicates that the torn off PEMA-g-µgels are swollen by the short matrix chains and
thus their diameter is increased. In Figure 31b the respective phase contrast image is shown.
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Figure 31. Fractured sample of PEMA-g-µgels (Φ
Φc = 0.26) dispersed in PEMA homopolymer (Mw =18500 g/mol). a) Height
image and b) phase contrast image. The inset in (b) shows the NN1-Distance distribution measured from the phase
contrast image.

The inset in Figure 31b shows the NN1-Distribution of the PEMA-g-µgels measured from the phase
contrast image. To achieve this histogram, not only the particles but also the holes were assigned for
the calculation, because a hole represents the position of a particle which remained on the other side
of the fractured face. A Gaussian distribution was fitted to the histogram to calculate the average
NN1-Distance and the standard deviation. We have calculated a NN1-Distance of 54±15 nm which is
lower than the one measured at the unfractured surface 63±8 nm.
The cross-section of a sample with high molecular weight matrix (Mw = 177800 g/mol) is presented in
Figure 32, having a N/P ratio of 0.21. The film thickness here was > 1 µm, so the scanned area does
not cover the air interface as shown in Figure 31. The topography of the fractured surface (Figure
32a) is much rougher than for the low Mw sample and shows elongated, wormlike structures. The
silicon substrate on the right side of the image is not clearly visible in the topography image but
highly contrasted in the phase contrast image (Figure 32b). Neither in the topography image, nor in
the phase contrast image single PEMA-g-µgels could be clearly addressed for NN1-Distance analysis.
Though, the elongated, wormlike structures might be agglomerated PEMA-g-µgels as could be seen
from a detailed analysis of these structures in the phase contrast image (blue circles, Figure 32b). The
features marked with the blue circles in Figure 32b might be PEMA-g-µgels, but, however, the
number of them was not sufficient for statistical analysis. The preparation of the cross-sections with
a focused ion beam may lead to smoother surfaces and may allow an analysis of the NN1-Distance.
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Figure 32. Fractured sample of PEMA-g-µgels (Φ
Φc = 0.26) dispersed in PEMA homopolymer (Mw =177800 g/mol). a)
Height image and b) phase contrast image.

However, for the low Mw matrix, the discrepancy in the NN1-Distance between an unfractured
surface and a cross-section supports the hypothesis we made for particles having more attractive
interactions inside the bulk material than particles at the surface. Nevertheless, the standard
deviation of the NN1-Distance is much larger for the cross-section than for the unfractured surface.
So the discrepancy and the high standard deviation might be caused by the fracturing process. It
would be therefore desirable to investigate the dispersion of the PEMA-g-µgels in a sample that is
undisturbed, e.g. without preparing cross-sections, and additionally being able to get information of
the distribution inside the sample. We therefore carried out GISAXS measurements of the same
samples which were discussed above.
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4.6 GISAXS measurements
In a typical GISAXS experiment, from the scattered intensity map one can extract a quantity which is
related to the correlation length of the scattering bodies. In general the correlation length is defined
as the distance from a certain point beyond which there is no further correlation of a physical
property associated with that point. A typical scattered intensity map of our samples is shown in
Figure 33. The intense specular reflection from the surface is blocked by a beamstop located at the
upper part of the image. The primary beam is blocked by a second beamstop located in the lower
part of the image.

Specular reflection
beamstop

Transverse detector
scan-line in the
scattering plane q ||

Primary beamstop

Figure 33. Typical scattered intensity map obtained from a GISAXS experiment. Matrix Mw 17400 g/mol and Φ c = 0.49.

We interpreted the measured correlation length as the averaged centre of mass distance between
neighboring particles. Transverse detector scans of the full 2D scattering pattern in reciprocal

scattering plane •|| result in a scattering curve which contains information about the correlation of

the sample. Therefore we determined the correlation length of our samples as the position of the
correlation peak.
In Figure 34 we show the transverse detector scans of four PEMA-grafted µgel – homopolymer
samples with a core volume fraction ΦÌ = 0.49. Curve I represents the pure PEMA-g-µgels without
any homopolymer matrix, followed by curve II representing a homopolymer Mw of 19k, curve III:

36k and curve IV: 178k.
For samples of the PEMA-g-µgels without homopolymer matrix, we expected the brushes to be
contracted and to some extent interpenetrated. Thus inter-particle distance should be small. We
calculated a distance of Λ = 41 ± 9 nm for this case.
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Figure 34. GISAXS spectra of four PEMA-grafted µgel – homopolymer dispersions (volume fraction Φ c = 0.49) . The Mw of
the matrix polymer was varied from I to IV as follows. I = no homopolymer (0k), II = 19k, III = 36k and IV = 178k. The
curves have been multiplied by factors of 10² in the ordinate for clear visualization.

In the absence of a homopolymer matrix the distance between two neighboring µgel-particles, each
having a radius of rc = 9 ± 1, is referred to the brush shell thickness (,Á

Í ¿Î

) of the grafted polymer

brush and can be calculated from GISAXS data in analogy to equation (4.6) as:
,Á

Í ¿Î

We calculated a brush shell thickness of ,Á

Í ¿Î

data obtained by SPM (,Á

:¾,£ƒƒX¢Á»É

Λ
2

-œ

(4.7)

= 12 ± 5 nm. This is in good agreement with the

= 10 ± 2 nm). The brushes were contracted and

interpenetrated one another. Comparing these brush shell thicknesses to the value obtained by DLS
for a wet brush (,Á

~

= 34 ± 2 nm) the brushes contracted to nearly a third in absence of solvent or

matrix polymer. The correlation lengths for particles dispersed in homopolymer matrices with
varying molecular weight are plotted in Figure 35 for both core volume fractions.
For ratios N/P < 1 we observed a small inter-particle distance for both core volume fractions. The
brushes expel the surrounding high Mw matrix and the dispersion is unstable. Since the intensity of
the correlation peak decreased with increasing molecular weight of the matrix, there must be
contributions of other correlation lengths leading to a more shoulder-like shape of the peak (Figure
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34, IV). These contributions may come from a broader inter-particle distance distribution which is
also shown in SPM images (Figure 26). At the highest molecular weight of the matrix at 178000 g/mol

measured in GISAXS (N/P = 0.21), the particles had a distance of Λ = 43 nm which indicated that the

particles formed aggregates, which have a similar inter-particle distance like the above-mentioned

Correlation length Λ [nm]

dry brush systems without a matrix (Figure 34, I).

80
60

a)

40
20
80
60

Φc = 0.26

b)

40
20

Φc = 0.49
0 0.1

N/P

1

Figure 35. Correlation length Λ as a function of N/P a) for a core volume fraction ÃÄ = 0.26 and b) for a core volume
fraction ÃÄ = 0.49. The stars represent the respective samples without matrix polymer.

Mixing of the particles with low molecular weight matrices led to swelling of the brushes and an

increase of inter-particles distance up to Λ = 62±8 nm (ΦÌ = 0.26, P = 12k) and Λ = 56±8 nm (ΦÌ =

0.49, P = 12K). The particles were distributed throughout the matrix and no aggregates were visible

in SPM images. If we compare the NN1-Distance of the cross-section (54±15 nm) with the NN1Distance measured at the unfractured surface (63±8) and the correlation length of (Λ = 62±8 nm)
measured by GISAXS we can conclude that the fracturing process had an influence on the
interparticle distance. The shape of the curves in Figure 35 and the absolute values of the correlation
lengths are in good agreement with NN1-Distance measurements at the surface of the sample (Figure
32).
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4.7 Dynamic Mechanical Thermal Analysis
Here it is the aim to design a composite material that has the mechanical properties of the pure
matrix polymer (e.g. elastic modulus) while the other constituent (e.g. nanoparticles) add or
enhances wear resistivity. The nanoparticles which were used in this work consist of a “soft” network
of silicon-organic compounds which could be swollen by solvent as seen from DLS measurements.
We therefore expect a less pronounced reinforcing effect (in terms of elastic modulus) than one
would expect from solid, hard nanoparticles when blended with a polymer matrix.
We have shown before that the dispersion behavior of PEMA-g-µgels depends on the Mw ratio of
brushes to matrix polymer (N/P). It is evident that a well dispersed system shows different
mechanical properties than a phase separated system. One can imagine that an armored concrete
beam will fracture under load when the steel armor is only incorporated at one end of the beam.
Following this train of thought, the contribution of the PEMA-g-µgels to the elastic modulus of the
composite should also depend on the N/P ratio.
In this chapter I will investigate how the composition of N/P and core volume fraction due to the
addition of PEMA-g-µgels influences the elastic properties of the composite. I will discuss the effect
of unmodified µgel particles as well as the effect of the polymer brushes on the mechanical behavior
of the composite. The beneficial effect that is served by the PEMA-g-µgels, namely the enhanced
wear resistivity, is then discussed in chapter 7.

P a g e | 51

DMTA of neat homopolymer
The result of a DMTA measurement for a PEMA homopolymer (Mw= 36400 g/mol) is given in Figure
36. The mastercurves for the storage and the loss moduli at Tref = 70°C are showing the typical
regimes for a viscoelastic material. At high frequencies, in the glassy state, the storage modulus G’
predominates and reaches the value of about 5*108 Pa. In the segmental flow region at around
107 Pa the loss modulus G’’ predominates and decreases slower than G’. This slow decrease is due to
the energy dissipation in the form of heat, caused by friction in the main chain segments, which
consist of a few repeating units that become mobile and as a result begin to move. Also in this region

the loss tangent (tan P) has a local maximum which indicates high damping due to the movement of
the segments.

9

10

10

G‘
G‘‘
1
tan δ

tan δ

G', G'' [Pa]

7

10

5

10

3

10

1

10 -10
-8
-6
-4
-2
0
2
10
10 10 10 10 10 10

Freq [rad/s]

4

10

0.1

Figure 36. Exemplary mastercurve of G’ (filled circles) and G” (open squares) and loss tangent (tan Ð) as a function of
frequency for homopolymer with Mw = 36k. The reference temperature to construct the mastercurve was 70°C.

As the frequency decreases further, G’ and G’’ are reaching the viscoelastic regime where elastic
behavior dominates (G’ > G’’). We observe a local minimum of the loss tangent and can therefore
determine the plateau modulus according to equation (3.10) and an entanglement molecular weight
according to equation (3.11) which results in 3.8*105 Pa and 9340 g/mol respectively. In the viscous
flow regime at low frequencies, dissipation of energy prevails and G’’ predominates. The polymer
starts to creep.
DMTA of low Mw matrix composites (N/P > 1)
For samples where the PEMA-g-µgels were blended with homopolymer of Mw = 18500, i.e. at a N/P

ratio of 2.03 we observed a plateau modulus for Ñœ = 0.26 of 4.4*105 Pa for the homopolymer and
5.2*105 and 4.8*105 Pa for the blended samples (Figure 37a). No horizontal shift was observed for

both composites compared to the homopolymer. The mastercurves were showing the same shape
which implies similar mechanical behavior of the homopolymer and the composite as it was desired.
In both samples (Ñœ = 0.26 and 0.49) we observed that they start to creep at higher temperatures
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(i.e. lower frequencies) than the homopolymer. The enhanced creep behavior might be a hint of
improved interfacial interaction between PEMA-g-µgel particles and the homopolymer.73
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Figure 37. Mastercurves for blends of PEMA-g-µgels with homopolymers of Mw = 18500 g/mol for core volume fractions
of 0.26 (a) and 0.49 (b).

DMTA of medium Mw matrix composites (N/P <1)
The results of DMTA measurements for a homopolymer matrix with Mw = 36400 g/mol and a blend
of the same homopolymer and PEMA-g-µgels are shown in Figure 38a, b. We calculated a plateau

modulus of 3.8*105 Pa and for the composites 3.3*105 and 4.6*105 Pa for Ñœ = 0.26 and 0.49
respectively. From the very similar plateau moduli of the homopolymer at Ñœ

0.26 we can

conclude that the addition of PEMA-g-µgels does not change the elastic modulus significantly.

When the core volume fraction is increased to 0.49 the plateau modulus also increases. At such high
volume fractions we see the contribution of the µgel particles to the plateau modulus of the
composite. In the segmental flow and the rubbery region the storage and loss moduli for the
composite with high volume fraction decrease faster than the moduli of the homopolymer. This fast
decrease indicates that the PEMA-g-µgels have an effect on the elastic properties of the matrix.
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Figure 38. Mastercurves for blends of PEMA-g-µgels with homopolymers of Mw = 36400 g/mol for core volume fractions
of 0.26 (a) and 0.49 (b).

P a g e | 53

DMTA of high Mw matrix composites (N/P < 1)
For the highest molecular weight (Mw = 177800 g/mol), i.e. when the N/P ratio is small (0.21) and
phase separation of PEMA-g-µgels and homopolymer takes place. Here we observed a horizontal
shift of the mastercurve towards higher frequencies and a vertical shift to lower moduli (Figure 39).
The horizontal shift of G’ and G’’ to higher frequencies due to addition of PEMA-g-µgels would imply
a reduction of the glass transition temperature. Indeed, Tg decreases form 83 °C for the
homopolymer to 81 °C for Ñœ = 0.26 and to 76 °C for Ñœ = 0.49 as measured by DSC70 (Table 4).
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Figure 39. Mastercurves for blends of PEMA-g-µgels with homopolymers of Mw = 177800 g/mol (red) for core volume
fractions of ÒÓ ˆ. ÔÕ (a ) and 0.49 (b) compared to the neat homopolymer (black).

We can calculate the plateau moduli for the sample with Mw = 177800 g/mol, which represents the
vertical shift of the mastercurve. We see that due to addition of PEMA-g-µgels (Ñœ = 0.26), the

modulus reduces from 4.0*105 to 2.0*105 Pa. This reduction is attributed to the poor interaction of

the PEMA-g-µgels with the surrounding high Mw matrix. The aggregates we have seen in SPM and
GISAXS measurements in this case are hindering the matrix to entangle and thus causing defects in
the melt which are leading to a decreased modulus. If the core volume fraction is increased to 0.49,
the modulus of the PEMA-g-µgel clusters is contributing to the modulus of the composite, since
almost half of the composite consists of PEMA-g-µgels. In this case the plateau modulus is calculated
to be 3.4*105 Pa.
DMTA of blends made from two homopolymers with different molecular weight
The reduction of Tg of around 5 °C for Ñœ = 0.26 is a surprising result and the question arises, why the
glass transition temperature should decrease due to the addition of PEMA-g-µgels.

The first possibility for the decrease in Tg is that by blending the PEMA-g-µgels into the
homopolymer, we also introduce polymer chains (polymer brushes) with lower molecular weight
than the matrix. Since we know the Tg (342 °K) of the homopolymer with similar molecular weight
(Mw = 36400 g/mol) compared to that of the brushes, we expect a slightly higher Tg for the polymer
brushes (Mw = 37700 g/mol) but well below that of the 178k matrix (353 °K). We have calculated the
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number of brushes which were grafted on a µgel-particle before to +

which equates to 1.183 · 10

4Q- ⁄Γ

1724 µ 255

[, PEMA. The grafted polymer brushes have a molecular weight

(Mw) of 37700 g/mol which results in a mass of 4.46 · 10

Ö

` of brushes per µgel particle. The µgel

particles itself have a molecular weight74 of 5.6 · 10× `/ [, which results in a mass of 9.29 · 10

Z

`

per particle. The ratio of brush mass to µgel mass is therefore 4.8. Accordingly, by blending the

PEMA-g-µgel with homopolymers, we introduce 4.8 times more PEMA brushes than µgel particles
(by weight). So the first question would be, if the addition of this high amount of PEMA-brushes with
Tg = 342°K (estimated by comparing with a homopolymer with similar molecular weight compared to
the brushes) can cause the shift of the mastercurve to higher frequencies (lower temperatures). We
therefore prepared a sample consisting of PEMA homopolymer with Mw = 178k mixed with
homopolymer of Mw = 36k in a ratio that resembles the amount of PEMA brushes in the sample with

Ñœ

0.26 in Figure 39a. The reference temperature and all other experimental parameters were

kept the same for all DMTA measurements (Figure 40).
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Figure 40. DMTA results of blends made from homopolymer with Mw = 178k and Mw = 36k. a) Mastercurve of the 178k
Homopolymer (black) and the 178k + 36k blend (orange). b) Loss tangent for the 178k Homopolymer (black) and the 178k
+ 36k blend (orange).

The glassy and the segmental flow region (G’, G’’ > 106 Pa) of the 178k+36k blend (Figure 40a) have
shown the same behavior as the PEMA homopolymer. For the 178k+36k blend we observe two
processes for G’ and G’’ in the viscoelastic regime. The first one at a frequency of 7.5*10-10 rad/s and
a second one at 6.9*10-8 rad/s corresponding to the two plateau moduli of 0.9*105 and 3.6*105 Pa
respectively. These two processes were also observed in the loss tangent curves of the sample
(Figure 40b). The 178k+36k blend starts to creep earlier than the 178k homopolymer, which is
attributed to the lower content of low Mw chains in the blend. The observations of two processes in
the viscoelastic regime shows, that both homopolymers (178k and 36k) contribute to the shape of
the master curve. Since no horizontal shift was observed compared to the PEMA-g-µgel composite in
Figure 39 we conclude that the PEMA brushes did not cause the horizontal shift of the composite.
The second possibility for the decrease in Tg is the addition of nanoparticles that affect the
segmental motion of free polymer chains. Liang et al.75 prepared nanocomposites composed of
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oligomeric silsesquioxane nanoparticles and cyanate ester resins. Cyanate esters can be cured by
heating which results in a cross-linked termoset material with very high Tg. The authors could show
that the Tg of the composite is decreasing with increasing amount of nanoparticles. They explain the
reason for this decrease of Tg by an increase of free volume due to the addition of the nanoparticles,
which in turn increases the segmental motion. To check if these findings can be reproduced with our
system to explain the horizontal shift of the PEMA-g-µgel composite in Figure 39 we mixed µgel
particles without polymer brushes into a homopolymer with high molecular weight and performed
DMTA measurements (Figure 41).
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Figure 41. DMTA results of the 178k homopolymer compared to a blend made of 178k homopolymer and unmodified
µgel particles at a volume fraction of 0.26 . a) Mastercurve for G’ and G’’ of the 178k homopolymer sample (black) and
the µgel-particle blended sample (green). b) Loss tangent curves of the 178k homopolymer sample (black) and the µgelparticle blended sample (green).

From the storage modulus curve in Figure 41a we deduced the plateau modulus GN of the sample
which is blended with unmodified µgel-particles to 6.0*105 Pa and a GN of the homopolymer of
4.0*105 Pa. We also observed a small shift to higher frequencies for the blend with unmodified µgel
particles compared to the homopolymer. We could not observe a vertical shift of the mastercurve to
lower moduli as seen for the 178k sample which was blended with PEMA-g-µgels in Figure 39.
We may therefore conclude that the vertical shift of about 3*103 rad/s observed in Figure 39 is
caused by an effect which can not be explained by the separate contributions of unmodified µgel
particles or small Mw brushes as shown in Figure 40 and Figure 41. However, the values for the glass
transition temperature presented in Table 4 suggest that the shift is caused by the reduction of the
Tg. We also see from the values of that the reduction of Tg is much smaller for the 36k sample (∆Tg
= 1-2 °C) and for the 19k sample (∆Tg = 1-2 °C) which confirms the results from the DMTA
measurement where the vertical shift of the blended samples was also much smaller compared to
the 178k sample.
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Table 4. Tg measured by DSC

70

1

for the samples analyzed with DMTA. Values taken from Table 3

Mw [g/mol]
Tg (Homo) [°C]1
Tg (Φ
Φ c=0.26) [°C]
Tg (Φ
Φ c=0.49) [°C]

177800
83
81
76

36400
69
67
68

18600
67
66
68

Summary
The DMTA measurement of blends with a N/P ratio Ê 1 have shown that the elastic modulus is not

significantly changed due to the addition of PEMA-g-µgels. For a ratio of N/P = 2.03 the creep

behavior of the blend was improved which is a hint to increased cross-linking of the composite73. We
proved that the elastic modulus for these composites is almost the same as for the homopolymers.
Thus I could show that the first condition we made in the beginning of this chapter is fulfilled. A study
of the surface wear will be discussed in the next chapter.
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5.

Nanowear

in

Nanocomposite

reinforced

Polymers
To investigate the influence of PEMA-g-µgels on the wear resistivity of blends made from
homopolymers and PEMA-g-µgels we carried out a nanowear test76 as a proof of concept. The
samples were containing PEMA-g-µgels and PEMA homopolymers with different Mw. The idea of this
nanowear test is depicted in Figure 42. A surface is scanned by an SPM tip with a force F normal to
the surface at a velocity v.

F v

a)

F v

b)

Figure 42. Schematic illustration of PEMA-g-µgels dispersed in a homopolymer matrix scanned by an SPM tip with normal
force F and velocity v. a) At low matrix Mw the brushes are swollen by the matrix and incorporated strongly. b) At high
matrix Mw brushes are not swollen by matrix molecules

In case of PEMA-g-µgels dispersed in a low Mw matrix (Figure 42a), we expect the brushes to be
swollen by the matrix molecules. Thus, the PEMA-g-µgels are strongly incorporated in the matrix and
the scanning tip may not tear off single PEMA-g-µgels. On the other hand, when the matrix Mw is
high, the brushes are not swollen by the matrix molecules and the PEMA-g-µgels are forming
clusters. Single PEMA-g-µgels might be torn off by the SPM tip and be moved over the surface (Figure
42b).
In the first part of this chapter I will show that the concept for a nanowear test depicted in Figure 42
is applicable to distinguish different compositions of nanocomposites which are described earlier in
this work. In the second part of this chapter I will introduce a modification of the nanowear
experiment which allowed us to compare different compositions of nanocomposites quantitatively.
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5.1 Nanowear due to constant applied normal forces
Prior to the nanowear test, we imaged an area of 2 × 2 µm2 of the samples in tapping mode (Figure
43a). Subsequently, we performed the wear test by scanning an area of 1 × 1 µm2 with a defined
force of 10 nN for 10-100 times in contact mode (Figure 43b). The scan velocity in the direction of the
fast scan axis was 10 µm/s. Finally an image of 2 × 2 μm2 was acquired in tapping mode, including the
previously scanned area (Figure 43c). The samples were tested with a scanning force microscope
(Dimension 3100, NanoScope IIIa controller, Veeco, USA) using commercial silicon tips (OMCL AC 240
TS, Olympus, Japan).

1 µm

2 µm

c)
2 µm

b)

a)

1 µm

2 µm

2 µm

Figure 43. Schematic representation of the nanowear experiment. a) Imaging of an area of interest. b) Scanning an area
of 1 × 1 µm at elevated forces. c) Imaging the area of interest again.

To adjust the normal forces precisely we determined the spring constant and the resonance
frequency of each individual cantilever experimentally by the thermal noise method77 before each
measurement. From the average of 5 individual taken thermal noise spectra (Figure 44) we
calculated an error for the spring constant, which results in an error for the applied normal force < 1
nN for all following experiments.
6
5

Thermal Noise spectrum
Fit

pm²/Hz

4

f0=70.5 kHz
k = 0.845 N/m

3
2
1
0
60

64

68
72
frequency [kHz]

76

80

Figure 44. Raw and fitted thermal noise spectrum and for a typical SPM cantilever used in the nanowear experiments.

We investigated the samples with a core volume fraction of 0.26 mixed with a 12k matrix (Figure 45a,
b) and a 98k matrix (Figure 46a, b). In contrast we prepared a sample with unmodified µgel-particles
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at the same core volume fraction and a low matrix Mw (Figure 47a,
a, b). The samples were annealed
for 12h at 90°C, which is above the glass transition temperature of the PEMA. For the sample
composed of PEMA-g-µgels
µgels and low Mw matrix (12k),, the nanowear test revealed that the worn area
is stable against repeated scanning at 10 nN normal force.. We could observe slight trenches at the
left and right face of the worn area which originate from higher torsional forces
forces of the tip at its
turning point. Further damage of the worn are could not be observed (Figure 7a, b). The PEMA-gPEMA
µgels may have a strong connection with the matrix, i.e. the brushes are swollen by the short matrix
molecules. Also after annealing the sample
sample above the Tg of the matrix the surface changed
significantly as can be seen by comparing Figure 45a and Figure 26,, 12k. The PEMA-g-µgels
PEMA
almost
disappeared from the surface due to better
better incorporation into the matrix. However, scanning at
higher forces than 10 nN revealed that PEMA-g-µgels
PEMA µgels are still close to the surface but covered with
matrix polymer.

Figure 45. PEMA-g-µgels
µgels dispersed in homopolymer matrix of 11700 g/mol. a) Sample before and b) after the wear test.
The inner square in (b) was scanned 100 times with a normal force of 10 nN.

For the sample composed of PEMA-g-µgels
PEMA
and high Mw matrix (98k) we observed torn of PEMA-gµgels even after 10 subsequent
ent scans (Figure
(
46a, b).
). We could also observe holes within the worn
area which indicates that PEMA--g-µgels were torn of and moved over the surface by the SPM tip. For
these images we chose a higher magnification that allowed us to address single PEMA-g-µgels and
identify the corresponding holes. Upon annealing the samples above the Tg of the PEMA matrix, no
significant changes in the surface morphology could be observed.
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sed in homopolymer matrix of 98400 g/mol. a) Sample before and b) after the wear test.
Figure 46. PEMA-g-µgels dispersed
The inner square in (b) was scanned 10 times with a normal force of 10 nN.

In contrast, the samples with unmodified µgel-particles
µgel
showed totally different behavior (Figure 47a
and b). First, the µgel-particles
particles formed clusters similar to the PEMA-g-µgels
PEMA µgels which were dispersed in
high Mw matrix (Figure 47a, b).
). Second, due to the weak interaction of the unmodified µgel-particles
µgel
with the homopolymer matrix, the particles were torn of easily and moved to the left, right and
upper face of the worn area.
The results of the nanowear tests can be regarded as direct proof of the changes in interaction
between matrix and brushes, and thus to changes in brush conformation related to the molecular
weight of the matrix. The µgel particles with contracted brushes behaved more like hard spheres,
spheres
thus allowing us to detach individual particles from the surface of such a composite film with
wi a SPM
tip.

Figure 47. Unmodified µgel-particles
particles dispersed in homopolymer matrix of 11700 g/mol. a) Sample before and b) after the
wear test.

The above presented results have shown that there is a remarkable effect of the N/P ratio on wear of
the surface of nanocomposites composed of PEMA-g-µgels
PEMA µgels and PEMA homopolymers. In samples
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where the brushes are swollen by the matrix (i.e. N/P > 1), the surface was stable against wear of a
SPM tip which scanned the surface 100 times with a normal force of 10 nN. In contrast, samples with
a high matrix Mw (i.e. N/P < 1) have shown rupture of PEMA-g-µgels and surface damage already
after 10 scans at the same normal force. These results imply that there must be a certain onset for
wear at the surface of such nanocomposites. This onset could be be either a function of the number
of scans or the applied normal force during a nanowear test. It might be therefore advantageous to
identify parameters that can quantitatively describe the onset of surface wear.

5.2 Quantification of nanowear for varying N/P ratios
The quantification of wear is typically performed with macroscopic tests on a micrometer scale (e.g.
scratch test, abrasion resistance)78, 79. In the latter methods, a sample is subjected to conditions that
resemble friction/wear of consumer products in practical use. Then, the consequences of the
macroscopic tests are investigated by scanning electron microscopy to relate the applied wearing/scratching force to quantitative values like the wear volume or the friction coefficient. However,
with these methods it is not possible to characterize the reinforcement behavior on a nanometer
scale which would be required for a directly investigation of the role of the nanoparticle - matrix
interaction. One way to investigate reinforcement effects at a length scale of nanometers is the use
of high resolution microscopy methods, such as scanning probe microscopy (SPM). Hereby SPM is not
only used for imaging, in addition it is applied to wear the surface of samples. Recent nanowear
investigations were performed only on neat materials80. Nanowear patterns of polystyrene thin films
with different molecular weight above and below the entanglement molecular weight (Me) were
analyzed. The measured nanowear patterns differ with molecular weight of the polystyrene although
the density of entanglements is not Mw -dependent81. Gotsmann and Duerig82 used thermally crosslinkable polymers to control nanowear. In order to quantify nanowear patterns they defined
nanowear as the maximum topographical height change that is observed by SPM imaging. One of the
key parameters that defines nanowear mechanisms on polymers of different architecture is the
cross-linking density76,

83

. Preparative ways to control the cross-linking density are plasma

polymerization processes or the addition of chemical cross-linkers during the synthesis of polymers.
Both preparation methods lead to covalent and permanent crosslinking between polymer chains. In
contrast to covalent crosslinking, here we investigate the PEMA-g-µgel particles dispersed in a
polymer matrix. The interaction between the matrix polymers with the grafted polymers introduces
additional anchoring sites in the nanocomposite material. In such a nanocomposite material the
nanoparticle – matrix interaction is substantially enhanced by the entanglement of the grafted
polymers and the matrix polymer84. We expect that the effect of reinforcing depends on the wetting
behavior of the nanoparticle surface, which is determined by the molecular weight ratio N/P. In

P a g e | 63

order to probe the reinforcement at the level of nanoparticles we performed nanowear experiments
for different molecular weight ratios N/P.
To make sure that smooth and intact surfaces were chosen, all nanowear experiments started by first
scanning an area of 2 × 2 µm2 in intermitted contact mode (Figure 49a). Typically we found a surface
roughness between 0.3 nm and 1.5 nm for the 2 × 2 µm2 area. Then, in the center of the 2 × 2 µm2
area, a nanowear test was performed in contact mode by scanning an area of 1 × 1 µm2 with a scan
frequency of 1 Hz in the fast scanning direction (Figure 49b). We started the nanowear test always by
using the lowest possible normal force (< 2 nN) corresponding to the magnitude of adhesion forces
obtained by force distance curves (Figure 48). Typically at this normal force no surface modification
was observed.

∆F = 1.7 Nn
Figure 48. Force-Distance curve and aquired on a composite sample with Mw = 36k and ÒÓ

ˆ. ÔÕ.

In our experiment a scan of 50 lines correspond to a distance of 100 nm in slow scan direction,
leading to a scanned area of 0.1 µm × 1 µm. Scanning such an area would most probable include at
least two neighboring nanoparticles in the vertical direction owing to a maximum next neighbor
distance of 63 nm. After scanning 50 scan lines at the lowest force value (scan line 0-50), the
scanning force was increased for the next 50 scan-lines (scan line 50-100). In order to study
nanowear at different normal forces we continued to increase the normal force stepwise for each
subsequent 50 scan lines (100 – 150, 150 – 200, …, 450 - 512). The last area was scanned at the
highest normal force and contained 62 lines. Finally, the impact of the nanowear experiment was
imaged in intermittent contact mode at a scan area of 2 × 2 μm2 (Figure 49c).
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Figure 49. Schematic representation of the modified nanowear experiment. a) Imaging of an area of interest. b) Wearing
an area of 1 × 1 µm at stepwise icreased forces. c) Imaging the area of interest again

We investigated PEMA-g-particles which were blended with PEMA homopolymers having different
molecular weights. We have already seen in SPM and GISAXS measurements, when the Mw of the
grafted brushes is larger than the one of the polymer solution (N/P > 1), the nanoparticles form a
stable dispersion. At this ratio the PEMA homopolymer penetrates the PEMA brush that is grafted on
the particle and leads to swelling. One consequence of the swelling is that the particle-particle
distance increases. As a second consequence, the interpenetration of PEMA homopolymer and the
brush layer could lead to a reinforcement of the entire system. In order to prove the possible
reinforcement effect on a nanometer scale we performed the above described nanowear
experiments.

5.3 Low molecular weight homopolymer blends
As a first sample we used PEMA-g-particles for the nanowear test with N = 37700 g/mol blended with
homopolymers of P = 11700 g/mol leading to a ratio of N/P = 3.2 (Figure 50a). The topography of the
stepwise worn area was found to be stable up to step 2, corresponding to a normal force of 7 nN. At
a normal force of 22 nN (step 4) we found nanowear of the surface corresponding to removal of
material. The worn material was accumulated in a pile up of material at the left and right side of the
scanned area. The rms roughness of the worn area remained almost constant until the normal force
reached 29 nN (step 5). At higher magnification the worn area showed that the morphology of the
surface changed upon wear of the SFM tip at a normal force of 15 nN (step 3). With increasing force
we observed spherical features with increasing size ranging from ~10 to about ~50 nm. However, the
small features within step 3 and step 6 were not attributed to be PEMA-g-particles because they
were too small and their distance resembled not the interparticle-distance of the PEMA-g-particles in
the unworn area. At normal forces > 44 nN (step 7) some of the spherical features have a similar size
than the PEMA-g-particles. Nevertheless, most of the features were still smaller than the PEMA-gparticles and their interparticle-distance was almost zero. A detailed analysis of the material that
piled up at the left and right side of the scanned area showed that for normal forces < 44 nN no
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PEMA-g-particles were removed from the matrix. Although the piled up material had a spherical
shape, the size of these features was always smaller that the size of a PEMA-g-particle. We associate
the piled up material to be homopolymer matrix. At higher normal forces (> 44 nN) the features of
the piled up material became bigger and reached the diameter of a PEMA-g-particle (18 ± 1 nm).
Thus it was possible that some PEMA-g-particles were torn of the matrix and piled up together with
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Figure 50. Nanowear test on samples with matrix Mw of 11700 g/mol. a) Topography image of a sample blended with
PEMA-g-particles, b) topography image of a pure homopolymer sample. In the inner square the force was stepwise
increased up to maximal normal force of 150 nN (step 10).

For a direct comparison we investigated a homopolymer reference sample (Figure 50b) made only
from the matrix homopolymer (Mw = 12k). The topography analysis of the worn area revealed a
noticeable nanowear effect already at step 1, corresponding to a normal force of < 2 nN. We
observed similar nanowear patterns for normal forces above 17 nN (step 2) with small spherical
features with a size of ~10 nm like in the sample with PEMA-g-particles. This similarity supports our
above conclusion for the sample with PEMA-g-particles, that predominantly the homopolymer matrix
was moved to the left and right faces of the worn area. At a normal force of 17 nN a pile up of
material and plastic deformation as well as rupture of material was observed. At a normal force of 50
nN (step 3) we observed bundle formation parallel to the fast scan direction. The surface damage
gets more pronounced with further increasing force resulting in the formation of big clusters and
bundles (step 4-10). A magnification of the bundles which are parallel to the fast scan direction
revealed the existence of the same spherical/round features mentioned before. The bundles look like
a pearl necklace with “pearls” of increasing size when the force was increased. These features might
be a result of the stick-slip mechanism that takes place during the nanowear experiment. The
nanowear data indicated that the composite material was more wear-resistant compared to the pure
homopolymer. Thus, the addition of PEMA-g-particles lead to a reinforced surface.
A more objective and quantitative analysis of the nanowear effect would require comparing different
PEMA-g-particles homopolymer mixtures. Dinelli et al.81 reported the analysis of the spacing between
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bundles formed during repeated scanning of a polystyrene surface at elevated normal forces.
However, the mechanisms of this bundle formation might differ when nanoparticles are present in
the polymer. In particular after one scan of the surface, we did not observe the formation of bundles.
Thus we analyzed the surface roughness of the worn area at different normal loads as well as the
roughness within the worn area at the same normal load. From each area which was scanned with a
constant normal force we calculated the line rms of 25 scan lines contained in this area. In this
analysis the outer left and right sides with pile ups were disregarded in the calculations. The average
of these 25 line rms values and the standard deviation of the average were taken as representatives
for the nanowear effect at each normal force (Figure 51a, b). First, this plot showed that the rms line
roughness increased at increasing normal force. The reduction in rms line roughness at a normal
force of 65 nN can be attributed to a large area that was disrupted (Figure 50b). Second, the standard
deviation, sd, indicated differences in rms roughness between lines (Figure 51b). Third, at all applied
normal forces the rms line roughness of the worn homopolymer was higher than that of the blended
sample. In conclusion, all these findings indicate that the PEMA-g-particle - polymer mixture is
reinforced compared to the homopolymer system. Based on the nanowear measurement with
increasing normal force and the shape of the rms line roughness curve, we were able to define a
critical force +œ for the onset of nanowear. This critical force was given by the normal force where the
rms line-roughness and the standard deviation of roughness increase significantly (indicated by the

arrows in Figure 51a, b). For the PEMA-g-particle system (Mw = 12k) we determined a critical force of

29 nN. For the PEMA homopolymer a significantly lower +œ was measured (17 nN). The value of the

critical force was then used as an indicator for the strength of reinforcing of the PEMA-g-particles

sd[nm]
[nm]
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rms [nm]

dispersed in PEMA homopolymers.
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Figure 51. a) Root mean square roughness (rms) for each force step plotted against the applied force. Homopolymer:
filled circles (Mw = 12k), PEMA-g-particle blended sample: filled squares. b) Open symbols represent the standard
deviation of the average. The arrows indicate the critical force ÙÓ .

P a g e | 67

5.4. Blends with varying molecular weight
In order to investigate differences in the reinforcement of blends made of homopolymer matrix with
different molecular weight we performed the nanowear test with various mixtures of PEMA-gparticles and homopolymers (N = 37700 g/mol and P = 12k, 19k, 36k and 178k). The experiments
revealed that for matrix homopolymers with higher molecular weight the onset of nanowear was
shifted to higher forces (Figure 52). This observation was supported by the analysis of the line rms
values at increasing normal forces. For a matrix Mw of 18600 g/mol (19k, ratio N/P = 2.03) +œ was

measured to be 12 nN for the homopolymer and 30 nN for the PEMA-g-particle blends. This force

was the same +œ as measured for the 12k sample. In both cases the molecular weight of the matrix

was below the molecular weight of the brush, i.e. N/P > 1. When the Mw of the matrix polymer
increased to 36400 g/mol and N/P = 1.04, fc was almost equal for the pure and the composite

sample; +œ = 52 nN for the homopolymer and 58 nN for the PEMA-g- blends. At a matrix Mw of
177800 g/mol (N/P = 0.21) we observed that +œ was lower for the PEMA-g-particle blended sample

(62 nN) compared to the neat homopolymer (85 nN). This drop in fc (as a result of higher rms values)

might be attributed to nanoparticles which were torn off during the nanowear test resulting in a
higher rms roughness. The overall nanowear resistance was higher than that of the low Mw sample
(12k) but there was no improvement in the nanowear resistance due to blending with PEMA-gparticles.
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Figure 52. Critical force ÙÓ of PEMA-g-particle blended samples and homopolymer samples in dependence of the N/P
ratio.

An increased resistance to nanowear of homopolymers with increasing molecular weight was also
reported by Dinelli et al. for polystyrene surfaces81. They attribute the increased resistance for
polymers with Mw above the entanglement molecular weight Me to the increased number of
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entanglements. Dinelli et al. identified a threshold normal force at which a disruption of the polymer
surface begins. By analyzing the distance between bundles which were formed during scanning of
the surface they concluded that although the entanglement density stayed constant, for increasing
Mw the molecules form more entanglements and therefore create a network that is more resistant to
deformation. In our study of the pure homopolymer we could confirm these findings. For the PEMA
homopolymers we have seen the same trend of an increased nanowear resistance with increasing
molecular weight (Figure 52). As the number of entanglements increased with the molecular weight,
the critical force fc also increased indicating that our findings are consistent with results reported by
Dinelli et al.

5.5 Reference experiments
As a reference experiment we used a blend made from PEMA homopolymer (Mw = 12k and 178k)
and unmodified nanoparticles (Figure 53a, b). Without the modification of the nanoparticles with
polymer brushes, the energy difference between the nanoparticle surface and the homopolymer
matrix is very high. Thus, the nanoparticles were phase separated from the matrix and formed
islands of densely packed nanoparticles. However, these systems showed similar nanowear patterns
compared to the pure homopolymers. In addition, surface modification already started at the lowest
adjustable normal forces (~1 nN) for the 12k sample. For the 178k sample an onset in nanowear was
found at higher normal forces 13.3 nN. Rupture and torn off nanoparticles were seen when the
normal force was increased further. Piling up started at a critical force +œ = 4.9 nN for the 12k matrix

and at 13.3 nN for the 178k matrix. This difference is a direct indication that blending of unmodified

nanoparticles does not improve the nanowear properties of the blends which was reported by other
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Figure 53. Topography images of PEMA homopolymers blended with unmodified nanoparticles after the nanowear
experiment. a) Homopolymer Mw = 12k and b) homopolymer Mw = 178k.
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Summary
Many previous studies have been reported on the nanowear behavior of different polymeric and
inorganic materials80. However, a detailed study on nanowear of polymers being reinforced with
nanoparticles has not been reported so far. Our findings were in qualitative agreement with
macroscopic bulk experiments80. We gained insight into surface nanowear effects in particular at a
length scale of the nanoscopic filler particles. Using the results of the nanowear experiments we
inferred the critical normal force at which individual nanoparticles were torn off the surface.
Furthermore, the behavior of the studied homopolymer – nanoparticle blends indicated a
reinforcement of the polymer nanocomposite material when the N/P ratio was high. At this ratio the
matrix was entangled with the swollen polymer-brush. Thus, the addition of PEMA-g-particles acted
as additional anchoring sites. Non-grafted nanoparticles clearly did not account for any
reinforcement. Although the quantification of surface nanowear is still a challenge in material science
our analysis method allows the definition of a critical force for the quantitative comparison of
nanoparticle-polymer systems of different composition. Furthermore, it has the advantage of not
only indicating the absolute roughness of the scanned area but also gives information of the
evolution of roughness when the applied normal force is increased.
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6. Plasma Deposited Polymer Layers and their
Effect on Surface Wear
As we have seen in the previous chapter, the resistance of a surface against wear can be increased by
the addition of polymer-grafted nanoparticles to the host material. In some cases the addition of
nanoparticles can constrain the functionality of a device which is build of a thin polymer film for e.g.
in nanomechanical data storage systems85 (Figure 54). In these data storage systems a high lateral
homogeneity is required to enable for writing and reading data at a high density. As a storage
medium soft polymers are used were information is written in the form “geometrical bits”. Here the
bit is written with a cantilever tip as an indent (1) or no indent (0) a given position. In this way a
binary pattern can be created which contains the desired information. During the read out process
the tip is wearing the surface which causes surface damage on the unprotected surface (Figure 54a).
To protect the storage media from wear the surface of the storage media is coated with wear
resistive layer (Figure 54b). The wear resistive layer hast to be very thin (1-5 nm) and needs to have a
very high lateral homogeneity (roughness, thickness) to enable for writing geometrical bits with high
resolution.

(a)

(b)

storage media

1-5 nm
wear
resistive
layer

Figure 54. Nanomechanical data storage system. a) An unprotected surface of the storage medium is worn by the tip
during the read out process. b) A very thin additional layer protects the storage medium from surface wear but still
enables writing of data. Modified image by courtesy of Tassilo Kaule.

With these requirements we can state that a nanoparticle reinforced polymer can not be used as a
wear protective layer. First, the size of the nanoparticles is larger than the maximal thickness for the
protection layer which in consequence obviates high density writing since the tip has to indent much
deeper to reach the storage medium. Second, the requirement for lateral homogeneity is not
satisfied since particles are distributed randomly. Furthermore, the tip could hit a particle during
writing an indent which causes imprecise position of the indent.
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Here we introduce the field of ultra high area density storage, which is one of the major fields of
interest in nanotechnology and requires detailed knowledge of mechanical properties of materials on
a nanometer scale. Specific functions in such a complex device can be achieved by layered materials,
where each layer fulfills a specific property. Multilayers or protection layers made from different
polymeric materials are currently being investigated by different groups worldwide and are used for
advanced polymer electronics86-88 and optical devices89-93.
Recently, scanning force microscopy (SFM) was explored as a tool to write and read information at an
areal density exceeding 1 Tbit/in2. It has been shown that polymer layers (e.g. polyaryl-ether-ketone)
can act as a medium94 to store information via a thermo-mechanical writing process85, 95, 96. For such
applications, the medium should be soft enough allowing the probe tip to deform the medium at
higher loads and/or at higher temperatures. Furthermore, the roughness of the medium surface
should be < 1 nm allowing for an ultrahigh storage density. Finally, the storage medium should resist
copious scanning of the probe tip. The latter issue is illustrated in this manuscript by scanning a spin
coated polystyrene (PS) film 100 times using a scanning force microscope tip in contact mode at a
force of 10 nN and at a scan velocity of 2.5 µm/s. After this treatment, the surface was imaged at a
larger area to investigate the effect of copious scanning (Figure 55a).
Clearly one can see that significant medium wear occurred in the area that was scanned repeatedly76,
97

. Such an increase in roughness beyond 1 nm would not be acceptable for high density storage

media, because it would decrease the signal-to-noise ratio of the reading process significantly. In
order to avoid wear the polymer medium can be covered by a thin, harder cover layer. The 2-layered
medium consisting of the PS film covered by an ultra thin plasma polymerized hexamethyldisiloxane
(HMDSO) film showed no change in surface roughness (Figure 55b) upon the same treatment. Thus
the deposition of a 4 nm thick cover layer made by plasma polymerization of HMDSO98, 99 lead to a
significant protection of a wear sensitive polymeric media.
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Figure 55. Surface roughening by copious scanning of a SFM-tip at a load of 10 nN, a scan speed of 2 µm/s and after 100
recorded images of size 2.5 µm x 2.5 µm: (a) Surface of a 100 nm thick spin coated PS sample. (b) A 100 nm thick spin
coated PS sample having an additional 4 nm thick plasma polymerized hexamethyldisiloxane (HMDSO) layer as cover
layer (deposition at RF-plasma power of 90 W). Here the surface roughness is not changed within the area that was
scanned 100 times (within the white square). We determined a root mean surface roughness of ~0.5 nm on a 1 µm x 1
µm area. Z-scale for both images is 10 nm. For these experiments we used SFM-tips having a typical radius of curvature <
8 nm. Imaging scans were performed at a scan velocity of 1 Hz with 512 lines per image. The wear experiment were
performed with the same tips using 512 lines per image, a force of 10 nN and a scan velocity of 2.5 µm/s.

As illustrated above the mechanical properties of layered materials may play a major role in the
working concepts of devices. In the concept taken from life science, a thin cover layer was required
to be sufficiently soft to allow for scratching with a SFM tip, whereas in the concept of high density
data storage, this effect should be avoided.
Here hexamethyldisiloxane (HMDSO) was selected as the monomer of choice since it is an already
well known material for microelectronics and other applications. We investigated multilayers of
nanometer thick films made from HMDSO monomer deposited in a one-pot plasma deposition
process by using different plasma conditions in alteration. Hereby the chemical structure and the film
properties of the individual layers can be tailored and it is possible to design a stacked layer structure
of alternating hard and soft films. The surfaces of plasma deposited (multi-) layers have previously
been studied intensively100, 101. Hard, SiOx like layers can be fabricated102, 103 for applications such as
antireflective coatings 102, barrier layers 103, corrosion protection films 104 and biocompatible films 105.
The chemical composition of films made from HMDSO can be tuned either by the HMDSO/O2 gas
ratio and/or the RF-input power of the plasma deposition process98, 106-109. Changes in the RF-input
power from 30 W to 180 W changes the chemical composition of the deposited film from having a
substantial hydrocarbon component to films having a almost no hydrocarbon content98.

6.1 Preparation of the plasma polymer films
Plasma deposition of multilayers made from HMDSO monomer (ACROS Organics, Germany) on
silicon wafers was carried out in a plasma reactor that was described in detail elsewhere

110

. The

reactor is a 30 cm long and 10 cm diameter pyrex glass cylinder that is equipped with two metal
electrodes (braid rings) to deliver a 13.56 MHz radio frequency (RF). The power is supplied via an RFP a g e | 73

power generator (ENI 300 W) and a home-made manual matching network. The plasma deposition
process allows for the introduction of different monomers and variation of the plasma deposition
parameters in order to deposit films of different chemical and physical properties in a one-pot
process.
In order to study the mechanical properties of plasma polymerized layers three different films were
made from HMDSO: Firstly, films were made with an RF-input power of 48 W (HMDSO48W). Secondly,
films were made where the RF-input power was 90 W (HMDSO90W). Thirdly, at the same RF-input
power films were made with additional O2 gas present in the reactor (HMDSO90W+O). For this latter
deposition the O2 gas to HMDSO ratio was 5:1 at a pressure of 0.3 mbar. Higher input power and the
simultaneous supply of O2 is known to increase the oxygen content in the deposited layers. In each
case, the plasma deposition time was controlled to ensure a film formation in the thickness range of
20 – 100 nm. Deposition rates were typically between 50 to 60 nm/min for the plasma deposition of
HMDSO90W+O. For the fabrication of multilayers the above described deposition parameters were
adjusted sequentially. Thereby, multilayers consisting of 6 up to 20 layers were deposited on silicon
wafers (N/Sb <100>, Si-Mat SILICIUM WAFERS, CZ). For simplicity, we introduce the following
nomenclature for different multilayer films: Sian, where n stands for the number of bilayers and A
and B are 48 W, 90 W or 90W+O, respectively. After deposition, the thicknesses of polymer stacks
were measured with a Surface profiler (P-10, KLA Tencor, USA).
For scanning force microscopy (SFM) characterization, the silicon substrate with multilayers of
Si[HMDSOA/HMDSOB]n films was scratched along the Si lattice line with a diamond scriber and was
fractured by hand along one axis of the silicon atomic lattice. The face side of one of the fractured
pieces was investigated by means of SFM (Dimension 3100, Veeco, USA). Silicon cantilevers with a
nominal spring constant of 42 N/m were used (OMCL 160, Olympus, Japan). All SFM pictures were
recorded in tapping mode (Asp/A0 ~0.9), where Asp is the setpoint amplitude of the cantilever during
imaging and A0 is vibration amplitude (~ 20 nm) at a tip sample distance of 100 nm 111.

6.2 Characterization of plasma polymerized multilayers
To verify the thickness and the properties of each layer more precisely a direct visualization of the
variation in mechanical properties for each layer would be beneficial. Scanning force microscopy
(SFM) offers spatial resolution in the nanometer realm. Furthermore, variations in the local
mechanical properties can be imaged by monitoring the phase behavior of a vibrating SFM-tip

111

.

Substrates were fractured in order to characterize the thickness and the interface roughness of the
films that were deposited as described above. The fractured face sides of the samples were imaged
by means of SFM (Figure 56a).
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Figure 56. (a) Schematic drawing of the fracture of the sample into two parts and the subsequent imaging of the face side
by SFM. (b) Topography image of the face side of the multilayered film Si[HMDSO90W/HMDSO90W+O]3. Z scale 200 nm
(c) Corresponding phase contrast image. Z scale 15°. (d) Line profile along the white dashed line in the phase contrast
image. (e) The contour lines of the phase contrast image have been estimated using Image Pro software and were
exported for roughness analysis.

The fracture process resulted in a rough surface. Different layers of the Si[HMDSO48W/HMDSO90W+O]3
samples could not be identified clearly in the topography image (Figure 56b). However, the phase
contrast image shows a phase difference of more than 10° between different layers (Figure 56c and
d). The phase contrast between the Si-substrate (left part in Figure 4c and d) and the three
HMDSO90W+O layers (L2, L4, L6) appears similar, which indicates similar mechanical properties of the
materials. The layers corresponding to a decreased phase shift (L1, L3, L5) are attributed to the three
softer layers (HMDSO48W). An analysis of layer thicknesses measured from the phase contrast image
resulted in values of 77 nm for L1, 62 nm (L2), 66 nm (L3), 100 nm (L4), 62 nm (L5) and 77 nm (L6) in
agreement with the values estimated from deposition rates as measured using the surface
profilometer Table 5. Furthermore, the phase contrast image revealed a defect that is buried in a
HMDSO90W+O layer (L4) that was not observed in the topography image (grey arrow in Figure 56c).

P a g e | 75

Table 5. Summary of layering sequence and layer thickness measured from SFM images of the samples deposited in the
same time

L1(nm)
Nominal thickness
Si[HMDSO48W/HMDSO90W+O]3
SFM measured thickness
Si[HMDSO48W/HMDSO90W+O]3

HMDSO48W

77±10

HMDSO90W+O
HMDSO48W
HMDSO90W+O

L2(nm)

L3(nm)

L4(nm)

57±7
66±12

77±11

L6(nm)

60±11
112±9

66±3
62±11

L5(nm)

82±9
62±10

100±3

77±10

In the SFM analysis, all interfaces between the different HMDSO layers were resolved clearly in the
phase contrast image. We found that the interface between a harder HMDSO90W+O film followed by a
softer HMDSO48W film resulted in a sharp interface, while in the transition from a soft HMDSO48W film
to a hard HMDSO90W+O film a comparatively rough interface was obtained. The interfacial roughness
was quantified by further image analysis of the phase contrast image (Figure 56c, e). An interfacial
roughness of 3.3 nm (RMS) (L4/L5) was calculated for the softer L5 (HMDSO48W) on top of the harder
L4 (HMDSO90W+O) based on the line profile shown in Figure 56e which are ~ 300 nm long. For the
interface where HMDSO90W+O was deposited on top of HMDSO48W film a significantly higher interfacial
roughness of 11.2 nm (L1/L2) and 10.4 nm (L5/L6) was determined. For comparison, a standard SFM
topography analysis of plasma deposited HMDSO films, as used here in this study, revealed always a
roughness < 1 nm (e.g. Figure 55). We attribute the increase of the interfacial roughness to partial
etching of the HMDSO films by the subsequent deposition process. The etching of a hydrocarbon rich
HMDSO48W film98 is probably a result of the presence of oxygen during the deposition. In order to
verify the above mentioned conclusions an additional sample was prepared which shows the same
trend.
The content of hydrocarbons within a HMDSO film can be reduced by increasing the RF-input power
of the plasma98. In order to investigate the importance of the carbon content in the etching process
of HMDSO films we investigated multilayer films deposited at a RF-input power of 90 W with
alternating O2 pressure (Figure 57). In this case we obtained a stack of layers composed of
Si[HMDSO90W/HMDSO90W+O]3 Table 5.
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Figure 57. (a) Topography image of the face side of the multilayered film Si[HMDSO90W/HMDSO90W+O]3. Z scale 200 nm (b)
Corresponding phase contrast image. Z scale 15°. (c) Line profile along the white dashed line in the topography and (d)
profile along the phase contrast image.

The corresponding SFM study revealed a reduced phase contrast of 1-2° between the HMDSO layers.
The decrease in phase contrast compared to the stack composed of Si[HMDSO48W/HMDSO90W+O]3 is
attributed to more similar mechanical properties between the HMDSO90W and HMDSO90W+O layers.
Furthermore we found that the interfacial roughness between adjacent layers of HMDSO90W and
HMDSO90W+O does not exhibit significant differences.
Summary
This work aimed to investigate the mechanical properties of stacks of ultra thin films deposited with
a plasma deposition process of hexamethyldisiloxane to study their interfaces. The mechanical
properties of both the complete stack of up to 6 single layers as well as the individual thin films
making up the stack were investigated. SFM phase contrast images revealed differences in
mechanical properties for individual layers. These observations are in full agreement with the
present understanding of the relationship between crosslink density and chemical structure of
HMDSO films as a result of different input powers and gas mixture with oxygen.
The mechanical contrast as imaged by the SFM allowed us to study the interface roughness in more
detail. We have shown that there are significant differences in surface and interface roughness
between a hard/soft and a soft/hard materials suggesting asymmetric interfaces for adjacent layers.
In contrast to our findings, a symmetric interface was found by means of secondary ion mass
spectroscopy on HMDSO multilayers103. In the latter deposition process the HMDSO precursor inlet
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were controlled simply by the pumping speed. For our films the surface roughness was found to be
always < 1nm. The typical roughness of a hard/soft interface was found to be in the order of 3 nm,
while a soft/hard interface showed a roughness in the order of 10 nm. A key role in interface
roughness plays the RF-input power that determines the cross linking density and the hydrocarbon
content. In view of emerging applications of ultra thin plasma deposited films that were outlined in
the beginning the interface properties play a crucial role for the function of a device. Here scanning
force microscopy measurements of the face side of stacked layers can reveal valuable local
information.
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7. Towards screening the mechanical properties
of polymeric materials
The characterization of nanocomposites requires the utilization of many different techniques to get
an overall picture of the material and its components. Most techniques necessitate a certain amount
of sample substance in the range of a few 10 to some 100 mg. We have already seen that the
dispersion behavior and the resistance to nanowear of PEMA-g-µgels in homopolymer matrices
depend on the N/P ratio. To get a better understanding how material parameters like
•

Matrix molecular weight (P)

•

Brush molecular weight (N)

•

Grafting density (Γ)

•

Core volume fraction (Ñ)

will influence the properties of the nanocomposite material, a screening of these parameters would
be necessary. However, if we consider 5 variations of each parameter, we end up with a number of
samples in the order of 45 = 1024.
Due to their chemical nature most polymeric materials can not be machined with standard
micromachining techniques like focused ion beams or wet etching. Therefore the characterization of
micro- or nanometer sized polymeric structures is based on well established coating techniques.
Schneider et al.112 reported about surface acoustic wave measurements (SAW) on pulsed laser
deposited diamond like carbon and spin coated polyamide films with thickness of 5.3 and 1.8 µm
respectively. Due to high damping of ultrasonic waves in polymeric materials the tested polymer
films should be thin. On the other hand the penetration depth of the surface wave at 100 MHz is
around 50 µm so the motion of the wave is mainly guided by the substrate and the effect of the film
is small.
To check if the SAW method is applicable to polymers, we tested spin coated PEMA films on silicon
and plasma polymerized norbornene (pp-norbornene) films by the Laser Actuated Surface Acoustic
Wave112 (LASAW) method. We chose PEMA as a relatively soft polymer compared to ppnorbornene113 films with thicknesses for both polymers ranging from 10-500 nm. For both, the soft
PEMA and the hard pp-norbornene, we observed thermal degradation and destruction of the films
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due to laser induced heat. Furthermore, the calculated elastic moduli were not consistent. These
results demonstrate that LASAW is not applicable to screen the mechanical properties of polymer
films with a thickness of 10-500 nm.
Tranchida et al.114 made a critical approach to the elastic characterization of polymers using
nanoindentations. They investigated a variety of spin coated polymers from rubbery to
semicrystalline and amorphous networks. By using Sneddon’s elastic contact mechanics approach
and gathering load-penetration curves they were able to calculate the elastic modulus of several
polymeric materials like PMMA, PC, PP, LDPE, PEG and PTFE. However, the nanoindentation method
requires very accurate calibration of the system and the knowledge of several experimental
parameters. Furthermore this technique is gives values only on a local scale and is very time
consuming. With nanoindentation measurements one could get information of local mechanical
properties of a nanocomposite, e.g. in the vicinity of a nanoparticle, but large-area or bulk values are
not accessible.

7.1 Analyzing the Mechanical Properties and the Cross-link Density of Ionirradiated Polystyrene Surfaces from Rippling
The phenomena of buckling instability115-118 was demonstrated to work as a testing platform to
determine the mechanical properties of polymeric thin ﬁlms without the need for expensive test
equipment. This phenomenon can be explained for an elastic surface as follows. If a compressive
force parallel to the surface on the skin layer/bulk material composite exceeds a critical value, then
ripples appear on the skin (Figure 58). The ripple periodicity depends on the material properties of
the skin and the bulk material (their Poisson ratio and Young modulus) and the thickness h of the skin
but is independent of the applied stress and strain119. The quantitative relationship between the

measured ripple periodicity ’, induced by the buckling instability and the Young modulus of the
buckled layer in the surface (Dƒ ) is given by120
Dƒ

3DÁ

1
1

Úƒ ’ (
f
g
ÚÁ 2Q†

(7.1)

where ÚÁ and DÁ are the Poisson ratio and Young modulus of the bulk substrate and Úƒ and h are the
Poisson ratio and thickness of the rippled surface layer, respectively.

P a g e | 80

Es ν s

λ

h

Eb νb
Figure 58. Scheme of the buckling instability phenomena. A thin film of thickness h forms buckles with a periodicity λ on
a soft substrate upon compression.

The buckling instability phenomenon has been widely used in the development of complex patterns
on different systems (e.g., thin metal ﬁlm deposited on a polydimethylsiloxane (PDMS) substrate121
and plasma-treated PDMS ﬁlm on untreated PDMS bulk122). The Young modulus of thin PS ﬁlms
deposited on PDMS substrates has been calculated by exploiting the relationship among the
periodicities of the ripples on the thin PS ﬁlms and the ﬁlm thickness, the Poisson ratios of the ﬁlm
and PDMS, and the Young modulus of the PDMS116, 123. Recently, the rippling concept was used to
determine the mechanical properties of a polyelectrolyte multilayer124-126. Here, we explore the
concept of buckling instability on polymer surface layers, which were locally irradiated by ions, to
estimate their Young modulus. Understanding the mechanical properties of these locally cross-linked
polymers is important because they ﬁnd applications in improving the local roughness for improved
adhesion127 or commercial water-treatment membranes128.
Ion projection direct cross-linking (IPDC)129 was used to locally cross-link skin layers of stretched
polymer substrates on the submicrometer scale130. A different degree of cross-linking should be
reflected by a change in the mechanical properties of the cross-liked layers similar to what we
observed for the wear resistance of nanoparticle reinforced polymers in chapter 6.
The substrates for our experiments were prepared like the following. After compress molding
(160 °C, 20 kN) of PS powder to rectangular bars with thickness of 1-2 mm, each substrate was ﬁxed
with a clamp in an extensometer (Instron 6022, Instron Deutschland GmbH, Germany) and heated to
100 °C, the glass-transition temperature of PS. After that, the PS substrate was stretched at a
constant speed of 0.5 mm min-1 to the desired stretching ratio of 200% (length of the substrate after
stretching, divided by its original length in %). After being stretched, the clamped substrate was
slowly cooled in air to 50 °C in 2 h and then to room temperature within 1 min. Such a substrate was
divided into smaller pieces of 10 mm × 6 to 7 mm. Only those pieces from the central areas of the
stretched substrate were used for irradiation. The ion projector allows a vertical irradiation of
substrate surfaces with a lateral resolution down to 50 nm131. In our experiments, we irradiated
square-shaped areas with 32 µm side lengths within the substrate surface with a separation of 12
µm.
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The thickness of the cross-linked layers was controlled by using different ion species, viz., xenon
(Xe+), argon (Ar+), and helium (He+). The cross-linking densities were varied by varying the ion
ﬂuence. After IPDC, annealing the polymer substrate above the glass-transition temperature, Tg,
resulted in the relaxation of the orientated polymer chains in the non-cross-linked volumes. In the
cross-linked layer, rippling occurred.
To prove that the PS surface was cross-linked by irradiation with ions, we exposed a PS substrate to
30 keV Ar+- ions at a high ion ﬂuence of 1015 ions/cm2 and afterward dipped the substrate into
toluene, a good solvent for PS (Figure 59a). An insoluble crumpled piece of PS was observed. From

scanning electron microscopy (SEM), we obtained a thickness of < 100 nm for this insoluble part

(Figure 59b). For the Ar+-ions we simulated we also performed simulations of the interaction of the
ion projectile with the PS132 to determine the thickness of the skin layer h. The maximum thickness of
105 nm obtained by the simulations is in excellent agreement with experimental results from SEM.
Thus the simulations, which we used to determine h also for the other ions at different fluencies can
be considered valid.

15

2

Figure 59. (a) Microscopy image of an Ar+-irradiated PS substrate of 1 cm × 1 cm (30 keV, 10 ions/cm ) dipped into
toluene. The visible crumpled part is insoluble in the solvent and proves that the PS substrate was cross-linked by
irradiation with the ions. (b) SEM image of the gold covered crumpled part. The corrected thickness of the lamella is ∼
100 nm (subtraction of gold layer).

SFM Images of Xe+-Irradiated PS
Accelerated particles such as ions can interact with substrates in different ways. Atomic
displacements can lead to a surface sputtering effect resulting in a physical etching. After the ion
irradiation, we imaged a Xe+-irradiated PS (1013 ions cm-2) surface with scanning force microscopy
(SFM) (Figure 60a). In the phase contrast image, the irradiated parts can be clearly distinguished from
nonirradiated ones. The darker square-shaped area with a size of 32 µm × 32 µm corresponds to the
Xe+- irradiated PS. The phase contrast indicates a local chemical modiﬁcation of the surface
properties of the polymer. The irradiated parts are at most 4 nm lower than the nonirradiated
ones, indicating only marginal etching. After the sample was annealed at 110 °C in vacuum for 1 h,
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the PS substrate contracts opposite to the direction of stretching and expands perpendicular to it.
This behavior is typical for amorphous polymers and indicates a relaxation of stretched polymer
chains into a less stretched state133, 134. Therefore, after annealing the irradiated areas appear as
rhombi with an average lower diagonal length of 21.6 µm, a longer diagonal length of 65.5 µm, and a
side length of 34.5 µm (Figure 60b). In addition, ripples appear in the irradiated areas (Figure 60c).
They are almost uniaxial and are orientated perpendicular to the stretching direction with a
periodicity of 900±183 nm.
Determination of Poisson’s Ratio
From the change in the shape, Poisson’s ratio Úƒ of the rippled skin layer was calculated according to
F• ⁄F£ , where F•

Úƒ

…

…4 ⁄…4

Δ…⁄w4

and F£

,

,4 ⁄,4

Δ,⁄l4 are the

transverse and axial strains, respectively. They represent the relative changes in the width w or the
length l of the irradiated area with respect to its original width or length.

+

Figure 60. SFM images of a 200% stretched PS substrate after irradiation with a Xe ﬂuence of 10 13 ions cm-2 : (a) phase
contrast image and (b) change in the irradiated areas from square- to rhombic-shaped after annealing the substrates at
110 °C for 1 h in vacuum and (c) enlarged image of the scan of the rippled area.

In our experiments, the original lengths are those after annealing (i.e., after relaxation of the
substrate (rhombic shape)). Thus, …4

65¸

and ,4

21.6 ¸ . Because the surface is

topologically structured in the direction of ,4 ,the true length ,4,œ , following the amplitude of the
ripples is 23.7 µm. In the stretched case, the corresponding lengths are …

45.3 ¸
Úƒ

,

√2 · 32.0 ¸

owing to the quadratic shape. Thus, the Poisson ratio of the Xe+-irradiated area is

\9.( ß¢ – ×9.4 ß¢
\9.( ß¢ – (.Ö ß¢

(.Ö ß¢

à ×9.4 ß¢

0.333 µ 0.05. The same analysis was performed for the dimensions

of the whole PS substrate to get the bulk value ν b of nonirradiated PS. From stretching four different
PS substrates to a length of 200%, we obtained an average Poisson ratio of 0.309±0.030. Within the
limits of conﬁdence, both values are comparable to 0.334 for bulk PS and 0.38 for cross-linked PS at
room temperature, respectively135. The value for the irradiated area tends to be higher, which
supports the fact that it is more rubberlike, as expected for cross-linked PS. Because the rippling
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occurred during annealing close to the glass transition of PS, where Poisson’s ratio is 0.5, we take this
value for the later analysis based on equation 1) for both, Úƒ and ÚÁ 136.

Principle of Rippling and Local Young Modulus
Rippling as observed within the rhombic areas is typical for a relaxed layered polymer system.
Because rippling occurs only in the irradiated areas, it is proof for a chemically modiﬁed PS surface
layer. However, the order of the ripple orientation is less pronounced than for the perfectly parallel
ripples described in the cited literature. This result can be attributed to the high stretching ratio in
our samples. Equation 1) offers the possibility to calculate the Young modulus of the ion beam
induced skin layer from the ripple periodicity, the thickness of the skin layer, and the bulk materials’
Poisson ratio. Because rippling was induced at the glass-transition temperature of bulk PS, the
calculated Young modulus refers to this temperature. The ripple periodicity was measured directly
from averaged height proﬁles across the SFM images at room temperature. The change in the ripple
periodicity owing to cooling from the glass temperature to room temperature is ∼ 0.6% for a linear
expansion coefficient of 7 × 10-5 K-1 at 20 °C and thus negligible. To determine the thickness of the
skin layer h, we also performed simulations of the interaction of the ion projectile with the PS132. In

this way, we obtain a layer thickness h of ∼ 66 nm for the exposure to Xe+. With a ripple distance of

0.9 µm and Poisson’s ratios Úƒ and ÚÁ of 0.5 for the modiﬁed areas and bulk PS, respectively, this

leads to a calculated Young modulus of Dƒ

30DÁ in the rippled areas. The signiﬁcant increase of

Young’s modulus in the irradiated areas with respect to that of bulk PS indicates that the surface
becomes locally stiffer. Furthermore, it again conﬁrms a cross-linking in the surface137. To estimate an
absolute value for Dƒ , DÁ has to be taken at the actual temperature of rippling (i.e., at 383 K). This

temperature is above the glass transition of PS, where Young’s modulus sharply decreases owing to
the full segmental mobility of the polymer chains. At temperatures above the glass transition, an
elastic regime, the so-called rubber plateau, occurs, which is characterized by a dynamic shear
modulus GN. It offers the possibility to calculate DÁ at the rippling temperature according to
DÁ

Dƒ

2=h 1

ÚÁ

. With ÚÁ

136

0.5 and =h

14.5 p;^. This value provides Dƒ ⁄3

=h

138

with 2.6 MPa for chemically cross-linked PS .

16 p;^, we obtain DÁ

0.48 p;^ and

4.8 p;^ for the irradiated PS parts in agreement

Summary
We locally cross-linked surfaces of stretched polystyrene (PS) by irradiation with ions of different
mass (He+, Ar+, and Xe+) using a mask with square openings. As determined from Monte Carlo
simulations132, the thickness of the ion-beam-modiﬁed layer decreases with the mass of the ion and
is between ∼ 60 nm and ∼ 1 µm. By annealing the irradiated PS substrate above the glass

temperature, rippling within the irradiated areas occured. Analysis of the rippling distance revealed
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that the irradiated areas in PS behave elastically during contraction. The mechanical properties of the
modiﬁed surface layer can reasonably be characterized by a constant Young modulus, even though
the modiﬁcation of the PS surface layer is not uniform throughout its depth. The modulus increases
with the ion ﬂuence and the mass of the ion to hundreds of MPa at 110 °C. Cross- linking was directly
proven via the insolubility of a 100-nm- thick skin layer in toluene after irradiation with argon ions.
This thickness was conﬁrmed by the Monte Carlo simulations showing their validity for our
quantitative analysis. Our results suggest that the superﬁcial elastic properties of polymers can
locally be tuned via cross-linking by irradiation with ions over a range of at least two orders of
magnitude for Young’s modulus. Depending on the ions’ mass and/or the ion ﬂuence, different local
variations of desired Young’s moduli can be fabricated in this way.

7.2 Micromechanical Cantilever Sensors as a Tool to Characterize Polymer
Films
In the previous chapters I demonstrated that the mechanical properties of polymeric materials can
be determined by DMTA for bulk samples or by the analysis of ripples in thin films. However, for a
screening of the above mentioned parameters with DMTA, one would need large amount of
substance.
We have shown that the wrinkling method is a straightforward way for the determination of the
mechanical properties of thin polymeric films. This method relies on the differing mechanical
behavior of the substrate and the probed film, which is required to form wrinkles. In the above
presented study we modified a thin layer of a polymeric substrate to introduce this difference in
mechanical behavior by ion-irradiation. However, when different compositions of composite
materials are to be tested, the wrinkling method seems not to be applicable. The composites have to
be coated or transferred to flexible substrates (e.g. PDMS) which often involve solvents. The solvents
might change the properties of the substrate due to swelling or dissolution which is not feasible.
However, wrinkling might also work on a substrate like silicon which is resistant to solvents. We
could think of a silicon cantilever which is bended instead of a stretched substrate (Figure 61).
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R = 450 µm

Figure 61. A bended cantilever as a possible platform for wrinkling experiments. The bending radius in this case was
450 µm.

We can calculate the critical strain117, 139 at which rippling would occur on a silicon cantilever when it
is coated with a polymer.

Fœ

1 3DÁ 1 Úƒ
d
e
4 Dƒ 1 ÚÁ

⁄(

(7.2)

From equation (7.2) we can see that the critical strain is a function of elastic moduli ratio. By
inserting the values for silicon as a substrate (DÁ
(Dƒ

5 =;^, Úƒ

170 =;^, ÚÁ

0.23) and a typical polymer

0.4), equation (7.2) leads to a critical strain of approximately 500 %. Such a high

value is a result of the high elastic modulus of the silicon compared to the modulus of the polymer.
For a cantilever with a bending radius of 450 µm and a thickness of 5 µm (Figure 61) we calculate a
maximum strain at the upper surface of the lever of about 0.55 %. From these values we can
conclude that a bended cantilever can not be used for a wrinkling experiment. However, there is
another approach which utilizes a resonating cantilever to characterize the mechanical properties of
a thin film which I will introduce in the following.
Resonating Micromechanical Cantilevers
Here I want to introduce the concept of micromechanical cantilever sensors (MCS) as a tool to screen
properties of polymeric materials. In this chapter I will discuss the role of film parameters like
density, elastic modulus and film thickness on the frequency response of the cantilevers. To achieve
reproducible results the homogeneity of the film is a crucial parameter. I show that upon surface
modification of MCS with polymer brushes, Inkjet printed polymers formed homogenous films. We
will use the knowledge about the interaction of brushes and matrix polymers with certain molecular
weight (chapter 5 and 7) to promote the formation of homogeneous films on MCS.
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In addition I performed finite element analysis of uncoated and coated cantilevers to identify critical
parameters of the coating process. Subsequently, I describe how these surface-modified MCS, which
were coated with polymers via Inkjet printing, can be utilized to determine the mechanical properties
of the coating by measuring the resonance frequency of the MCS. A analytical approach was applied
to compare the measured resonance frequency of the coated MCS with theoretical values.
7.2.1 State of the art of thin film characterization using MCS
Microcantilever sensors were initially designed and fabricated as force sensors with extremely high
force sensitivity in the piconewton range, which allowed the measurement of forces between
surfaces by atomic force microscopy. The availability of cheap and mass-produced microcantilevers
triggered applications other than force sensing, where the microcantilevers act as physical chemical
and biological sensors140. The general sensing principle lies in the translation of a chemical or physical
process of a coating into a mechanical response of the cantilever. To detect such a mechanical
response, the MCS can be operated in two different modes. (i) The static mode, where the cantilever
deflection Δ‚ is monitored and (ii) the dynamic mode, where the cantilever resonance frequency f is

monitored141 (Figure 62).

a)

b)

c)
f

∆z

f

Figure 62. Operation modes of a coated micromechanical cantilever sensor. a) Static mode with asymmetric coating (red
film) and b) dynamic mode with end-attached mass (red block). c) The third schematic represents a combined version of
dynamic mode with asymmetric coating of the whole cantilever.

The static mode is based on changes of the surface stress E of the cantilever surface. The stress can
be caused by e.g. attached molecules, evaporated metal films or applied polymer films on one side of

the cantilever. As a consequence of this surface stress, the cantilever bends downwards or upwards
which corresponds to a negative or positive deflection Δ‚ (Figure 62a). The deflection is related to
the surface stress described by Stoney’s formula142
Δ‚

3E 1 Ú &
f g
D
†

(7.3)

Herein Ú is the Poisson’s ratio and E the Young’s modulus of the cantilever. L and h are the cantilever

length and thickness respectively. Using a modified version of Stoney’s equation, Zhao et al.143 were

able to separate the contributions of thermal expansion and surface energy to the response of
polystyrene coated microcantilevers.
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The dynamic mode is typically used for high resolution mass sensing. In such an experiment the mass
is located at the end of the cantilever (Figure 62b) and the frequency shift due to the attached mass
is monitored. The mass change can then be calculated by
Δ

G
1
d
4Q +»Â£¶

1
e
+

(7.4)

where k is the spring constant and + the fundamental resonance frequency of the bare silicon
cantilever. +»Â£¶ is the resonance frequency of the loaded cantilever144. By accurate calibration of the

cantilevers and consideration of a correction term which accounts for the exact position of the added
mass, sensitivities of subattogram were achieved145. When the cantilever is uniformly coated (Figure
62c) equation (7.4) changes to
Δ
where ›
H

›·
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d
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+

(7.5)

0.2427 for the first resonance mode and accounts for the effective mass of the cantilever

á

.

In the past years many publications about material characterization using MCS were focused on thin
metal films146-148. Since the deposition techniques like evaporation or sputtering were highly
improved in the last decade, the deposition of thin metal films with exceptional purity and roughness
became possible. Furthermore, with focused ion beam and silicon micromachining techniques, the
fabrication of sophisticated microstructures became possible. Kieswetter et al.149 reported about the
determination Young’s modulus of SixNy thin films prepared as microcantilevers using standard silicon
micromachining techniques. They fabricated 0.54 µm thick cantilevers with lengths ranging from 200
to 800 µm and measured a Young’s modulus of about 99 GPa with an error of 11 % using the
resonance method. Haque et al.150 developed a micrometer scale tensile testing setup and were able
to investigate free-standing Al films of 200 nm thickness. They performed in-situ tensile testing in a
scanning electron microscope and a transmission electron microscope and recorded stress strain
curves. They found an elastic modulus of about 74.6 GPa which is close to the bulk modulus of
Aluminum. However, both techniques are only applicable for materials which can be fabricated by
standard silicon micromachining techniques.
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As mentioned before, micromechanical cantilever sensors offer a very sensitive platform to detect
changes in properties of a coated layer or an attached mass. One of the key issues of MCS used as
sensors for changes of thin film properties (elastic modulus, swelling, thermal expansion, mass
uptake) is the coating process and the quality of the resulting thin film. Bietsch et al.151 used Inkjet
printing to functionalize cantilever array sensors. By coating the cantilevers with various sensor
layers they were able to fabricate a chemical gas sensor to distinguish vapors of water and ethanol
(Figure 63). Bietsch et al. could show that deposition of polymeric materials on cantilevers via Inkjet
printing is in principle possible. However, the film quality plays a crucial role when it is the task to
develop a device for quantitative sensing. The thickness of the film should be constant along the
cantilever axis and the film should cover the whole cantilever homogeneously which is obviously not
the case in their experiments (Figure 63).

Figure 63. Optical micrograph of cantilevers coated with different polymers by inkjet printing of dilute solutions.
151
Unmodified figure taken from .

Furthermore, in their experiments the cantilevers were coated with titanium (1 nm) and gold (20 nm)
before deposition of the polymers. Titanium has a high elastic modulus (122 GPa) and a moderate
density (4.507 g/cm3)152 compared to a gold film which has an elastic modulus of 80 GPa (factor 1.5
lower than Ti) but a density of 19.32 g/cm3 (factor 4 higher)153. A calculation of the mechanical
response of such a multilayered system is difficult. Thus, a simple double layered system would be
desirable.
7.2.2 Critical parameters for polymeric films
Film thickness and density
When MCS are used for the quantification of film properties, the thickness of an applied film
becomes an important parameter. In a more general way, it is the ratio of cantilever thickness h1 to
film thickness h2 that determines the frequency response of a vibrating coated cantilever. To
calculate the elastic modulus of a polymer from the resonance frequency of a cantilever, it would be
straight forward to fabricate a cantilever from the polymer directly († ⁄†

0). In this case

equation (3.22) can be applied to calculate the elastic modulus of the polymer. Ransley et al.154
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reported a non-vacuum fabrication process to produce arrays of SU8 cantilevers and demonstrate
their application as chemical sensors. SU8 is an epoxy-based, negative photoresist which is
commonly used in micro lithography and therefore it is well characterized. Recently, Keller et al.155
reported an optimized process to fabricate SU8 cantilevers with an initial bending below 20 µm and
high spring constants. Other materials like TOPAS156 and PDMS157 were also reported as starting
materials to fabricate micro cantilevers. As mentioned before, not all materials can be processed
with lithographic methods to fabricate cantilever structures and furthermore this method is not
suitable for a sceening.
Standard silicon cantilevers can act as a support on which the material of interest can be deposited.
Typically the elastic modulus of polymers is one order of magnitude lower than the elastic modulus
of silicon (E = 170 GPa158 and 2-5 GPa154-156 for SU8 and TOPAS). In order to calculate the shift of the
resonance frequency as a function of the film thickness we assume the following model system. A
silicon cantilever with a length of 750 µm, a width of 90 µm and a thickness of †

5¸

having an

elastic modulus of 170 GPa is coated with a polymer having a elastic modulus of 3.5 GPa and a

titanium film with an elastic modulus of 122 GPa. We calculated the resulting frequency f according
to equation (3.23) which attributes to both, the density and the rigidity of the film. The resonance
frequency of the uncoated cantilever is +4

12248 ´‚. The density of the film is directly

proportional to the mass which is added to the cantilever and the rigidity reflects the elastic modulus
of the film material. Consequently we can calculate the effect on the resonance frequency which is
caused by the added mass only by using equation (7.5). Since the polymer has relatively low elastic
modulus (3.5 GPa) compared to the silicon cantilever (170 GPa) the relative frequency shift of the
coated cantilever is mainly driven by the added mass as can be seen from the same trend of the red
and black curve in Figure 64a. When the frequency shift calculated from equation (3.23) is corrected
by the mass effect (equation (7.5)) we obtain the effect of the rigidity only. If we consider all
experimental errors and the sensitivity of the setup we might say that a frequency shift of 20 Hz is
measureable with a sufficient small error. To achieve this shift the effect of the rigidity for the above

defined polymer film, a film thickness of † Ê 280 ›
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would be necessary († ⁄†

18).
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Figure 64. Resonance frequency of a 750 µm long, 90 µm wide and 5 µm thick cantilever as a function of the polymer film
thickness. Effect of mass, rigidity + mass and rigidity only are plotted for a) a polymer film and b) a titanium film. The
resonance frequency of the bare cantilever is f0 = 12248 Hz.

In contrast, when we calculate the same curves for a titanium film with an elastic modulus (122
GPa)152 which is comparable to the elastic modulus of the silicon, a 20 Hz shift is already achieved at
a film thickness of 8 nm, i.e. † ⁄†

625 (Figure 64b). The mass effect is much stronger for the

titanium than for the polymer, which is a consequence of the higher density of titanium (4.5

g/cm³)152 than of our model polymer (1.1 g/cm³). These findings lead us to important conclusions for
the investigation of mechanical properties polymer films coated on silicon cantilevers.
1. To measure a change in resonance frequency of 20 Hz due to the effect of elastic modulus
(rigidity) of a polymer film which is coated on a silicon cantilever, the polymer film has to be
sufficiently thick, i.e. † ⁄† = small.

2. The higher the elastic modulus and the lower the density of the film, the bigger is the change
in resonance frequency due to changes of the elastic modulus of the film.
Another important parameter for the coating process of MCS with polymers is the film quality in
terms of homogeneity. How this parameter is controlled and how homogeneity can be tailored, I will
describe in the next section.
7.2.3 Surface initiated polymerization on silicon cantilevers
When cantilevers are used in the dynamic mode to characterize mechanical properties of the coated
thin film, the quality of the film becomes important. To calculate the resonance frequency of a
coated cantilever analytically by equations (3.22), (3.23) and (7.5), the shape of the film has to be
describable mathematically in terms of Euclidean geometry. The ideal and most simple case is a
rectangular geometry of both, the cantilever and the film (Figure 65).
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Figure 65. The ideal geometry of a double layer system like a coated cantilever. Both, the cantilever and the film have a
perfect rectangular shape which can be described by Euclidian geometry.

When the film is inhomogeneous or the polymer dewets the cantilever (Figure 66a, d), the
characterization of the film becomes impossible. Therefore we applied the same concept of grafting
polymer brushes via ATRP which we used for the modification of µgels particles described earlier. In
this way the surface energy difference between the silicon surface of the cantilever and the polymer
is lowered. The immobilization of the primary ATRP-initiator was carried out in a modified Schlenk
setup consisting of a Schlenk tube with a special holder for the MCS. The Schlenk tube was connected
to a Schlenk flask which contained the reaction solution159. Using this modified setup it was possible
to graft PEMA brushes from the silicon surface of the MCS (Figure 66b)70. With these surface
modified MCS it is possible to deposit a homogeneous polymer film at the cantilever surface via
Inkjet printing (Figure 66c, e).

b)

a)
Ink jet

d)

c)

Polymer brush

e)

Figure 66. a) Inkjet printing of a polymer solution on a non modified cantilever leads to dewetting. b) Grafting of polymer
brushes leads to a covalently bond “interfacial” layer. c) The grafted polymer brushes suppress dewetting and enable
deposition of homogeneous polymer films. d) On unmodified cantilevers the PEMA dewets the surface. e) On modified
cantilevers, Inkjet printing of homogeneous films became possible.

To check the influence of grafted polymer brushes on the wetting behavior of printed PEMA we
prepared two microcantilever arrays with a length of the levers L = 750 µm. On the first array we
grafted a layer of polymer brushes with a thickness of 25±1 nm measured with Ellipsometry. The
second array was left blank and was used without further treatment. According to Kim et al.160 we
calculated a molecular weight N (Mw) of the grafted brushes as
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pâ
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Γ

(7.6)

where q is the mass density of the PEMA, O• is the thickness of the brush layer, Γ is the grafting
density and Na is the Avogadro’s constant (6.0221×1023 mol−1).
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Since we know that complete wetting of a flat substrate occurs when1 N/P > 1 we therefore chose a
homopolymer P with low Mw to print on the grafted cantilevers. The printing was performed with a
solution of PEMA homopolymer with Mw of 14600 g/mol (N/P = 6.6). We prepared a solution of 10
mg/mL in toluene which was then printed on the MCS using the Nano-Plotter as follows. A printing
pattern was designed consisting of 13 drops along the axis of the lever with a spacing of 70 µm
between the drops. The small spacing allowed the drops to merge easily. The drops were ejected
with a voltage of 75 V and a pulse time of 50 µs at a distance between nozzle and lever of 0.5 mm.
After the printing process an optical photograph of the two arrays was taken with the camera of the
Nano-Plotter (Figure 66). On the unmodified cantilevers the printed PEMA dewetted from the
surface during the evaporation of the toluene (Figure 66d). The dewetting led to an inhomogeneous
film which can not be used for any sensing applications or for material characterization. In contrast,
the cantilevers which were modified with polymer brushes permitted the deposition of a
homogeneous, smooth film which covered the whole cantilever (Figure 66e).
The thickness of the PEMA film was then measured by SEM to be 1.01 µm. We found the thickness of
the film to be constant along the cantilever axis with deviations less the 0.05 µm. According to
equation (3.23) we calculated a resonance frequency for the coated cantilever of 12605 Hz for the
first resonance mode by using the parameters given in Table 6. For silicon we assumed an elastic
modulus of 170 GPa and a density of 2.33 g/cm³. For PEMA we deduced the elastic modulus
(1.42 GPa) from the DMTA measurement in (Figure 36). The density was 1.119 g/cm³. The measured
resonance frequency was 12628 Hz. Furthermore, we performed a finite element analysis (Figure 67)
of the uncoated and the coated cantilever with ANSYS to compare theoretical and experimental data.

a)

b)

c)

Figure 67. Simulated mode shapes for a cantilever with dimensions given in Table 6.
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The first three vibration modes were simulated and showed the expected shape for flexural and
torsional vibration (Figure 67a-c). Moreover, the simulated resonance frequencies were close to the
experimental and calculated frequencies (Table 6)
Table 6. Parameters for the brush coated cantilever with an Inkjet printed PEMA film. f0 denotes the resonance
frequency of the uncoated cantilever. f1 and f2 denote the first and the second resonance mode of the coated cantilever
respectively.

Cantilever
Polymer film

Experiment
Equation (3.23)
ANSYS

L [µm]
750
ρ [g/cm³]
1.119
f0 [Hz]
13137
13134
13060

w[µm]
90
E [GPa]
1.42
f1 [Hz]
12628
12605
12554

h1[µm]
5.355
h2 [µm]
1.01
f2 [Hz]
79570
78997
78618

From the results in Table 6 we can see that the measured resonance frequency is 23 Hz higher as the
calculated resonance frequency for the first resonance mode and 735 Hz higher for the second
resonance mode. A possible reason for this discrepancy is the frequency dependence of the elastic
modulus of polymers. This dependency can be seen in all the DMTA measurements shown in the
previous chapters. Within more than ten decades in the frequency window, the elastic modulus
varies about seven decades. The resonance frequency which was calculated by using equation (3.23)
was based on an elastic modulus of 1.42 GPa, deduced from a DMTA measurement. However, by
rearranging equation (3.23) and inserting the measured resonance frequencies we can calculate the
elastic modulus of the PEMA film for the first and the second resonance mode. By doing so, we
derived an elastic modulus of 2.20 GPa at 12628 Hz and 4.53 GPa at 79570 Hz.
7.2.4 Mechanical spectroscopy with cantilevers
The relation between frequency and elastic modulus could be used to perform a mechanical
spectroscopy experiment like DMTA with a polymer coated cantilever. In particular it would offer the
possibility to screen the mechanical properties of a sample if only a small amount of substance is
available. To verify the applicability of polymer coated cantilevers as sensor platforms for mechanical
spectroscopy we can utilize the frequency-temperature equivalence principle44. In a typical DMTA
measurement this is either done by sweeping the frequency at a given temperature of the sample to
construct a mastercurve or by sweeping the temperature at a fixed frequency to deduce the
modulus-temperature relation. For an experiment with a cantilever the second way seems to be
more applicable because the temperature of the specimen can be varied easily while the frequency
steps are limited to the resonance modes of the lever.
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To check if the results of a cantilever experiment can be compared to the results of a typical DMTA
measurement we need to know the relation between elastic modulus and temperature at the
frequency of the cantilever. This relation can be deduced from a master curve by using the WLF
equation. In a rearranged form (equation (3.9)) it states that the viscoelastic behavior at one
frequency (NWXY ) can be related to that at another frequency (N) by a change in the temperature
scale only.
V

VWXY

1

a

a

N
,[` fN g
WXY

Since we know =’ and =’’ at N for a given reference temperature from the mastercurve and C1 and C2

from the shift factors, we can transform the master curve to a temperature dependent expression.
To check if this transformation is valid we first measured the dynamic response of a PEMA
homopolymer with Mw= 15k (Table 3) at a frequency of 10 rad/s for temperatures between 50 and
140 °C with a heating rate of 2K/min (Figure 68a). Subsequently we transformed a mastercurve that
we have already measured before (Figure 37a) by using equation (3.9) to get the dynamic response

G', G'' [Pa]

G', G'' [Pa]

with respect to the temperature (Figure 68b) at 10 rad/s.
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Figure 68. a) Temperature dependence of G’ and G” of PEMA homopolymer with Mw= 15k. The heating rate was 2 K/min
and the reference frequency å#æÙ = 10 rad/s. b) Transformed mastercurve at 10 rad/s.

From Figure 68 we can see that the transformation of a mastercurve to a temperature dependent
response curve is valid in the temperature range from 60-120 °C. First, the curves of G’ are showing
the same progression between 60 and 120 °C. Beyond 120 °C the polymer is creeping already which
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might lead to the differences between the measured and the transformed curve. Second, the curves
for G’’ are also showing the same progression between 60 and 120 °C. From the measured G’’ (Figure
68a) we can deduce the glass transition point at the maximum of the G’’ curve 161 as Vº = II ¢£|

72 °a which is in good agreement with the glass transition we measured via DSC Tg = 68 °C (Table 3).
The glass transition which we deduced from the transformed curve is Vº = II ¢£|

70 °a (Figure

68b). The conformity of the curves for G’ and G’’ and the agreement of the glass transitions for the
measured and the transformed curves shows that the WLF equation can be used to transform a
mastercurve to a temperature dependent dynamic response curve for a given frequency, e.g. the
resonance frequency of a cantilever.
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Temperature sweep with polymer-coated cantilevers
A 750 µm long and 1.23 µm thick cantilever was covered with polymer brushes as described earlier.
Then a solution of PEMA with Mw = 15k was printed via the Inkjet printer and a homogeneous film
was formed. The thickness was measured with ellipsometry to 260 nm which results in † ⁄†

5.

We chose a thin cantilever and a thin polymer film, to ensure homogeneous temperature field over

the whole cantilever while heating it up. The cantilever was mounted on a piezo driven cantilever
holder for vibration excitation. The polymer covered face of the cantilever was adjusted ~2 µm above
a heating stage and the resonance frequency was read out via a laser which was reflected on the
backside of the lever. The temperature was increased stepwise from 20 to 250 °C. After holding each
temperature for 10 minutes, a frequency spectrum was recorded. The maximum of the resonance
peak was chosen as the resonance frequency and the full width half maximum (FWHM) was deduced
from the shape of the peak. The frequency curve was corrected by the contribution of the silicon due
to heating (0.3 Hz/°C) which was measured with a blank silicon cantilever of the same size.
The temperature dependent dynamic response curve for PEMA at a frequency of 3.2 kHz is shown in
Figure 69a (filled squares). By comparing the storage modulus at 3.2 kHz with the storage modulus at
1.6 Hz (10 rad/s) in Figure 68 we can see that the curve is shifted to higher temperatures while the
shape of the curve remains similar. The viscous part of a DMTA measurement is described by the loss
modulus G’’ (Figure 69a, open squares). From the G’’-curve we deduced a Vº = II ¢£|

which is 12 °C higher than the same curve at 1.6 Hz (Figure 68a).

80 °a,

The temperature dependent dynamic response of a PEMA-coated cantilever can be divided into two
parts. (i) The resonance frequency of the cantilever as a function of temperature (Figure 69b). (ii) The
full width half maximum (FWHM) of the resonance peak as a function of temperature (Figure 69c).
While the resonance curve is mainly correlated to the storage modulus of the coating, the FWHM
curve can be correlated with the loss modulus because it reflects the damping of the vibration.

P a g e | 97

10

9

a)

G', G'' [Pa]

108
10

7

10

6

10

5

10

4

10

3

0

Frequency [kHz]

40

60

80 100 120 140 160 180 200 220 240 260

40

60

80 100 120 140 160 180 200 220 240 260

40

60

80 100 120 140 160 180 200 220 240 260

Temp [°C]

b)

3.2
3.1
3.0
2.9
2.8
0
200

FWHM [Hz]

20

20

Temp [°C]

c)

150
100
50
0
0

20

Temp [°C]

Figure 69. a) Temperature dependent storage modulus curve which was created by transforming the corresponding
master curve to a frequency of 3.2 kHz. b) Measured resonance frequency of a PEMA-coated cantilever. The frequency
was corrected by the contribution of the silicon (0.3 Hz/°C) due to heating. c) Measured FWHM of the resonance peak for
the PEMA-coated cantilever.

In the resonance frequency curve (Figure 69b) we can see that the frequency decreases from 3.22
kHz to 3.21 kHz between 20 an 80 °C. This small decrease of only 10 Hz might be attributed to the
softening of the PEMA with increased temperature. Starting from 80 °C the frequency decreases
significantly faster with increasing temperature until it reaches a frequency of 2.89 kHz at 250 °C.
Above the Tg of PEMA, the film is getting soft and it starts to flow leading to a decreased frequency.
Based on equation (3.23), we calculated storage modulus for PEMA of 14 GPa at 20 °C and 1.4 GPa at
250 °C. Firstly, these values are much higher that the values obtained by DMTA (Figure 69a).
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Secondly, they vary in a range of about one order of magnitude while the G’ and G’’ in the DMTA
measurements varies about 5 orders of magnitude in the same temperature range.
The discrepancy between the DMTA and cantilever results might originate in two effects. (i) Due to
the small thickness of the film, the mechanical contribution of the polymer between 20 and 80 °C is
too small to lower the resonance frequency sufficiently. (ii) Around 80 °C the polymer undergoes the
transition from one elastic state to another elastic state at higher temperatures. The viscous flow
region is still not reached but viscous damping comes into play. Viscous flow starts between 160 and
180 °C as can be seen from the slope of the G’ and G’’ curve above this temperature. Since the
resonance frequency curve describes only the elastic behavior of the coated PEMA, it would be
therefore interesting to see also the viscous behavior with increasing temperature.
At Vº = II ¢£|

80 °a which was deduced from the DMTA measurement we can observe a plateau

in the FHWM (Figure 69c, grey arrow) where the FWHM does not change significantly between 60

and 100 °C. This plateau might be connected to glass transition as described above. At temperatures
above 100 °C the FWHM is further increasing which implies that the polymer starts to flow. From the
DMTA measurement (Figure 69a) we observed an onset of flow between 140 and 160 °C. The melting
temperature of PEMA with Mw = 15 kg/mol is around 160 °C162. Because the Tg is frequency
dependent, the melting temperature should also depend on the frequency. In the FWHM curve
(Figure 69c) we saw a drop of the FWHM between 240 and 250 °C which we assign to the melting of
PEMA.
We have seen from the transformation of the mastercurve to different frequencies that the resulting
curve of G’ and G’’ is shifted to higher temperatures. We have also seen that the frequency response
and the damping of a coated cantilever depend on the temperature. It would therefore be desirable
to check if this response can be reproduced by cantilevers with different frequencies. Furthermore,
the use of thicker polymer films might enhance the sensitivity and increase the contribution of the
polymer film to the resonance frequency.
Summary
The approach of surface initiated polymerization to lower the surface energy difference between
silicon and polymer and the subsequent Inkjet printing of polymer solution leads to homogeneous
polymer films when they are printed by Inkjet printing. The films had a sufficient thickness and
homogeneity along the cantilever axis. The consistency of the analytical data, the FEM simulations
and the experimental data shows that we were able to deduce the mechanical properties of an Inkjet
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printed polymer film by measuring the resonance frequency of the coated cantilever. For a 1.01 µm
thick PEMA film we derived an elastic modulus of 2.20 GPa at 12628 Hz and 4.53 GPa at 79570 Hz.
Furthermore micromechanical cantilever sensors have some advantages over typical methods to
measure mechanical properties of polymers like DMTA.
•

They are relatively cheap compared to setups needed for DMTA or SPM, since they can be
manufactured as mass products with conventional silicon microfabrication technologies.

•

Only a small amount of sample substance is needed since the size of typical MCS is in the
range of a few 100 µm.

•

The analyzing procedure is very fast since the response of MCS to changes of the applied
sample is very fast.

•

Furthermore, due to their geometry, MCS are highly sensitive sensor platforms for high
throughput and multiplexed detection.

By transforming a mastercurve of PEMA to a temperature dependent modulus curve we could show
that material parameters like the glass transition are shifting to higher temperatures when the
frequency is increased. By shifting such a curve to the frequency of a PEMA-coated MCS we could
show that the dynamic response of the coated MCS at different temperatures displays the
mechanical properties of the coated film. Although a quantitative analysis of the elastic moduli with
coated cantilevers resulted in values one order of magnitude higher than the values recorded by
DMTA, the mechanical response of PEMA at different temperatures could be related to DMTA
results.

7.3 Nanoparticle Monolayer Assembly on Silicon Cantilevers
Colloidal monolayers can be used to form highly ordered 2D crystals163. To form such 2D crystals the
nanoparticles are trapped at the air – water interface. By using a Langmuir-Blodgett trough, the
nanoparticles can be pushed together to form a hexagonal close-packed monolayer, which can then
be transferred onto a solid substrate. In this way a monolayer of polymeric colloids can be formed
where the thickness of the monolayer is determined by the diameter of the colloids. Recently it has
been shown that such monolayers can be transferred not only to large scale substrate but also to
micromechanical cantilevers164. By dry annealing or vapor annealing polymeric colloids can be fused
together to prepare layers with different architecture ranging from spot bonded particles to
continuous films (Figure 70). During the fusion of the colloids, the mechanical properties of the layer
change. This change can be tracked the resonance frequency of the cantilever. During a dry
annealing process, we expect that the mechanical properties of the layer will change due to two
effects. (i) First, the Young’s modulus of the colloids is decreasing and the layer becomes soft. This
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effect will lead to a decrease in resonance frequency. (ii) At a certain temperature the colloids start
to fuse together which increases the stiffness of the monolayer and leads to an increase in resonance
frequency.

a)

b)

2 µm

c)

400 nm

400 nm

Figure 70. Monolayer of polystyrene colloids on a cantilever at different stages of the fusing process. a) Colloids before
heating, b) during heating and c) at 180°C. Images by courtesy of Ting Liu.

When the cantilever is coated with a monolayer of spheres, a simple analytical expression for the
resonance frequency for a solid film like equation (3.23) can not be applied anymore. Therefore we
designed a finite element model consisting of a cantilever with the following dimensions. The
cantilever had a length of &

50 ¸ , a width of …

2.132 ¸

and a thickness †

0.5 ¸ . It

was coated with n spheres with a diameter D in a hexagonal close-packed pattern (Figure 71a). The

cantilever surface was turned hydrophobic by a chemical vapor deposition of a perfluorosilane
before deposition of the colloids. This step was necessary for the transfer of the colloids from the
floating monolayer to the cantilever164. It has to be noticed that the fusing process could be modeled
by simulating an overlap or bridging between the spheres like seen in Figure 70b. Such a model
requires extensive design of the FEM model for every stage of the fusing process, i.e. increased
overlap. To describe the principal change in resonance frequency of the cantilever during the fusing
process without extensive model design we therefore chose flexible contact approach described in
the following. As a boundary condition for the FEM model, the colloids must stay at their position,
e.g. they are not allowed to separate from the cantilever. Otherwise the model would turn into a
kinematic. Accordingly we chose a fixed contact between sphere and cantilever as a first boundary
condition ¸

á

(Figure 71b). This boundary condition mimics a physical connection of the sphere and

the cantilever at the contact point. In other words, at the boundary of the two geometries (sphere
and cantilever) they share one knot at the contact point. This connection allows no separation and
transmits tensile- and compressive forces. For the contact point between two spheres we defined a
variable boundary condition, ¸ , which transmits compressive forces and allows sliding of the

spheres. This condition is equivalent to friction between bodies, where the static friction coefficient
¸ between two solid surfaces is defined as the ratio of the tangential force required to produce
sliding, divided by the normal force between the surfaces. By varying ¸

we are able to mimic the
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fusion process of the colloids where the physical connection between spheres becomes stronger with
increasing temperature.

a)

µSS

b)

µSC

µSC

Figure 71. a) FEM model for the modal analysis of a cantilever coated with polymeric colloids. The colloids are arranged
in a hexagonal close-packed pattern (inset). The Image shows the calculated displacement for the first resonance mode
of the cantilever. b) The spheres have different boundary conditions. µSC and µSS representing the interactions between
sphere and cantilever and between spheres respectively.

Investigating the second stage of the fusing process, where the spheres start to fuse together, we
increased ¸
¸

from 0 to 1.0 (Figure 72). At ¸

0 the spheres can slide frictionless whereas at

1.0 the friction coefficient is two times the dry friction coefficient between two polystyrene

surfaces165. With increasing ¸

from 0 to 0.6 we see a small increase in the resonance frequency of

0.04%. At a friction coefficient of 0.7 the interaction between the colloids becomes strong and the
frequency shifts about 5% to higher frequencies. We assume that at ¸

0.7 the friction between

spheres becomes so strong that the spheres basically do not slide anymore but start to deform. This

assumption is supported by the fact that with further increase of ¸
When we set ¸

¸

á

the frequency stays constant.

which reflects physical connection between sphere and cantilever, the

frequency increases further to about 40%. At this point we have a different situation because now all
colloids are physically connected representing a single body. We also have to take into account that
the spheres were modeled with an elastic modulus of 3 GPa.
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Figure 72. Relative resonance frequency shift of a 50 µm long, 2.1 µm wide and 0.5 µm thick cantilever with a resonance
frequency of f0 = 275.581 kHz. Relative resonance frequency shift of the cantilever coated with 750 polystyrene spheres
with an elastic modulus of 3.0 GPa as a function of the friction coefficient between the spheres.

In the next simulation we varied the elastic modulus of the spheres imitating the first stage of the
fusing process where the polymer becomes soft with increasing temperature. The results of a modal
analysis are shown in Figure 73. The model consisted of a cantilever coated with 750 spheres. At high
elastic modulus of the spheres the resonance frequency of the cantilever is increased, represented
by a positive frequency shift.

1.6
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Figure 73. Relative resonance frequency shift of a 50 µm long, 2.1 µm wide and 0.5 µm thick cantilever with a resonance
frequency of f0 = 275.581 kHz. Relative resonance frequency shift of the cantilever coated with 750 polystyrene spheres
as a function of the Young’s modulus of the spheres.

Similar to the model system of a continuous titanium film which we developed before (Figure 64b),
the rigidity of the spheres contributes to the average rigidity of the cantilever, causing a positive
frequency shift. At moduli E < 3 GPa, the shift of the resonance frequency becomes negative. The
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shift to lower frequencies is because for very low moduli of the coating, the mass effect becomes
dominant. In this case we can see the similarity to the continuous polymer film in Figure 64a.
We will now connect the results of both simulations for spheres (Figure 72, Figure 73) and the
analytical results we got from our model system for films in Figure 64. When we draw a principal
trend of the resonance frequency for a cantilever which is coated with polystyrene spheres as a
function of temperature, we can differentiate different behaviors of the colloidal monolayer and the
continuous film (Figure 74). For low temperatures we have a certain resonance frequency of the
cantilever coated with spheres (Figure 74a). As the temperature is increased, the frequency will
decrease until a point (Figure 74b) is reached where the spheres start to fuse/merge. Upon further
heating the frequency will increase due to the increased contact strength between spheres until the
spheres have physical connection representing a single body (Figure 74c). The spheres are fused
together and a continuous film has formed. Due to further heating the film becomes softer and thus
the resonance frequency is decreased again until it reaches a minimum (Figure 74d). Upon cooling,
the film becomes stiffer which leads to an increased resonance frequency until it reaches its
maximum (Figure 74e). The final frequency of the film is higher than the frequency of the colloidal
monolayer.

frequency

e
a

c
d
b
temperature

Figure 74. Principal trend of the resonance frequency for a cantilever coated with polymeric spheres as a function of the
temperature.

Experimentally, this curve was already reproduced by Liu et al.166. In order to study the film
formation of colloidal polystyrene (PS) monolayers, non-crosslinked PS colloidal monolayers were
coated on a microcantilever array. The temperature was increased from room temperature up to
210 °C and the resonance frequency of the cantilever was recorded.
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8. Concluding Remarks and Outlook
Dispersion behavior and wear resistivity

I my thesis I investigated the interaction of surface grafted polymer brushes with like homopolymers
in materials such as composites composed of soft, polymer-grafted nanoparticles and
homopolymers. I found that the properties of these composites are substantially influenced by the
molecular weight ratio of polymer-brush and matrix polymer. The dispersion behavior and the
resistivity to surface wear were associated with the wettability of the brush-coated nanoparticles. A
transition from complete wetting to incomplete wetting of PEMA-g-nanoparticles was found at
molecular weight ratios (N/P) between 0.3 and 0.5. For composites with N/P > 0.5 good dispersion
and increased wear resistivity was observed while for N/P < 0.3 aggregation and no increase of the
wear resistivity was observed. With the nanowear experiment described in this work I gained insight
into surface nanowear effects in particular at a length scale of the nanoscopic filler particles, which
was not reported so far for such composites. Furthermore, the analysis method allows the definition
of a critical force for the quantitative comparison of nanoparticle-polymer systems of different
composition. Subsequently, by dynamic mechanical thermal analysis I could show that the Tg and the
elastic modulus of blends with N/P > 1 were preserved while the wear resistivity of these blends was
improved.
Further analysis of the composites which were investigated in this work could contribute to a
comprehensive understanding of the wetting mechanisms of polymer brushes. A direct
measurement of the wettability of the PEMA-g-nanoparticles would be very interesting since it could
confirm the theoretical results that were reported by Leibler et al.167 and Gay168 and the experimental
results of Mass et al1. The results for flat substrates were further developed for curved substrates like
spherical particles by Gast and Leibler169, 170, Vincent and co-workers171, 172 and some other groups.
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However, a direct measurement of the wettability in terms of contact angle between polymergrafted nanoparticles and like polymer matrix has not been reported so far.
The presented nanowear experiment and the analysis of the data might also be useful for the
analysis of self-healing polymers. Self-healing polymers have a structurally incorporated ability to
repair damage caused by mechanical stress. Initiation and propagation of cracks as well as other
types of damage on a microscopic level has been shown to change material properties like impact or
tensile strength. These changes could lead to whole scale failure of the material173. Typically, selfhealing polymers have been analyzed by first inducing cracks or damage. The cracks or damage were
induced by stretching the sample or by indenting/sliding the surface with spherical, conical or
tetrahedral probes. After the mechanical treatment a sample analysis with SEM or TEM of the
damaged area was performed174-176. This procedure has several disadvantages. The damage induced
by a mechanical treatment with macroscopic indenters or sliders causes dramatic changes in the
morphology of the probed material, i.e. macroscopic cracks. According to Wool and co-workers177,
the stages of self-healing are: (i) surface rearrangement, (ii) surface approach, (iii) wetting, (iv)
diffusion, and (v) randomization, ensuring disappearance of cracking interface. By the investigation of
the healing of such large material deformations via SEM, only the first two stages of the healing
process can be investigated. To get an understanding of the wetting, diffusion and randomization
stages, the application of the described nanowear experiment to such self-healing systems would be
beneficial. First, the induced damage is much smaller and can be furthermore tuned by adjusting the
normal applied force of the SPM tip. Due to the high resolution of the SPM it might be possible to
investigate the diffusion and randomization of the polymer during the healing process. Second,
visualization of the treated surface is directly accessible without transferring the sample to other
devices. This would also enable the dynamic tracking of the healing process.

Cantilever sensors

For the characterization of the PEMA-g-µgels and the composites with PEMA homopolymers we have
used classic techniques like DMTA, SPM or X-ray scattering. We used the results of the different
techniques to draw a picture of how such polymer-grafted nanoparticles behave when they were
mixed with like homopolymers. Similar to the results of Green and Mewis7 for nanoparticles in dilute
P a g e | 106

suspensions we found that the molecular weight ratio of brush and matrix is a crucial factor for
properties like dispersion behavior or wear resistivity. However, the classic techniques are somewhat
limited when a screening of more than one parameter like molecular weight is desired; they become
too time consuming and a high amount of material is required. We therefore introduced the concept
of mechanical cantilever sensors as a platform for the investigation of mechanical properties of
polymers. The polymers were applied as thin films via Inkjet printing from solution for which only
small amount of material were needed. We successfully applied the approach of surface initiated
polymerization, which we used before to tailor the miscibility of the PEMA-g-µgels, to lower the
surface energy difference between silicon cantilever and printed polymer. In this way homogeneous
films with reasonable thickness could be printed.
On the unmodified cantilevers the dewetting of PEMA during the evaporation of the toluene was
observed. The dewetting led to an inhomogeneous film which is not applicable for any sensing
applications or for material characterization. In contrast, the cantilevers which were modified with
the presented grafting method permitted the Inkjet-deposition of a homogeneous, smooth film
which covered the whole cantilever.
From theoretical considerations we identified the thickness and the homogeneity of the polymer film
as critical parameters for the analysis of the mechanical properties of the polymer film. By using an
analytical approach and FEM simulations we were able to reproduce experimental results of an Inkjet
printed PEMA film by measuring the resonance frequency of the coated cantilever.
Taking into account that the mechanical properties of polymers depend on the frequency, we proved
that a mathematical transformation of a master curve to a temperature dependent modulus curve
can be experimentally reproduced. Subsequently by comparing the dynamic response of a polymercoated MCS (frequency and damping) at different temperatures with the transformed curve we have
shown that the response displays the mechanical behavior of the coated film. However, it would be
desirable to construct a full mastercurve by using the dynamic response of the cantilever. Thus, I
suggest printing a polymer on surface grafted cantilevers with different length. Because of their
differing length the levers have also a differing resonance frequency. Upon measuring the resonance
frequency and the damping of the cantilevers at different temperatures one could mimic a classic
DMTA experiment. To increase the sensitivity of the experiment I propose to print the polymer on
both sides of the cantilever. In this way an initial bending of the lever caused by the asymmetric
coating would be eliminated. Furthermore, the ratio of cantilever to polymer thickness would be
decreased which also increases the sensitivity.
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